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ABSTRACT

MODELING MECHANICAL RESPONSE OF AISI 4340 STEEL UNDER
VARIOUS COMPRESSIVE STRAIN RATES

Aygüzer, Cansu

M.S., Department of Metallurgical and Materials Engineering

Supervisor: Assoc. Prof. Dr. Caner Şimşir

December 2023, 111 pages

In defense industry, materials that could endure the extreme conditions of bullet im-

pacts and explosions are requested. For that purpose, high strength steels and alloys

as in quenched and tempered state are frequently preferred as protective structures.

The subject steel in use is dynamically deformed due to high strain rates and ele-

vated temperatures. The underlying mechanism in this kind of applications is quite

complex and difficult to resolve analytically. Since protective structures are of great

importance, the performance of these materials during the exposure has always been

investigated and new remedies are tried. Therefore, models derived to express the

mechanical response of materials has gained attraction. Modeling and simulating the

flow behavior of materials facilitates the examination of appropriateness of improve-

ments tried in materials by eliminating the requirement of experimentation.

In this study, the plastic behavior of AISI 4340 armor steel is investigated through

experiments conducted by Split Hopkinson Pressure Bar and physical-based model-

ing. Specimens manufactured from AISI 4340 steel are tempered in temperatures in

between 450°C and 650°C. In the experimental part, strain rates around 500 s-1 and

1000 s-1 are tested.
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Here, having a generic approach to express the mechanical response of materials

strengthened by quenching and tempering is aimed. For that purpose, yield strength

is modeled by benefiting from the equations developed for each strengthening mech-

anism separately. For the flow stress at high strain rates, models of Kocks-Mecking

and Bergström are combined and evolution of dislocation density under the effect of

strain hardening and dynamic recovery is covered. The total yield strength and flow

stress values are summed up with three different methods. The linear summation

method and method proposed by Galindo and Nava are capable of giving a closer

insight about the yield point of AISI 4340 steel while the RMS method fails to result

in approximate values. For the flow stress, for samples tempered at relatively lower

temperatures the linear summation and Galindo-Nava method yield a great agreement

with the experimental data while the RMS method underestimates the stress values

for all the samples. From both of the strain rates, it is concluded that this model is not

capable of representing the dynamic recovery effect accurately although the slopes of

the curves are similarly obtained by RMS method. Therefore, it is declared that this

model is not able to cover the plasticity of quenched and tempered samples for all

loading conditions.

Keywords: AISI 4340 steel, Split Hopkinson Pressure Bar, constitutive modeling,

Kocks-Mecking model, high strain rate
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ÖZ

AISI 4340 ÇELİĞİNİN MEKANİK DAVRANIŞININ FARKLI SIKIŞTIRICI
GERİNİM HIZLARINDA MODELLENMESİ

Aygüzer, Cansu

Yüksek Lisans, Metalurji ve Malzeme Mühendisliği Bölümü

Tez Yöneticisi: Doç. Dr. Caner Şimşir

Aralık 2023 , 111 sayfa

Savunma sanayinde, mermi darbeleri ve patlamaların ekstrem koşullarına dayanabi-

lecek malzemeler talep edilmektedir. Bu amaçla, su verilmiş ve temperlenmiş haldeki

yüksek mukavemetli çelikler ve alaşımlar koruyucu yapı olarak sıklıkla tercih edil-

mektedir. Kullanılan söz konusu çelik, yüksek gerinim oranları ve yüksek sıcaklıklar

nedeniyle dinamik olarak deforme olmaktadır. Bu tür uygulamalarda altta yatan me-

kanizma oldukça karmaşıktır ve analitik olarak çözülmesi zordur. Koruyucu yapılar

büyük önem taşıdığından, bu malzemelerin maruziyeti sırasındaki performansı her

zaman araştırılmış ve yeni çözümler denenmiştir. Bu nedenle, malzemelerin meka-

nik tepkilerini ifade etmek için türetilen modeller ilgi çekmiştir. Malzemelerin akış

davranışlarının modellenmesi ve simüle edilmesi, deney yapma zorunluluğunu orta-

dan kaldırarak malzemelerde denenen iyileştirmelerin uygunluğunun incelenmesini

kolaylaştırmaktadır.

Bu çalışmada, AISI 4340 zırh çeliğinin plastik davranışı, Split Hopkinson Basınç Çu-

buğu ile yapılan deneyler ve fiziksel tabanlı modelleme yoluyla incelenmiştir. AISI

4340 çeliğinden üretilen numuneler 450°C ile 650°C arasındaki sıcaklıklarda tem-
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perlenmiştir. Deneysel kısımda, 500 s-1 ve 1000 s-1 civarında gerinim oranları test

edilmiştir.

Burada, su verme ve temperleme ile güçlendirilmiş malzemelerin mekanik tepkisini

ifade etmek için genel bir yaklaşımın olması amaçlanmıştır. Bu amaçla, her bir güç-

lendirme mekanizması için ayrı ayrı geliştirilen denklemlerden yararlanılarak akma

dayanımı modellenmiştir. Yüksek gerinim hızlarındaki akış gerilmesi için Kocks-

Mecking ve Bergström modelleri birleştirilerek gerinim sertleşmesi ve dinamik to-

parlanma etkisi altında dislokasyon yoğunluğunun gelişimi ele alınmıştır. Toplam

akma dayanımı ve akış gerilmesi değerleri üç farklı yöntemle toplanmıştır. Doğrusal

toplama yöntemi ve Galindo ve Nava tarafından önerilen yöntem, AISI 4340 çeliği-

nin akma noktası hakkında daha yakın bir fikir verebilirken, RMS yöntemi yaklaşık

değerlerle sonuçlanamamaktadır. Akma gerilmesi için, nispeten düşük sıcaklıklarda

temperlenmiş numuneler için doğrusal toplama ve Galindo-Nava yöntemi deneysel

verilerle büyük bir uyum sağlarken, RMS yöntemi tüm numuneler için gerilme de-

ğerlerini gerçek değerin altında tahmin etmiştir. Her iki gerilme oranından da, eğri-

lerin eğimleri RMS yöntemiyle benzer şekilde elde edilmesine rağmen, bu modelin

dinamik iyileşme etkisini doğru bir şekilde temsil edemediği sonucuna varılmıştır. Bu

nedenle, bu modelin tüm yükleme koşulları için su verilmiş ve temperlenmiş numu-

nelerin plastisitesini kapsayamadığı beyan edilmiştir.

Anahtar Kelimeler: AISI 4340 çeliği, Split Hopkinson basınç çubuğu, yapısal model-

leme, Kocks-Mecking modeli, yüksek gerinim hızı
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Deniz Aydoğan, Oğuzcan Dedeci, Buse Borucu and Utku Kaftancıoğlu for their sup-
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CHAPTER 1

INTRODUCTION

Modeling and simulating the mechanical properties of materials became prominent in

recent years. Especially in military applications, prediction of mechanical response

has gained importance. Protection is a vital key point for the defense industry. The

ability to withstand massive deformations is highly desirable, and achieving optimal

resistance while addressing concerns related to manufacturing processes is a key fo-

cus. The overall objective is to enhance the mechanical behavior of armor materials,

reducing design costs without compromising the required endurance. Since these

structures are utilized to avoid any damage that could come from explosions, bullet

penetrations, blast threats, projectiles and so on, outstanding performance is expected

from what material they are produced from. High strength and high hardness are

the first two important macroscopic demands that must be addressed. Armox 500T,

Armox 600T, rolled homogeneous armor (RHA), improved rolled homogeneous ar-

mor (IRHA), AISI 4340 are among the most encountered armor steels in the industry.

Given the critical applications, there have been a great deal of attempts to improve

the lifetime and strength of armor metals with the aid of the developments in the

technology. However, conducting experiments to observe the effects of fortifications

on performance is costly and time-consuming. During application of such massive

deformations, subject material might be exposed to strain rate range starting from 102

to beyond 104. Since these rates are reached from zero in microseconds, heat trans-

ferred from kinetic energy cannot have sufficient time to dissipate within the system.

It is generally accepted that 90% of the mechanical work forced upon the material

is trapped as heat. Therefore, these applications impose high strain rate and adia-

batic heating on the subject steel. Under these circumstances, mechanical response

differs from the quasi-static conditions. Due to the aforementioned drawbacks and

1



limitations of physical investigation, estimation of flow behavior becomes prominent.

Depending on the derivation of approach, changes conducted in heat treatment param-

eters, chemical composition and so on can be viewed by constitutive modeling. Since

the constraints introduced by experimental procedures are eliminated by modeling,

computational calculations of mechanical behavior become practical and beneficial.

Constitutive equations serve to mathematically describe the mechanical properties of

materials and are categorized into two main groups as empirical and physical-based

models. Empirical models estimate flow stress based on experimental outcomes, de-

rived by fitting results into mathematical expressions which exclude the consideration

of physical aspects that occur during the deformation [1, 2]. While empirical mod-

els are widely referenced in the literature due to the ease of evaluating inputs, they

are limited by parameters specific to the material, microstructure, and heat treatment

conditions [1, 2]. The validity of these equations is also reported to be constrained in

different studies.

On the other hand, physical-based models focus on microstructural changes during

deformation, grounded in dislocation theory and thermodynamics. Input parameters

generally possess a physical meaning as opposed to the ones in the empirical expres-

sions. However, a larger number of parameters are integrated into the physical-based

models relative to the empirical ones. For the derivation of empirical equations, first

experiments must be conducted to extract parameters from the results by curve fit-

ting which costs extra money and time. The microstructural quantities as inputs for

the physical-based models are either extracted from experimental results or simula-

tions accomplished through software. The latter one is frequently preferred for the

optimization of parameters which makes physical-based models a practical and effi-

cient approach to use. After the derivation of both of the models depending on the

preference, materials are tested under high strain rate for verification.

To predict the possible effects of improvements that could be achieved for the per-

formance of engineering components, a model developed in the light of the thor-

ough understanding of complicated relationship between mechanical response and

microstructure can provide predictions closer to what is observed by experimental

data [3, 4]. Hence, the physical-based models that estimate the mechanical properties
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by constructing a correlation between macroscopic and microscopic features could

be more precise as highlighted in the literature. For the flow stress prediction, ev-

ery strengthening mechanism that contributes to the total behavior is considered in

physical-based models.

The aim of this thesis is to utilize a physical-based model for AISI 4340 steel to

describe the flow stress under high strain rate impact with a motivation of using this

built equation for further, possible improvements in heat treatment of this steel or for

a brand-new material strengthened by quenching and tempering similar to AISI 4340.

For that purpose, AISI 4340 steel is manufactured to the desired dimension then to be

tested at high strain rates with Split Hopkinson Pressure Bar system. The comparison

of the utilized physical-based model with the experimental results is accomplished

for verification.
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CHAPTER 2

LITERATURE REVIEW

2.1 Microstructural Evolution of AISI 4340 Steel During Quenching and Tem-

pering

Steels are generally strengthened through quenching and tempering heat treatment as

it is the case for AISI 4340 steel used in ballistic applications [5]. The maximum at-

tainable hardness for steels is possible with the transformation of matrix from austen-

ite to martensite [6, 5, 7, 8]. To achieve that transformation nearly around 100%, the

main prerequisite is to have fully austenitic microstructure before this reaction. There-

fore, austenitization conditions are determined to ensure dissolution of all the present

carbides. However, higher temperatures or prolonged heating enhances grain growth

which results in the formation of untransformed austenite. Consequently, austenitiza-

tion temperature and time are controlled to maintain the presence of desired phases

[6, 9]. The second prerequisite that must be met during this phase reaction, cooling

rates exceeding the critical rate should be applied to the material to prevent any other

transformation. This rapid quenching accompanies the diffusionless transformation

mechanism since sufficient time is not provided for diffusion of alloying elements

[10].

During this transformation, crystal structure is altered from face-centered cubic (FCC)

to body-centered tetragonal (BCT). The carbon atoms dissolved in FCC outnumber

the atoms in solid solution within this low-temperature structure, BCT. Therefore,

when cooled, the microstructure at room temperature contains carbon atoms more

than this phase could dissolve. Hence, in as-quenched condition, martensite lattice

is supersaturated with carbon atoms and Bain distortion is introduced into the sys-
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tem [11]. These atoms possess strain field surrounding them where dislocations and

cell structures get into elastic interaction. Although this transformation is denoted

as diffusionless, for steels having Ms above room temperature there is still sufficient

time to drive the segregation of carbon atoms to such interstitial sites to lower the

Gibbs free energy of the system. These sites are generally located near the disloca-

tions and cells. For steels with at most 0.2 wt% carbon, around 90% of the carbon

atoms saturate these open structures by diffusion [12]. This migration is driven to

reduce the strain energy of the system and reach a thermodynamically more stable

state. Redistribution of carbon atoms during quenching is named as auto-tempering

in the literature [13, 14, 12, 5].

The presence of carbon atoms as the main alloying element in steels plays a signifi-

cant role in determination of martensite transformation temperatures in addition to the

aforementioned microstructural evolution. Invariant lattice deformation type depends

on martensite start temperature such that for low temperatures mechanical twinning

dominates plastic deformation whereas for higher transformation temperatures dislo-

cation glide becomes operative [11, 15]. Material deformed through dislocation glide

or mechanical twinning is composed of highly dislocated laths and twinned plates,

respectively [13, 14, 12]. Hence, carbon is stated to be an indirect decisive mech-

anism for martensite morphology. For steels having carbon content lower than 0.6

wt%, lath martensitic structure is observed whereas above 1 wt% final microstructure

constitutes plate martensite. In between, a mixed structure is encountered generally

[6, 11]. The examinations under high-resolution microscopes conclude that the main

constituent component of AISI 4340 steel in as-quenched state is highly dislocated

lath with several twinned plates[5].

As-quenched lath martensite is known to be having extremely high dislocation density

in a range from 0.3*1013 to 0.9*1013 cm-1 which is comparable to any type or extent

of cold working operation could result in [11, 12, 5]. The main hardening mech-

anisms of lath martensite is summarized as precipitation hardening and dislocation

hardening while for plate martensite dislocation hardening is replaced by solid solu-

tion hardening since that much of dislocations do not exist to be saturated by carbon

atoms in plates [14]. Therefore, auto-tempering in plate structure is accomplished by

formation of carbon clusters that precede the pre-precipitation [12].
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To achieve improved performance and the desired mechanical properties, it is recom-

mended to eliminate the presence of retained austenite. In addition to the relatively

lower strength, this formation might trigger a premature failure during its use. For

plain carbon steels, no remarkable amount of retained austenite is detected up to 0.4

wt% addition of carbon [12]. Figure 2.1 of Fe-C alloys displays that the volume per-

cent curve of this phase with respect to the carbon element addition [12]. A study

of a steel that is composed only of 0.5 wt % carbon, quenching yielded 3 volume%

austenite remained at room temperature which can be disregarded [8]. In addition,

several studies are conducted specifically to reveal the amount of retained austenite

in AISI 4340 steel heat treated in the same way as for protective structures. For such

applications, this steel is generally exposed to heating in between 840-860°C for a

duration varying from 0.5 to 1.5 hours [16, 17, 18]. After reaching a fully austenitic

state, the subject material is soaked in oil medium then to be exposed to different

tempering temperatures. While opinions diverge on the primary constituent of the

microstructure at room temperature, whether it is lath martensite or mixed marten-

site, based on post-heat treatment examinations, there is consensus that no significant

amount of retained austenite is detected [19, 5, 20].

Figure 2.1: Influence of carbon content on volume percent of retained austenite for

Fe-C alloys.

Martensite is the phase that has the highest hardness and strength that could appear

in steel microstructure. However, this phase transformation yields a trade-off in be-

tween these properties and ductility and toughness [5]. In addition, residual tensile

stresses accumulate within the microstructure due to rapid cooling which can precede

the formation and propagation of cracks [19]. Therefore, martensite is not directly
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utilized in as-quenched condition due to its brittle and open to fracture nature. Tem-

pering is conducted to adjust the desired mechanical response and to eliminate those

stresses. Tempering parameters are carefully decided to have the intended mechanical

response of subject material. For higher tempering temperatures & times, toughness

and ductility increase proportionally where the reverse is valid for strength and hard-

ness. This balance of mechanical properties implies that steels go through different

solid-state reactions that end up with different microstructures. Before optimizing

the parameters, microstructural evolution should be thoroughly investigated. There

are 3 categories corresponding to different temperature ranges which may overlap

[21, 14, 12, 22, 5]. At the first stage, precipitation of transition carbides, generally

epsilon carbide (Fe2.3C, HCP) occurs from 100°C to 200°C range. Then, retained

austenite, if exists, decomposes into ferrite and cementite in 200°C - 300°C temper-

ature range. Finally, microstructure involves cementite and ferrite phases in between

250°C and 350°C. At this point, the decrease in hardness can be attributed to the

carbide growth due to enhanced diffusion kinetics and the reduction in dislocation

density due to advanced annihilation by rearrangement with tempering [19]. Carbide

precipitates compensate for the decrease in hardening at earlier stages due to their fine

nature in size [19]. However, for elevated tempering temperatures, larger precipitates

grow at the expense of the smaller ones which eases the movement of dislocations

[19, 14].

The nucleation and precipitation sequence of AISI 4340 steel according to tempering

parameters in consideration can be summarized as follows. For a tempering treat-

ment for 90 minutes, epsilon carbide remains stable until 500°C [19]. Beyond that

temperature, improved diffusion kinetics favors the presence of thermodynamically

more stable carbides like Fe_3C Fe3C, M7C3 and M23C6. With temperature, super-

saturated structure deteriorates to a greater extent and different alloy carbides resides

in ferrite matrix [12, 23]. For instance, tempering at 650°C precedes the formation of

Cr7C3 from the decomposed cementite particles[5]. However, this sequence depends

on externally applied thermal energy. Cementite appears earlier for 2 hours temper-

ing at 300°C than it does for 90 minutes at the same temperature [5]. For 30 minutes

tempering, the dimension of carbides are 200 nm for 400°C, 400 nm for 600°C and

500 nm for 650°C tempering [19].

8



The previously mentioned insights emphasize the importance of carefully selecting

tempering parameters, including time and temperature, to achieve the desired balance

in mechanical properties. Nevertheless, despite identifying an appropriate treatment,

the presence of microstructural flaws can still contribute to failure. If austenite re-

mains after quenching in between the laths, the thermal energy supplied during tem-

pering causes the degradation of this phase to form as (Fe,M)3C particles. This new

microstructure leads to failure prior to the anticipated lifetime due to a decrease in

toughness. Microscopically speaking, material fractures in an intergranular manner

and the brittle fracture becomes operative [5]. This is named as tempered martensite

embrittlement and observed in AISI 4340 steel in between 200 and 400°C [5, 19, 22].

Therefore, for cases where low temperature tempering is conducted this range should

be avoided. Rather, 150-200°C temperature range is suggested to acquire optimal

combination of mechanical features [19]. Alternatively, increasing the silicon con-

centration by at most 2% postpones the tempered martensite embrittlement.

However, this is not the only mechanism that has deteriorative effects on macroscopic

properties of the subject material. At higher selected temperatures, elements like tin,

antimony, phosphorus and arsenic migrate to the prior austenite grain boundaries that

is known as temper embrittlement. Then, the structure becomes prone to intergranu-

lar fracture. Temper embrittlement occurs between 375°C and 575°C for prolonged

times of tempering or tempering beyond 575°C [7, 22]. Temperature ranges of related

mechanisms are shown in Figure 2.2 [22].

2.2 Microstructural Evolution of AISI 4340 Steel Under High Strain Rate Load-

ing

Metals tested under high strain rate conditions experience homogeneous deformation

at the beginning. Then, imhomogeneity of the stress state occurs due to flaws intro-

duced during heat treatment and deformation. At the last stage, plasticity narrows

down to shear bands due to localization. It is accepted that approximately 90% of

the mechanical work generated by impact loading is converted into heat. For quasi-

static deformations temperature also rises, however sufficient time is allowed for heat

to dissipate within the system in that case. Therefore, for these testing conditions
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Figure 2.2: Embrittlement evolution for the given temperature range.

the effect of temperature to the microstructure can be disregarded. High strain rate

loading, due to its nature, is a fast process and generates heat whose effects cannot

be avoided. Rather, this heat causes temperature increments locally which softens

the material at regions that the deformation is localized [24, 25]. Depending on the

heating extent, softening might exceed hardening in the material. This leads to the

presence of adiabatic shear bands due to lowered shear strength. It is observed that

these bands nucleate around the defects that are introduced during processing like

scratches or open structures like boundaries. Shear band existence within the ma-

terial is regarded as the reason for failure that occurs before the estimated lifetime.

Tensile stress is effective in these bands because of lowered shear resistance which

promotes the formation of voids and of cracks at the last stage.

When the temperature increment at those certain regions reaches critical transfor-

mation temperatures, the stable phase and/or microstructural features might change.

These bands are declared as transformation bands while the ones that do not experi-

ence a phase change are known as deformed bands [24, 25]. Materials with low heat

conductivity tend to experience the occurrence of transformation bands which are also

as white etching bands (WEB) due to their white appearance under the optical micro-

scope. Microstructural details of WEB cannot be resolved by optical microscope or

SEM. Studies indicate that transformation bands are composed of subgrains, similar
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to the structure of materials exposed to dynamic recovery. The width of these bands is

stated to be in between 40-100 µm. Deformed bands cover regions that are subjected

to extensive deformation. Therefore, the grains are found to be elongated along slip

direction.

In both of the bands, from the microstructural investigations it is deduced that they

contain higher amount of dislocation per unit are when compared to the rest of the

matrix. The deformation that is forced to occur in those narrowed regions leads to

generation of dislocations. Increased dislocation density and the temperature incre-

ment promote the dynamic recovery where dislocations with sufficient mobility are

rearranged to isolate low dislocation density areas as subgrains by tangled disloca-

tions [26].

Studies related to the investigation of AISI 4340 steel indicate the existence of these

bands for strain rates exceeding 103 as in Figure 2.3 [25, 18]. For tempering up to

400°C, white etching bands appear whereas at 600°C deformed bands are present.

For temperatures in between a transition type structure is distinguished.
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(a) (b)

(c) (d)

Figure 2.3: Adiabatic shear band formation in AISI 4340 steel with tempering tem-

peratures: a)300°C, b) 400°C, c) 500°C, d) 600°C.

2.3 Yield Strength Estimation

Yield strength predictions are mostly accomplished by utilizing physically developed

models due to its apparent relationship with microstructural features. For that pur-

pose, every strengthening mechanism that contributes to the total flow is considered

as a function of physical parameters like grain size, precipitation size and so on.

Therefore, yield strength is connected to the material and processing dependent pa-

rameters.
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While conducting the construction of a model to estimate yield strength, the differ-

ence between the single and polycrystals is evaluated at first. Misorientation between

consecutive grains of polycrystals limits the mobility of dislocations. Along the grain

boundaries, dislocations are pinned and pile-ups of these defects are observed[27, 28].

This feature localizes the deformation and higher stresses are required to sustain the

plasticity [28]. Dislocation multiplication mechanism is triggered by this build-up,

eventually leading to the newly generated dislocations. From this physical basis,

grain boundaries are treated like they are dislocation sources. This contribution to

the total flow yields the difference between single crystals and polycrystals clearly

[27]. To express grain boundary or grain size effect, a widely accepted relation, the

Hall-Petch equation, is utilized. The yield stress of polycrystal materials,then, can be

summarized roughly by equation 2.1.

σyield = σ0 + kyd
−1/2 (2.1)

Certain studies do not incorporate grain boundary strengthening through this expres-

sion. Instead, they utilize different equations that introduce its effect by embedding it

within the concept of strain hardening, given its characteristics as a source of dislo-

cations [29, 23].

σ0 represents friction stress that evolved in the microstructure. This stress is com-

posed of several strengthening mechanisms that mainly hinder dislocation motion in

a way. The equations describing the contribution of each mechanism are covered in

the following sections.

To calculate total friction stress that is decomposed into effective mechanisms, there

are multiple methods that integrates the effect of mechanisms in different ways. In the

first approach, the linear summation of contribution of each, individual mechanism is

given by equation 2.2.

σ0 = σP + σSs + σPpt + σSh + σSgb (2.2)

In addition to the first term being the Peierls stress, hardening due to solid solution,

precipitation, dislocation and subgrain boundaries are mentioned, respectively. This
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method has been reported to overestimate the yield stress of the materials under con-

sideration in several studies in the literature [30, 31]. Therefore, a model is proposed

by Kocks in which the integration of each mechanism is calculated in two separate

groups and then the root of the summation of squares of these two groups are taken,

equation 2.3 [32].

σ0 =
√

σ2
A + σ2

B (2.3)

The strengthening arising due to the presence of sessile dislocations is incorporated

into the stress calculation as σA while the rest of the components are denoted as σB.

Koppenaal and Kuhlmann, offered another approach to predict the yield strength evo-

lution [33]. In this way, dislocation and precipitation effects are grouped together and

combined in such a way as shown in equation 2.4.

σ0 = σP + σSs + σIss + σGb +
√

σ2
Sh + σ2

Ppt (2.4)

where σIss is strengthening of interstitial solid solution.

The distinction between the computation of as-quenched and tempered martensite is

the lack of precipitation hardening in the former structure. Although carbon atoms

have an opportunity to redistribute themselves in the microstructure due to high Ms

temperature of AISI 4340 steel, there is no sufficient time to precede the formation of

carbides in this condition [34].

For especially martensitic steels, the hardening by the hindrance of boundaries are

generally related to the presence of subgrain boundaries since they cover more area

relative to grain boundaries per unit volume [35].

These formulations generate the basis of yield strength prediction of steels with marten-

sitic matrix. Strengthening mechanisms are expressed in terms of microstructural pa-

rameters that could be obtained through experiments or a software that is capable of

considering the physical basis of quenching and tempering of steels. There are dif-

ferent approaches to express the contribution of hardening components utilized in the

literature and they are represented in the following section, separately.
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2.3.1 Peierls - Nabarro Stress

The existence of dislocations generates a distortion within the lattice. During the

movement of dislocations, they encounter the resistance of the atoms or defects sur-

rounding them. Peierls stress, σP , is defined as the force essential to surpass this

resistance and sustain the movement of dislocations especially when they are located

in nonsymmetrical positions. For a structure with greater packing density, separation

in between similar planes increases. Therefore, during the passage of dislocations,

breakage and rejoining of atomic bonds could be easier which lowers the required

stress for further motion. Because of this physical basis, Peierls stress is quite negli-

gible for closely packed planes. Then, it can be deduced that Peierls stress is effective

on materials composed of BCC structure.

The temperature increment within the lattice by external factors reduces this stress

due to lowered bonding forces which eases the plastic deformation occurring via dis-

location slip [27]. Peierls stress experiences a variation with temperature. This is

expressed quantitatively by Lieabut[36, 37, 38].

In a different approach developed by Nabarro force-displacement relationship of the

equilibrium configuration forms the basis of Peierls stress expression [31]. This

model relates this intrinsic stress to shear modulus, G.

In a few researches, Peierls stress is assumed as a material constant and assigned to a

value from the experimental result investigations [31, 30]. For AISI 4340 steel, Spe-

ich & Swann [39] and Smith & Hehemann [40] assumed the contribution of Peierls

stress as 41 MPa empirically.

Table 2.1: Models used to estimate Peierls - Nabarro stress.

No. Investigation Formula

1. Liebaut [36] σP = 78− 0.023 ∗ T (T in Kelvin)

2. Nabarro [41] σP = 10−4 ∗G
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2.3.2 Solid Solution Hardening

Dislocations possess stress fields around themselves and there is an interaction be-

tween these fields and the unstrained, remaining area of the lattice. Distortional field

surrounds screw dislocations whereas for edge dislocations distortional and dilata-

tional fields coexist at every point except pure shear and compressive-tensile axes.

The formation of solutes with alloying elements also introduces these fields depend-

ing on the nature of the solution. If a solute atom is a symmetrical defect, then it has

only hydrostatic stress field which interacts with the hydrostatic field of edge disloca-

tions. In the reverse situation, interaction occurs between the atom and the distortional

fields of both edge and screw dislocations where a greater interaction results in more

strengthening effect from the solid solution. From this conclusion, it is depicted that

strength increment due to alloying by forming a solid solution is not related to sub-

stitutional/interstitial nature of the atom rather it depends on the interaction dynamics

between solute atoms and dislocations [27].

The most frequently encountered model in literature that expresses the contribution

of solid solution hardening quantitatively belongs to Lacy and Gensamer [42, 37, 31,

30]. The derivation of this model incorporates the influence of straining due to lattice

constant, a, and shear modulus, G, of these atoms and the effect of the concentration

within the material. Distortion generated by these parameters varies depending on the

amount of solute element. Equation 2.5a and equation 2.5b calculates the variation of

lattice parameter, a, and shear modulus, G, with varying chemical composition, Xi.

While developing this model, the changes in shear modulus and atomic size are united

under an experimentally determined parameter, Ki (MPa/ wt%). Through equation

2.5, the derivation of Ki can be followed. Ki and ni for each alloying element in AISI

4340 steel are given in Table 2.3.

δi =
1

a

da

dXi

(2.5a)

ηi =
1

G

dG

dXi

(2.5b)

∆τssh = (
√
(δi)2 + (ηi)2)

m(Xi)
n = Ki(Xi)

n (2.5c)
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Fleischer derived an equation that integrates the contribution of alloying elements in

terms of atomic percent [43].

In an another approach, Dilip expressed only the effect of carbon in solid solution with

a constant K determined to be equal to 0.0167 by Speich & Warlimont [44, 45]. There

are researches that are using this expression for carbon whereas for other alloying

elements model developed by Lacy and Gensamer is utilized.

Since coefficients are extracted from the empirical works, their values might show

discrepancies. However, these models are the most popular and confirmed ones in the

literature.

In a few studies, effect of carbon is not integrated into the solid solution rather its

weight percentage is used as a parameter in strain hardening [46]. Studies have shown

that approximately 90% of carbon atoms are positioned near dislocations during rapid

cooling [12, 47, 23]. Therefore, the major contribution of carbon is assumed to be

related to being a dislocation source since these atoms form Cottrell atmospheres

surrounding themselves which obstructs dislocation motion and greater stresses are

required to sustain this movement [47, 23].

Table 2.2: Models used to estimate solid solution hardening.

No. Investigation Formula

1. Lacy & Gensamer [42] σSs =
∑

i=1 0.00689KiX
ni
i

2. Fleischer [43] σSs =
∑

i(β
2
i xi)

1/2

3. Dilip [44] σc = Kµ
√
Xc

4. Speich & Warlimont [45] σc = 1722.5
√
Xc,

Table 2.3: Parameters of solid solution hardening models.

C Ni Mn Mo Cr Si

Ki 1171.3 6100 7000 9600 1400 11000

ni 1/3 0.75 0.75 0.75 0.75 0.75

βi 2877 334 213 2143 434 732
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2.3.3 Precipitation Hardening

Introduction of second phase particles into the microstructure strengthens the material

by blocking dislocation motion or limiting the mobility of grain boundaries. This lim-

itation of boundaries due to precipitates positioned in these open structures concludes

to a stable grain size value as long as these particles achieve to retain. Depending on

the atomic radii of atoms in both precipitate and matrix phase, an interface type is

adjusted. Dislocations are generally expected to easily pass through coherent bound-

aries. As the precipitate growth occurs interfaces may experience a sequential change

from coherent, semi-coherent and to incoherent. Particle growth, also known as Ost-

wald ripening, may result in increased surface energy if the registry between phases

completely vanished [27].

Dislocations overcome this resistance introduced by particles in different ways. To

have a better understanding, the physical basis should be recognized. When a dislo-

cation encounters a precipitate, it experiences a force exerted by particle to resist its

motion. Line tension possessed by dislocations responds against this force. Accord-

ing to the relationship between these forces, particles are classified as hard or weak

ones. This force balance is illustrated in Figure 2.4 [35].

Figure 2.4: Force balance during the interaction of dislocation and a second phase

particle.
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From Figure2.4, force balance is maintained as written in equation 2.6.

F = 2Γ sin θ (2.6)

When the force arising from the particle is greater than the two times of line tension,

particle falls into hard particle class whereas the weak particles cannot exert such

a force. During interaction, dislocations can bypass the hard particles by Orowan

looping. However, weak particles are sheared through dislocation movement. These

mechanisms are illustrated in Figure 2.5.

(a)

(b)

Figure 2.5: Precipitate dislocation interactions. a)Particle looping, b) Particle shear-

ing.

Although coherency or incoherency of the particle with the matrix gives an insight

about which mechanism prevails, it is determined by a critical radius above which

looping occurs. The transition with respect to the precipitate radius is shown in Figure

2.6 [35].

Kelly et al. assumed a constant critical radius to define the transition between the

mechanisms [48]. This value equals to ten times Burgers vector (10*b).

In the case of shearing, elastic interactions arise from the different microstructural

aspects of both particle and matrix. Hence, features of particles have an influence on

the strength increment [35, 27]. Figure 2.5 shows that additional phase boundaries

are created between sheared particle and matrix phase. Even if the surface energy

of this newly generated interface is low, dislocations need to overcome this obstacle

19



Figure 2.6: Transition in between the dominant mechanisms depending on the critical

radius of second phase particles.

for further deformation which leads to chemical hardening. Moreover, the presence

of second phase particles introduces misfit strain into the lattice in order to sustain

the coherency between the host phase and particles. Strengthening may also arise

from the difference in shear moduli of the host and the second phase particles during

shearing. When a dislocation encounters a precipitate, its line energy in the matrix

and in the particle take different values. Shearing leads to disruption of order in

particles and anti-phase boundary is formed that is also effective in impediment of

motion. Lastly, if there exists a significant difference in between the stacking fault

energies of the host and particle phase, the resistance of lattice to partial dislocations

evolves. All these mechanisms related to shearing are discussed in different models.

The first row in Table 2.4 is a summary of these separate aspects of strengthening

from a study of Holzer where the contribution of each mechanism is quantitatively

considered. [35, 49]. For looping, hardening contribution is estimated by an equation

derived and developed by Ashby and Orowan [50, 51]. Inner and outer cutoff radius,

r0 and ri respectively, are defined in different ways in the literature. Holzer set r0 to

2∗b and ri to 2∗reff with reff being a function of mean particle radius as in equation

2.7.
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reff =

√
2

3
r (2.7)

Constant parameters are denoted as M for Taylor orientation factor, b for burgers

vector and G for shear modulus. C is a constant derived from the empirical work and

is stated to be varying from 0.051 to 0.073. For chemical and coherency hardening

developed by Brown and Ham, interfacial energy is integrated as γ and the misfit

strain due to disregistry is given with ϵ [52]. Russel and Brown described the modulus

effect with parameters Up and Um denoting the line energy of dislocations positioned

in particle and matrix phases respectively [53]. ’N’ represents the number density

of weak/hard particles. λ is the interparticle spacing and can be calculated by using

equation 2.8[53].

λ = 0.866 ∗ (rN)−1/2 (2.8)

Similar to what Holzer has achieved, Xiong et al., also combined the expression for

each mechanism in precipitation hardening of BCC materials [23]. Differing from the

former work, effects of stacking fault and order hardening are also mathematically

expressed. f is volume fraction of the relevant phase with γs and γapb being stacking

fault and anti-phase boundary (APB) energies. Modulus effect is defined by the shear

modulus discrepancy in between the particle and host phases as ∆G. Other terms

point out to the same meaning as they were in the previous model.

Deschamps and Brechet developed different expressions for coherent and incoherent

precipitates rather than describing particular mechanisms effective during the pas-

sage of dislocations [54]. σPpt,s yields the strengthening due to dislocations shearing

particles whereas σPpt,l is for dislocations that have successfully bypassed particles.

Gladman et al., contributed to the looping definition offered by Ashby and Orowan

[55]. Gladman also defined the distance in between the carbides with the equilibrium

volume fraction of the related particle, λ and mean planar diameter of particles, D,

with average diameter, x̄v and variance, σv.

In a similar fashion to Gladman, Hirsch and Humphrey brought a new approach to

the Orowan-Ashby equation [56].
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Table 2.4: Models used to estimate precipitation hardening.

No. Investigation Formula

1.

Orowan-Ashby [50, 51] σorowan = CM Gb
λ
ln r0

ri

Brown & Ham [52] σchem = 2M
bλΓ1/2 (γb)

3/2

σcoh = 8.4 ∗MG ∗ ϵ3/2 ∗ N
b

1/2
r2

Russell & Brown [53] σmod = M Gb
λ
[1− Up

Um

2
]3/4

Ardell [57] σp =
Ncoh

Ntotal

1/2√
σ2
chem + σ2

coh + σ2
mod

+Nincoh

Ntotal

1/2
σorowan

2.

Orowan-Ashby [50, 51] σorowan = 0.26(Gb
r
)f 1/2 ln r

b

Gladman [58] σchem = (γ
1/2

b
)(4rf

πΓ
)1/2

Gladman [58] σstackingfault = 2(γs
b
)3/2(bλΓ)−1/2

Ardell [57] σcoh = 4.1Gϵ3/2( rf
b
)1/2

σcoh = 0.7Gf 1/2ϵ1/4( b
r
)3/4

Kelly [59] σmod = (∆G
4π2 )(

3∆G
Gb

)1/2[0.8− 0.143 ln r
b
]2/3r1/2f 1/2

Brown-Ham & Gladman[52, 55] σorder = (
γ
1/2
apb

b
)(4rf

πΓ
)1/2

3.
Deschamps & Brechet[54] σPpt,s = K1

√
fr,K1 = 0.02M G√

b

σPpt,l = K2

√
f
r
, K2 = 0.6MGb

4.
Gladman-Ashby-Orowan [55] σPpt =

1
1.18

1.2Gb
πλ

ln D
ri

Gladman [55] λ = D[( π
4f
)1/2 − 1], D = [2

3
(x̄v

2 + σ2
v)]

1/2

5. Hirsch & Humphrey [56] σPpt =
1.62Gb

2π(1−ν)1/2
1
λ
ln D

b
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2.3.4 Strain Hardening

Strain hardening or work hardening arises by the interactions of stress fields of dis-

locations generated during plastic deformation. To sustain further straining, a greater

stress is required for dislocations to pursue their movements by overcoming these in-

teractions [27]. The relationship between the dislocations and obstacles is important

for the extent of work hardening. Depending on the strength of obstacles, disloca-

tions can be accumulated at these regions. Grain boundaries, second phase particles,

Cottrell atmospheres surrounding solute atoms that are located at boundaries dur-

ing auto-tempering, immobile dislocations and so on are examples to these obstacles

which lead to the hindering of movement[47]. When they encounter, the stress field

surrounding the dislocations with same sign repels each other and accumulation oc-

curs. These obstacles can act like sources to dislocation if multiplication is triggered.

For the continuity of deformation, the resistance introduced at these positions needs

to be surpassed which is the physical basis of strain hardening.

The most widely used equation to define the extent of work hardening is developed

by Taylor[60, 61, 37, 31, 38]. This model relates hardening amount to the square root

of dislocation density, ρdis.

Temperature evolution during deformation or externally applied heat treatment results

in a decrease in dislocation density. The effect of increasing temperature is reflected in

increased dislocation mobility, leading to a a lower stress than required to overcome

the hindrance. During deformation, the temperature increment can also trigger the

dynamic softening processes or even phase transformation. In both of the cases strain-

free grains with lower dislocation densities can nucleate and the overall dislocation

density decreases. Therefore, flow stress is known to be dependent to temperature.

This temperature dependency is incorporated into the strain hardening contribution

by both dislocation density and shear modulus of the material. Straub developed

an expression for the decay of shear modulus in martensitic steels as a function of

temperature as provided in equation 2.9 with temperature in Kelvin and modulus in

GPa units.

23



G = 98.46456− 0.039431 ∗ T (2.9)

In multiple studies, α is assumed as a constant with a value of 0.38 [62, 63].

Young & Bhadeshia formulated an equation that correlates initial dislocation density

of as-quenched state of martensitic steels at room temperature with the martensite

start temperature, equation 4.1[62].

log ρdis = 9.2840 +
6880.73

Ms

− 1780360

M2
s

(2.10)

As discussed in the solid solution hardening section, Cottrell atmospheres appear

around the carbon atoms that have segregated to boundaries during auto-tempering

which affects the dislocation movement. Since the majority of the atoms migrates

to these open structures, Normstrom incorporated the weight percentage of carbon in

strain hardening description [46].

Table 2.5: Models used to estimate strain hardening.

No. Investigation Formula

1. Taylor [60, 61] σSh = α ∗M ∗G ∗ b ∗ √ρdis

2. Norstrom [46] σSh + σIss = αMGb[ρ+Xc]
1/2

2.3.5 Subgrain Boundary Strengthening

The contribution of grain dimension arises from the localized plastic deformation

because of the hindered movement of dislocations at these obstacles. The influence

of grain size is explained by Hall-Petch equation. However, for the microstructure

of martensitic steels with lath morphology, the influence of very small subgrain sizes

prevails.

Dislocations piled-up at these features advances the local stress concentration. Ac-

cordingly, grain boundaries pretend like dislocation sources as a consequence of gen-
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eration of new dislocations. Similar to that role assigned to grain boundaries, sub-

boundaries also impose inconvenience for the movement of dislocations [64, 31, 65].

These boundaries separate successive packets, blocks and laths which are all con-

stituents of lath morphology [64]. There is a hierarchical structure among them as

displayed particularly in Figure 2.7 [64]. Consecutive laths are separated from each

other by low angle subboundaries [5]. The size of this subgrain formation is not com-

parable to grain size declared in the Hall-Petch equation. Therefore, this equation

does not hold and a modification is necessary to accurately account for the influence

of microstructural dimensions on the total strength [28]. In the first row of Table 2.6

a modification accomplished from the findings of martensitic medium carbon steels

is shown [47].

Figure 2.7: Components of lath martensite.

Langford and Cohen concluded from their research about cold worked iron speci-

mens that strength increment due to substructure dimension does not vary with the

reciprocal of square root of size as it is the case for Hall-Pecth equation [66]. Rather,

an inverse proportion between hardening and lath size,w, is formulated as given in

the second row of Table 2.6. This is compatible with the findings of Daigne et al. that

slip plane dimension in martensitic steels varies according to the lath and packet sizes

[28]. Hall-petch equation in its original form is declared to be valid as long as the slip

plane diameter does not exceed 1 µm. Beyond that value, Hall-Petch equation as a
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function of grain size explains the strengthening extent accurately [28, 65].

This finding is supported for Cr-steels as well that the subgrain structure is responsible

for the strength increment [67]. Maruyama et al., differing from the other models

incorporated the shear modulus and Burgers vector into the definition just to attain a

mathematical value for the contribution of subgrain boundary strengthening.

There is a contradiction in the literature about which constituent to evaluate the di-

mension of. This debate is generally centered on whether to consider packet or lath

size. Although in Table 2.6 only models using lath width as grain size are shown,

there are equations with plate width as for the effective grain size [30]. The discus-

sions concerning steels with 0.4 wt. % carbon or directly AISI 4340 steel clarify this

contradiction and acknowledge lath size as the effective grain size for the strengthen-

ing contribution [40, 28, 31, 65].

In the literature, it is generally assumed that lath dimension varies according to the

carbon content of the material. For steels with 0.4 weight % carbon, a range from 0.1

µm to 0.5 µm is declared [37, 5].

Table 2.6: Models used to estimate grain boundary strengthening.

No. Investigation Formula

1. Hall-Petch σsgb =
Ky

dlath

2. Langford & Cohen[66] σsgb = 8.62 ∗ 10−2w̄−1

3. Daigne et al. [28] σsgb =
115
2w

4. Maruyama et al.[67] σsgb =
10Gb
w

2.3.6 Work Hardening

In addition to all the mechanisms covered so far, during testing procedure of yield

strength, material is hardened by straining [31]. Therefore, not as a physical aspect

but as a parameter contributing to the total yield strength, this additional mechanism

is evaluated. From the experimental findings, for a steel containing around 0.4 weight

percent carbon in its composition, 65 MPa is assigned for the contribution of this
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mechanism [30].

2.4 Flow Stress Estimation

So far, the contribution of each strengthening mechanism effective in quenched and

tempered structures is formulated as mathematical expression and for the total yield

strength multiple methods are introduced. For the flow curve predictions, in physical-

based approaches only by adjusting strain hardening in accordance with the evolution

of dislocation density under deformation the mechanical response can be estimated.

However, the parameter optimization could be cumbersome for the physical-based

equations. Therefore, in literature empirical based models are more frequently re-

ferred in different studies for different steels and alloys. The most cited models are

Johnson-Cook and Zerilli-Armstrong which are covered in the following section. Dis-

location density-based modeling lays the foundation of physical-based models which

is discussed at last.

2.4.1 Johnson-Cook (JC) Model

Johnson-Cook model is the most widely encountered empirical model that expresses

the flow behavior as formulated in equation 2.11 [68, 69, 70, 71]. It is preferred fre-

quently due to its ease of use. Parameters that describe the flow stress are obtained

from the experimental work of the relevant strain rate and temperature conditions.

Therefore, for different strain rate or temperature regimes these material constants

change. Since parameter optimization is achieved through curve fitting of experimen-

tal data, modification by adding other terms as scaling factors is relatively easier than

physical-based models [2]. Although stress is defined as a function of strain, strain

rate and temperature, their effects are not based on physical evolution of the mate-

rial under high strain rate loading [68]. Therefore, this model is not able to reflect

the influence of thermal softening accurately. From the studies conducted to estimate

flow stress by Johnson-Cook model, it is noticed that for high strain rates and high

temperatures the accuracy of prediction is not satisfying.
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σ = [A+B(ϵpl)n][1 + C ln (
ϵ̇pl

ϵ̇0
)](1− T ∗m) (2.11)

T ∗m =
T − Tr

Tm − Tr

(2.12)

A,B and n are obtained from the quasi-static loading tests under reference strain rate

and temperature conditions. ϵpl and ˙ϵpl are plastic strain and strain rate respectively.

T ∗m is defined in equation 2.12 with Tr being reference temperature whereas Tm is

the melting temperature of the subject material. Since all of these parameters are

optimized empirically, experimental work must be conducted in addition to the one

required for the verification of the model.

2.4.2 Zerilli-Armstrong (ZA) Model

Zerilli and Armstrong developed a semi-empirical model where its basis is related

to dislocation dynamics. Given that the characteristics of dislocation kinetics vary

among different crystal structures, a specific definition is formulated for BCC and

FCC materials, as shown in the equation in equation 2.13 and equation 2.14. For the

HCP structure, there is no relation for the flow stress estimation.

All of the constants are derived from experimental studies which makes this model

semi-empirical. This model lacks of the integration of dynamic softening processes

similar to Johnson-Cook model. In addition, for temperatures beyond the half of the

melting temperature of the subject material, this model is not able to express the flow

stress [68].

σBCC = σ0 + c5ϵ
n + c1ϵ

n exp(−c3T + c4T ln ϵ̇) (2.13)

σfCC = σ0 + c2ϵ
n exp(−c3T + c4T ln ϵ̇) (2.14)
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2.4.3 Dislocation Density Based Modeling

Mechanical response of materials is closely associated with the dislocation density

evolution during deformation. Therefore, modeling strain dependent flow behavior

under high strain rate exposure has become a prominent issue for years. During im-

pact, hardening dominates the mechanical response at the initial stages since gener-

ated dislocations are pinned at obstacles like sessile dislocations, second phase parti-

cles, boundaries and so on. At this point, stress required to sustain the deformation

increases with strain hardening. Differing from the quasi-static loading, adiabatic

heating advances the localized plasticity. This temperature increment favors the dy-

namic softening by recovery or recrystallization. Since a certain critical strain is

needed to be reached for recrystallization to occur, only dynamic recovery enhances

the softening of the material for low temperature increments. Mobile dislocations

rearrange themselves to isolate low dislocation density regions which are also known

as cells. They are surrounded by high dislocation density regions as subgrain bound-

aries. Due to highly increased interactions, dislocations become tangled at these in-

terfaces. Annihilation of dislocations with opposite signs in these cells decreases the

stored energy generated by straining and chemical potential and number of defects.

For higher temperatures during recovery, growth of these subgrains can be achieved

through dislocation climb which is a thermally activated process due to generation of

vacancies. Therefore, high strain rate loading can be summarized as a competition

between hardening by dislocation generation and softening by annihilation. Kocks

and Mecking has defined this competition as in equation by accepting the dislocation

density as a state parameter 2.15 [72, 73, 74, 75, 76, 77, 78].

dρ = dρ+ − dρ− (2.15)

The first term of this equation describes the accumulated dislocation density during

deformation whereas the latter term represents the annihilation of mobile dislocations.

There exists multiple expressions for both of these terms. Bergström has formulated

the most common ones as provided in equation 2.16 and equation 2.17 with ϵ̇ being

the plastic strain rate [79, 80].

29



dρ+

dt
=

M

bl
ϵ̇ (2.16)

dρ−

dt
= Mk2ρϵ̇ (2.17)

M is Taylor factor to convert shear strain to true strain. l is the mean free path of

dislocation that is the distance for which the dislocation is mobile before annihilation.

Finally, k2 is dynamic recovery or dislocation annihilation coefficient. When these

equations are inserted into equation 2.15, the overall evolution equation takes the

form of equation 2.18.

dρ

dt
=

M

bl
ϵ̇−Mk2ρϵ̇ (2.18)

These models are utilized to have a meaningful expression for the dislocation density

evolution. Therefore, in general integration of the differentiation is done. In the

integral form equation 2.18 evolves to equation 2.19.

∫
dρ(

1
b∗l∗k2

)
− ρ

=

∫
Mk2dϵ (2.19)

Solution to that integral is given as in the final form in equation 4.6.

ρ = ρ0 exp(−Mk2ϵ) +
1

b ∗ l ∗ k2
(1− exp(−Mk2ϵ)) (2.20)

Klepaczko defined the coefficient MII for 1
b∗l∗k2 . This coefficient depends on strain

rate due to the dependence of recovery coefficient, k2. However, for BCC materials

it is considered as a constant up to extreme strain rates, like 107s−1 [75]. Recovery

coefficient is expressed as a function of strain rate and temperature for FCC materials.

This expression is adjusted for BCC materials as well, equation 4.8.

k2 = ko ∗
[
ϵ̇

ϵ̇0

]−2∗m0

(2.21)
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As the deformation continues, the balance between work hardening and dynamic soft-

ening reaches to a point where the hardening rate of stress converges to zero. This

point is known as where the saturation occurs, and dislocation density remains con-

stant beyond this point. The saturation of dislocation density evolution is expressed

by equation 2.22 [81].

ρsaturation = ρ0 +
MII

k2
(2.22)

This model uses the evolution of dislocation density as a state variable of the sys-

tem. Kubin and Estrin developed this relation and utilized two state variables, mobile

and forest dislocations. Evolution of these densities are treated as dependent on each

other since mobile dislocations might turn out as forest ones after an encounter with

an obstacle or forest dislocation existence might cause generation of new mobile dis-

locations. Corresponding equations are provided through equation 2.23 and equation

2.24.

dρm
dϵ

= M

[
C1

b2
(
ρf
ρm

− C2ρm − C3

b

√
ρf

]
(2.23)

dρm
dϵ

= M

[
C2ρm +

C3

b

√
ρf − C4ρf

]
(2.24)

Each Ci parameter is assigned to a physical meaning. C1 represents the dislocation

density production like in Frank-Read source mechanism while C2 and C4 are coef-

ficients of annihilation and recovery of dislocations respectively. C3 contributes as

factor that defines the immobilization of mobile dislocations. The drawback of this

model is that these parameters are derived from numerical fitting of experimental data

and therefore material dependent contrary to their physical aspects. The number of

variables can be increased to have a better approach for dislocation evolution during

deformation. However, this may be considered as a trade-off between the accuracy

and difficulty of optimization of parameters. In either model, strain hardening contri-

bution to the flow stress can be modeled as a function of strain by updating dislocation

density given in equation 2.25 for each strain increment.
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σSh = α ∗M ∗G ∗ b ∗ √ρ (2.25)

Dislocation density based model has evolved to ’Mechanical Threshold Stress Model

(MTS Model)’ model in the literature as derived below[82].

The knowledge gained about the dislocation dynamics reached to consideration of

average dislocation velocity. The average velocity encompasses the entire time in-

terval, starting from when a dislocation encounters an obstacle, continues until the

thermal energy becomes sufficient for the dislocation to pass through it, and finally

meets another obstacle. In equation 2.26 the velocity is connected to the Gibbs free

energy of the system.

ν = ν0 exp
−∆G

kT
(2.26)

After having this mathematical expression, Orowan related average velocity to plastic

strain rate since deformation occurs through dislocation glide.

γ̇ = ρbMν (2.27)

Insertation of 2.26 into 2.27 reveals the relation of shear strain rate to activation en-

ergy for sustaining dislocation motion.

γ̇ = ρbMν0 exp
−∆G

kT
(2.28)

Similar to the separation of effective mechanisms in yield strength, flow stress is

decomposed into two main components in MTS model. The state parameter has

changed from dislocation density to mechanical threshold stress in this formulation

which can be simply defined as stress required to drive plasticity at 0 K.

The division of flow stress is as follows in equation 2.29. τ∗ as thermal stress arises

from the interaction of dislocations and short-range barriers that could be bypassed

by thermal energy [83]. For crystals with BCC structure Peierls stress is the main

constituent of this part[84, 85]. In the thermal regime stress is dominated by the vari-

ations in temperature whereas in the athermal regime long-range barriers effective in
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impediment of motion changes according to the microstructure. Dislocation density,

grain size and second phase particles are a great example to these barriers[84, 85].

Therefore, athermal stress is assumed as a function of microstructure and therefore

strain through dislocation density.

τ = τ∗ + τa (2.29)

The experimental findings of Kocks et al. canalized them to the formulation of the

connection in between the thermal energy to surpass the obstacles and the thermal

stress as given in equation 2.30.

∆G = F0[1− (
τ∗µ0

τ̂∗µ(T )
)p]q (2.30)

where 0 < p ≤ 1 and 1 ≤ q ≤ 2 from experimental results. τ∗ is thermal stress

that drives deformation at 0 K while F0 represents the energy requested to bypass

obstacles without any stress exerted on the material.

Long-range obstacles may experience a change in their quantity under impact. For

instance, dislocation density and grain size varies with respect to deformation extent

whereas second phase particles and solid solutions are affected from the diffusion

kinetics rather than straining. The former microstructural features are described as a

function of strain as τa1 and the latter ones are denoted as τa2 in equation 2.31.

τa = τa1(ρ) + τa2 (2.31)

From the combination of Equation 2.28 and Equation 2.30, thermal stress is derived

as in Equation 2.32.

τ = τa1(ρ) + τa2 + τ ∗[1− (
kT

F0

ln
[ρmb′mν0]

γ̇
)1/q]1/p (2.32)

Shear stress description can be converted to uniaxial flow stress with the aid of Taylor

orientation factor and it follows Equation 2.33 [84].
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σ = σa1(ρ) + σa2 + σ∗[1− (
kT

F0

ln
[ρmb′mν0]

ϵ̇
)1/q]1/p (2.33)

MTS model requires the knowledge of several parameters that could be obtained only

through experimental work. Application of this model to AISI 4340 steel shows

that at least 8 parameters needs to be assigned to a value to predict the mechanical

response under high strain rate conditions. For that purpose Kocks-Mecking and

Fisher plots are drawn for every tempering temperature and strain rate separately

which implies that additional experimental work has to be conducted to set these

parameters. Therefore, this model cannot cover a general approach to the materials

used in ballistic applications.

2.4.4 Adiabatic Heating

Dynamic impact exerted on material generates local temperature increment within

the lattice due to adiabatic nature of high strain rate deformation. This temperature

increment is related to applied stress. Generally, it is assumed that 90% of work is

converted into heat. Although mechanical work is conveyed to the material as elastic

energy for dislocation movement at the beginning, this energy is quickly saturated

and the remaining energy is reflected as heat. Formulation of this conversion is as

given in equation 2.34.

ρ0cvTγ = τ(γ, T ) (2.34)

Integration of this equation based on the material parameters like mass density,ρ and

heat capacity, Cp yields equation 2.35.

T = T0 +
χ

ρCp

∫ τ

0

τ(γ, τ) dγ (2.35)

where T0 is the temperature set at the beginning of the deformation. χ is the Taylor-

Quinney coefficient representing the fraction of conversion from work to heat. This

may be adopted as dependent to strain and strain rate but mostly a constant value is

assigned.

This equation is simplified to equation4.10.
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∆T =
χσ

ρCp

∆ϵ (2.36)

2.5 Hardness Estimation

From the discussion about the microstructural evolution during quenching and tem-

pering, it is obvious that carbon content is a highly decisive factor for as-quenched

martensite hardness [7, 11, 8, 14, 86, 5]. When the influence of carbon atoms is inves-

tigated macroscopically, it is concluded that hardness of martensitic matrix increases

with increasing carbon content up to 0.9 wt% addition. Beyond this point, the pres-

ence of retained austenite reverses the increasing trend. Carbon atoms prefer to be

located in this untransformed, FCC matrix due to a greater solubility limit. The de-

pletion of carbon within the matrix begins to consume hardness to some extent [47].

The influence of retained austenite amount is illustrated in Figure 2.8 [87, 88].

Figure 2.8: Relation between hardness and weight percent carbon for fully austeni-

tized and brine-quenched specimens.

It is known that prolonged heating during austenitization enhances the growth of prior

austenite grains and the presence of untransformed austenite. From Table 2.7, it is

quite clear that hardness is vulnerable to changes in PAGS and amount of retained
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austenite, Cγ [6].

The influence of prior austenite grain size (PAGS) on as-quenched martensite hard-

ness has not been fully covered in the literature but several arguments are suggested to

express this relationship. Instead of having a direct correlation between them PAGS

affects hardness indirectly by its influence on other parameters [6, 10, 64, 86]. There-

fore, the influence of PAGS is explained in many aspects separately. For a lower grain

size, interfacial area per unit volume increases. Since the open nature of these bound-

aries imposes strain to the system, decrease in PAGS favors more highly strained re-

gions within the microstructure [89, 64]. Therefore, the austenite phase experiences

an increase in strength through additional boundary formation. To achieve a 100%

transformation of austenite to martensite, the grain boundaries of martensite must be

promoted to diffuse towards austenite which exerts resistance on this motion. This

transformation is driven through shear mechanism. Therefore, to complete the phase

transformation, the plasticity should be sustained to overcome the increased resis-

tance of austenite phase with a lower grain size [10, 64]. This concludes to a greater

strength and hardness of the subject material. In addition, for decreased PAGS, an in-

crease is experienced in the number of available heterogeneous nucleation sites [89].

Therefore, the possibility of having retained austenite in the microstructure is min-

imized. The elimination of this soft phase results in greater hardness values [6, 9].

Consequently, an inverse proportion is built in between the PAGS and hardness.

There is a special issue to be considered for lath morphology that laths grow along

preferential directions and are not able to go across the grain boundaries. For lower

PAGS values, smaller sized laths are expected due to hindered growth which is sup-

posed to be evaluated as increased barriers for dislocation movement [64]. However,

a study conducted about a material with a similar composition to AISI 4340 steel re-

veals that the extent of this variation in hardening by substructure size is negligible

[47].

Although the indirect influence of PAGS on as-quenched martensite hardness is obvi-

ous, its effect is either presented through other parameters or neglected in the literature

during model development for hardness estimation.

The effect of other alloying elements on as-quenched martensite hardness is not re-

36



markable, rather they influence the hardenability [8, 13, 90]. Contrary to the chemi-

cal composition independence of as-quenched martensite hardness, alloying elements

introduced into steel increases tempered hardness values generally [91, 8]. The clas-

sification of frequently used elements is accomplished according to their ability to

form carbides such as the first group, carbide forming elements as Mn, Cr, Mo, W,

V, Nb, Ti, Zr and the second group, non-carbide formers as Ni, Co, Cu, Si, P and

Al. Corresponding to the experimental studies of these elements, they are said to be

effective in all stages of tempering [12, 22].

Table 2.7: Effect of austenitization temperature on microstructural features.

Austenitizing Temperature Grain Size Hardness (Vickers) Cγ

860 °C 8.3±1.3µ m (ASTM 10.5) 750 ±30 5.8

1060 °C 14.2±0.9 µ m(ASTM 9.0) 630 ±25 18.1

The main contribution of the first group of elements is the formation of different fine,

coherent carbide precipitates which replace coarse cementite particles [12]. For in-

stance Cr and Mo elements as (Mo,Cr)2C precipitates cause secondary hardening

in the material [14, 12]. However, this is not valid for all elements, for every amount

or every tempering temperature. These elements may form different carbides that

have coarse size, such as the case for Cr for higher tempering temperatures [14, 12].

For secondary hardening to be observed the alloying element amount should be in a

sufficient amount [91]. However, the addition of alloying elements can still affect the

tempered martensite hardness by altering the diffusion kinetics of carbon atoms [92]

. For instance, coarse chromium precipitates can limit the coalescence of carbides

by correct combination with Mo or increased amount and thereby retard the soften-

ing during tempering [8, 12]. In addition, due to partitioning of molybdenum into

cementite, growth of carbides is retarded.

Mn does not have a strong tendency to precipitate as a carbide, but it is still an im-

portant element to be considered [22]. Experiments conducted to reveal the effect of

Mn indicate that carbides remain small and more relative to the plain carbon steels

since carbide coalescence is postponed. Therefore, growth kinetics of ferrite phase is

restricted, and martensitic structure is retained to extended time or temperature range
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[8, 22].

Non-carbide formers as the name implies do not tend to form carbide precipitates,

rather they form solid solution with ferrite phase. Silicon, nickel and phosphorus

strengthen the microstructure by forming solid solution with ferrite phase. For nickel

and phosphorus this is the main mechanism for the hardness increment. Microscopic

examinations prove that these elements have no significant impact on precipitates

[8]. However, the effect of silicon on hardness cannot be restricted to this effect

only, there is an additional mechanism in charge [8, 12, 22]. Silicon is more soluble

in ferrite phase where it is rejected from the carbide precipitates. Therefore, the

Si concentration surrounding carbides is locally increased. This increase impedes

the diffusion of carbon to some extent and results in the retarded carbide growth

and enhanced stability of epsilon carbide that is very fine in nature [8, 14, 12, 22].

Coalescence of carbides is influenced mostly by this partitioning [12].

In addition to all this discussion about elements, recrystallization of transformed

grains begins later than it would be in the absence of alloying elements since the

mobility of boundaries decreased due to pinning by segregation [14] . All in all,

non-carbide formers postpone the softening during tempering by forming solid so-

lution and grain size reduction whereas carbide-formers retard tempering stages by

precipitation hardening [7].

According to the studies conducted to reveal the relation between PAGS and temper-

ing, it is understood that the increase in PAGS results in lower hardness values for

tempered structures [93]. The discrepancy between the mechanical properties of as-

quenched and tempered states for the same steel austenitized at different temperatures

but exposed to same tempering treatment diminishes for increased tempering temper-

ature. Therefore, tempering is said to be neutralizing more or less the differences in

mechanical properties [94, 10].

For instance, in a study concerning AISI 1045 steel specimens are held at austenitiza-

tion temperature for different duration, then tempered at the same temperature [10].

Measured hardness values for as-quenched and as-tempered conditions are as given

in Figure 2.9 [10] . From this figure, tempered martensite hardness indicates that the

variation in as-quenched hardness vanishes by tempering.
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Figure 2.9: Influence of tempering on hardness of AISI 1045 steel.

2.5.1 Models for Estimation of As-Quenched Martensite Hardness

As-quenched martensite hardness is estimated by various approaches in the literature.

These models are provided in Table 2.8. Martensite is denoted as ’m’ in subscripts.

Hardness values in Rockwell units are expressed as HRC and those in Vickers units

are expressed as HV.

The most utilized equation that treats the as-quenched martensite hardness as a func-

tion of chemical composition and cooling rate is Maynier’s model [95, 96, 97, 98].

Abbreviation of elements represents the weight percent addition, and Vr takes the

cooling rate value with a unit of °C/hour. Maynier et al. also provides different ex-

pressions for other phases that could be obtained by quenching in steels. For known

fractions within the microstructure, as-quenched hardness can be calculated through

rule of mixtures, if any phase other than martensite exists.

Another equation stated by Liscic relates the hardness only to dissolved carbon atoms

[99]. This equation is valid only for appropriate austenitizing and quenching param-

eters that a 100% martensitic structure is obtained in as-quenched state.

Yurioka et al. developed another empirical equation for as-quenched martensite hard-

ness [100, 101]. However, this equation is related to martensite in heat affected zones
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(HAZ) of as-welded components. According to this relation, martensite hardness

depends solely on the carbon content.

Table 2.8: Models used for as-quenched martensite hardness estimation.

No. Investigation Formula

1. Maynier et al. [95] HVm = 127 + 949C + 27Si+ 11Mn+ 8Ni+ 16Cr + 211logVr

2. Liscic [99] HRC100%martensite ≈ 60
√
C + 20

3. Yurioka et al. [100] HVm = 884C(1− 0.3C2) + 294

2.5.2 Models for Estimation of Tempered Martensite Hardness

The models used to describe the hardness of tempered martensite are provided in

Table 2.9. Hardness values in Rockwell units are expressed as HRC and those in

Vickers units are expressed as HV.

One of the most used equations is German standard DIN 17021 [102, 92, 11, 99]. Tt

is the tempering temperature and Tref is the reference tempering temperature which

is determined for 1 hour tempering. This equation is stated to be valid for tempering

temperature range of 490°C-610°C [11, 99].

The other widely utilized model is proposed by Just [103, 102, 92, 99]. In this deriva-

tion, differing from what is expressed in German standard, the degree of hardening,

S, is included. This degree simply explains the ratio between hardness of tempered

state and as-quenched state [99]. Degree of hardening can be determined according

to the desired performance which provides an opportunity to foresee the accuracy of

defined tempering route. Therefore, the risk of choosing inappropriate parameters

is eliminated and the quality of this treatment can be estimated by considering this

ratio. In Figure 2.10, Just defined the required degree of hardening corresponding to

the desired final hardness in allowed region where S curve is provided as a function of

tempered hardness [99]. Degree of hardening is considered as a significant value be-

cause it scales down the as-quenched hardness according to the tempering treatment.

For instance, the decrease in hardness during tempering is greater in high hardness
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values in as-quenched state.

Figure 2.10: Degree of hardening values specified for desired quenched&tempered

hardness steel.

Just also proposed a different model for estimation of hardness after tempering as a

function of tempering parameters. This equation is based on the linear dependency

of hardness to tempering temperature within 320°C-720°C range and a logarithmic

dependence on time [103].

Smoljan et al., developed an empirical equation which is applicable to low alloy steels

[102]. As-quenched hardness is computed by using the relationship between the cool-

ing rate and Jominy end-quench test results. Here in this equation HRCmin value

represents the minimum hardness of the same steel specimen in as-received condi-

tion and K is a factor that includes parameters depending on the degree of harden-

ing and chemical composition [92]. The parameters, A, B, a and n1 are determined

from regression analysis conducted on experimental data acquired from quenched and

tempered low alloy steel specimen. Therefore, these constants vary from material to

material.

Although Just’s model that incorporates the degree of hardening into the estimation

of tempered martensite is considered as a more precise model compared to German

standard DIN 12701, it is stated as an incomplete expression by Smoljan et al [92].

According to their justification, estimation of hardness should consist of parameters
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of diffusion. The influence of alloying elements on tempering kinetics is discussed

in detail in the previous section. Since they have capability to alter the diffusion

of carbon atoms, the amount of martensite phase existing in the final microstruc-

ture changes which indicates that the hardenability is affected as well. Therefore, it

is stated that the addition of parameters related to hardenability is required to have

a better approximation. Both maximum achievable hardness in as-quenched state,

HRCmax , and the distance of 50% martensite matrix appears, Ed, can be introduced.

Referent tempering temperature and other constants like n1,n2 and n3 are calculated

through regression analysis.

Khan and Gautham utilized a fraction factor that implies the decrease in tempered

martensite hardness depending on the as-quenched hardness derived from Maynier’s

equation [96]. The expression of this factor is accomplished by experimental knowl-

edge of steels having different carbon composition that are exposed to varying tem-

pering temperatures. In order to use this formulation for varying tempering routes,

Jaffe-Holloman parameter is provided to calculate the equivalent temperature. Then,

tempered martensite hardness values can be attributed to the evolution occurring in

as-quenched microstructure during tempering. However, this method is applicable for

low tempering temperatures where the microstructure does not undergo significant al-

terations like decomposition of a fully martensitic structure into ferrite and cementite.

This is also a restriction for the usage of Jaffe-Holloman parameter [96].

Kang and Lee, differing from other studies mentioned in this text, built a relation-

ship between Jaffe-Holloman tempering parameter and tempered martensite hardness

[91]. Jaffe-Holloman tempering parameter (TP) is based on the assumption that the

tempering is simply the softening of martensite matrix by diffusion, and it can ex-

press the complexity of tempering stages. This parameter (TP) is chosen as activation

energy required for tempering procedure to occur. In the unmodified expression of

TP, C value exists as a parameter to be determined. Both the activation energy and

C values are stated to be dependent on tempering conditions and chemical composi-

tion of steel. In addition, the dependency of C causes the selection of a variable C

value rather than having a constant one. This variation is specific to material due to

the amount and presence of different alloying elements.Therefore, this definition is

updated to the form that is shown in the table. This model basically underlines the re-
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lationship between tempered martensite hardness and both tempering conditions and

chemical composition. This model is then developed in a few studies [19, 104] in

order to have a better approximation and decrease the difference between the calcu-

lated and computed tempered hardness values. For this purpose, correction factors

are introduced into the original expression. Souza et al., achieved some improve-

ments about this model where it is proposed specifically to AISI 4340 steel and for

1.5 hours tempering [19].

Table 2.9: Models used for tempered martensite hardness estimation.

No. Investigation Formula

1. DIN 17021 [92, 102, 11, 99] HRCt =
HRCq+17

Tt
167

−2.8

2. Just [103, 92, 102, 99] HRCt = 8 + (HRCq − 8)exp[−S(Ttemp

917
)6]

S = HRCq

HRCmax

3. Just [103] HRCt = 102− 5.7 ∗ 10−3[Tt(12 + log t)]

4. Smoljan et al. [102] HRCt =
HRCq−HRCmin

K
+HRCmin

K = exp[AB(Ttemp

a
)n1 ]

5. Smoljan et al. [92] HRCt = HRCmin

+(HRCq −HRCmin)exp[−Sn1En2
d ( Tt

Tref
)n3 ]

6. Khan & Gautham [96] HV t
m = HVm ∗ f

f = 1.304(1− 0.0013T )− (1− 0.3619C) for C < 0.45

7. Kang & Lee [91] HV t
m = (1542.97− 25.31

Xc
)exp(−1.23 ∗ 10−4TP )

TP = (logt+(k0 +
∑

i kiXi))

2.6 Relationship Between Yield Strength and Hardness

For the estimation of mechanical properties, a correlation between them can be em-

ployed like for yield strength and hardness. Measuring hardness does not cause any

destructive damage to the specimens and lacks any complicated testing limitations.

Therefore, a correlation based on hardness estimation is used in literature frequently.

43



However, for predicting hardness empirical based models are developed while yield

strength is expressed through physical based models. Most importantly, predicting the

flow stress from hardness alone is not very likely. Hence, in this study yield strength-

based hardness estimation is accomplished. There have been numerous studies con-

ducted to construct a way to provide that transition. However, for this kind of corre-

lation, empirical results are utilized in common. Therefore, empirical approaches for

this relationship are provided in this section. Models mentioned in the literature are

listed in Table 2.10. Hardness values in Rockwell units are expressed as HRC and

those in Vickers units are expressed as HV.

The most utilized model is Taylor’s relationship which is developed for crystalline

metals by evaluating the results of experiments [105, 106]. In this equation, K takes a

value ranging between 2.9 and 3 that is determined according to the indentation pro-

cedure and the material itself. However, for dynamic loading conditions, it is declared

that this model does not fit to the experimental results which may be attributed to the

absence of strain hardening effect [16].

Cahoon improved Taylor’s equation for steels by incorporating the strain hardening

exponent term into it since the strain hardening ability affects the relationship built

between yield strength and hardness [107, 108].

Table 2.10: Yield strength hardness relationship.

No. Investigation Formula

1. Tabor [109] σyield = HVK

2. Cahoon et al.[110] σyield = 3 ∗HV (0.1)n

3. Just [103] σyield = (0.8 + 0.1C)σUTS + 170C − 200

σUTS = 3.3HV

In the literature, mechanical properties are associated with ultimate tensile strength,

σUTS and degree of hardening, C, [3, 102]. The model relating the yield strength and

hardness proposed by Just is made of two steps which indicate this association.

Experimental work conducted to reveal what value can constant K in Tabor’s equality
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take for AISI 4340 steel shows that for static, yield strength is approximately 3 times

compressive stress hardness [16, 111].
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CHAPTER 3

EXPERIMENTAL PROCEDURE

3.1 Precipitation Analysis of AISI 4340 Steel

The microstructural evolution of AISI 4340 steel during quenching and tempering is

referred in detail in Chapter 2. In the expression of mechanical properties, multiple

parameters of the microstructural features are required. To simulate this evolution,

ThermoCalc software is preferred. Depending on the number of variables the appro-

priate calculation type is adjusted. Critical transformation temperatures and retained

austenite amount of AISI 4340 steel are determined according to the heat treatment

route in addition to the generation of equilibrium phase diagram of this armor steel.

During tempering, microstructure evolves in accordance with the precipitation ki-

netics which is connected to mechanical properties through physical aspects. For

predictions of response of a quenched and tempered steel, strengthening due to solid

solution hardening and precipitation hardening requires a few parameters that could

be obtained through simulation. For that purpose, at first main matrix phase and the

particles that could precipitate during tempering are determined by both equilibrium

phase diagram and the literature.

In Chapter 2, the impact of PAGS particularly on the kinetics of martensite trans-

formation is discussed which is therefore accounted as an important parameter that

could be determined before conducting precipitation analysis. Lastly, the initial dis-

location density of the as-quenched state is required since it is a critical parameter for

manipulating the evolution of microstructure. After having these parameters, with the

predefined temperature input, tempering is simulated through ThermoCalc software.
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Figure 3.1: A schematic representation of the precipitation analysis conducted

through ThermoCalc software.

Different results could be yielded by this type of analysis. However, in this study, the

amount of alloying elements remained in the matrix phase after precipitation, as well

as the radius and fraction of carbides are prominent to have since they are required in

the calculation of solid solution hardening and precipitation hardening components.

This procedure is visually provided through Figure 3.1.

3.2 High Strain Rate Testing of AISI 4340 Steel

High strain rate testing covers a range from 102 to 104 that are experienced by materi-

als used as protective structures in bullet impacts, explosions, vehicle body structures

and so on. Under impact, both hardening and softening mechanisms are effective

in the flow behavior of the subject material. This concludes to a point that the me-

chanical response of the structure for high strain rate deformation differs from what

is observed for quasi-static conditions. Due to the complexity of the microstruc-

tural changes in high rate applications, testing methods other than uniaxial compres-

sion/tension should be favored. With a thorough understanding of elastic wave theory,

Split Hopkinson Pressure Bar (SHPB) system has been preferred widely in dynamic

testing research. A schematic view of an SHPB is provided in Figure 3.2 [2].

This apparatus is mainly composed of three constituents: loading device, bar system

and data acquisition system. Loading is accomplished with gas plumbed into the

accelerator that is pressurized to the desired value. Then, a gas gun is released to

launch the striker bar that is to be accelerated within a barrel with a constant speed.
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Figure 3.2: A schematic representation of a Split Hopkinson Bar Apparatus.

This mechanism determines the impact velocity that is exerted on the specimen. As

the compression of air is increased, higher strain rate is achieved. The bar systems

consist incident, transmission bars and momentum trap device in optional use. Bars

transmit or reflect the stress wave generated by the loading device. The striker bar hits

the incident bar which transmits this wave to the specimen’s incident bar face. At this

point, a fraction of the wave reflects back to the incident bar while the remaining part

propagates through specimen and transmission bar. At the end of the transmission

bar this wave is also reflected as it is the case for the reflection of reflected wave at

the incident/striker bar interface. These reflections continue until the unloading of

specimen is reached. Momentum trap is used for cases where a single hit is requested

for the specimen since it prevents additional impact by absorbing this energy. Data is

acquired through measuring of surface strains by strain gauges located on incident and

transmission bars. Incident and reflected waves are at incident bar and transmission

wave at transmission bar are recorded. Specimen is squeezed in between these two

bars as indicated in Figure 3.3 [112].

Strain is calculated via conversion of voltage read on bars, Vbar, separately by follow-

ing equation 3.1.

ϵ = Vbar ∗
Ωgauge

Vcalibration ∗GF ∗ (Ωgauge + Ωcalibration)
(3.1)

Vcalibration is the voltage at which calibration of the recording units is done. Resistance
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Figure 3.3: Specimen placement in SHPB.

Figure 3.4: Strains associated at both ends of specimen.

of strain gauge and calibrating resistor are considered in addition to gauge factor, GF.

Strains associated with each bar are illustrated in Figure 3.4 [113].

As long as the stress equilibrium in one dimension is conserved, velocities at each side

of the specimen can be expressed with incident (ϵI), reflected(ϵR) and transmitted (ϵT )

strains through equation 3.2 and equation 3.3.

ν1 = C(ϵI − ϵR) (3.2)

ν2 = C(ϵT ) (3.3)

Then, average strain rate and strain of the subjected material can be calculated through

equation 3.4 and equation 3.5.
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ϵ̇ =
ν1 − ν2

L
=

C

L
(ϵI − ϵR − ϵT ) (3.4)

ϵ =

∫ t

0

ϵ̇ dt =
C

L

∫ t

0

(ϵI − ϵR − ϵT ) dt (3.5)

When dynamic equilibrium maintained, strain from transmission signal equals to

summation of incident and reflected ones. Therefore, equation 3.4 and equation 3.5

are simplified to equation 3.6 and equation 3.7.

ϵ̇ = −2
C

L
(ϵR) (3.6)

ϵ = −2
C

L

∫ t

0

ϵR dt (3.7)

Then, stress can be computed from equation 3.8.

σ(t) = E
A0

A
ϵT (t) (3.8)

Incident, transmitted and reflected waves are obtained through a software built in the

device and an example of this result is displayed in Figure 3.5. Blue pulse belongs

to the incident bar while red pulse is obtained from the strain gauge located on trans-

mission bar. As it is shown in this figure, the first pulse belongs to the incident bar.

This wave is reflected at the specimen end where the remaining fraction is seen as

transmitted wave.

Since the wave theory relates the measured pulse and stress or strain, wave propaga-

tion can be converted to stress-strain diagram. SHPB manufactured by REL Inc. has

a built-in software, SurePulse, to accomplish this conversion [114]. An example to

that interface is indicated through Figure 3.6.

Maintaining the stress equilibrium at both ends of the specimen within milliseconds

would be unlikely. The initial loading cannot be adjusted appropriately. Therefore,

the data obtained from the strain measurements are expected to have a fluctuating
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Figure 3.5: Wave propagation in SHPB testing.

Figure 3.6: Interface of SurePulse software.

52



(a) (b)

Figure 3.7: Incident and reflected pulse results of two different samples a)without

pulse shaper, b)with pulse shaper.

nature in wave propagation. In addition, this limited time promotes variations in the

strain rate. To eliminate these drawbacks, a pulse shaper could be placed at the impact

end of incident bar. In this way, the first pulse is consumed by the pulse-shaper and

this great gradient in strain rate is not reflected to the specimen. Figure 3.7 displays

two different examples of incident and reflected pulses. For the one that the shaper

is placed on incident bar, reflected and incident pulses overlap which is expected for

cases where stress equilibrium is maintained. In Figure 3.7b, one can easily observe

that there is a dispersion in the waves at the beginning.

Figure 3.8 displays the equipment used in the testing procedure. Whole bars are made

of the same material, C350 steel, to sustain the consistency in wave propagation.

Striker bar length varies according to desired value of strain rate while incident and

transmission bars are of 144-inch length. The diameter of each bar equals to 0.75

inch.

AISI 4340 steel specimens are machined from a 30 mm diameter long commercial

bar to a final 6.4 mm diameter and 6.4 mm length. After machining, parallelism of

both ends is investigated. For this purpose, a suggested standard is used where height

of a randomly selected specimen is measured at the center and at 120 intervals on

the edge [115]. According to this method for a ratio of standard deviation of these

measurements, Sh, over their average, h0, is less than 0.04, specimens are valid to be
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Figure 3.8: Split Hopkinson Pressure Bar equipment.

tested. Measurement of 4 machined specimens is given in Table 3.1.

Machined specimens are subjected to heat treatment. By evaluating the equilibrium

phase diagram of AISI 4340 steel, austenitization at 860°C for 1 hour is conducted.

For a complete transformation of austenite to martensite, specimens are quenched in

an oil medium. At last, tempering is applied at 450°C, 500°C, 550°C, 600°C and

650°C for 1 hour. This treatment is visually described in Figure 3.9.

These specimens are subjected to high strain rate testing by Split Hopkinson Pressure

Bar in compression mode at approximately 500 s-1 and 1000 s-1. For each sample,

multiple combinations of different striker bars with different lengths and various pres-

sures are tried due to lack of experience. Specimens are tested at room temperature

without any interruption of external heating since there is no heating unit attached to

the equipment.
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Table 3.1: Height measurement of machined samples.

Measurement (mm) #1 #2 #3 #4

h1(centre) 6.414 6.424 6.503 6.517

h2(edge) 6.401 6.402 6.453 6.521

h3(edge) 6.41 6.416 6.480 6.498

h4(edge) 6.416 6.427 6.461 6. 515

h0 6.410 6.417 6.474 6.512

Sh 0.006 0.011 0.022 0.010

Sh/h0 0.001 0.001 0.003 0.001

Figure 3.9: Heat treatment prescription of AISI 4340 steel.
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CHAPTER 4

RESULTS AND DISCUSSION

For a complete characterization, transformation temperatures of AISI 4340 steel are

investigated through ThermoCalc software. In addition, microstructural details for

quenched and tempered structure are obtained then to be entered as inputs for the

prediction of mechanical response under dynamic conditions. Chemical composition

utilized for that purpose is provided in Table 4.1.

4.1 Transformation Temperatures of AISI 4340 Steel

Equilibrium phase diagram of AISI 4340 steel is obtained for temperatures ranging

from 600°C to 1600°C as provided in Figure 4.1. This analysis is executed to deter-

mine the equilibrium phase for defined heat treatment. From this figure, it is obvious

that for predefined austenitization temperature, austenite is the only stable phase in

the microstructure by ignoring the negligible amount of MnS inclusion. Nucleation

of austenite is driven at around 1488°C. For the definition of phases, abbreviations

are preferred in ThermoCalc software for which an explanatory table is provided in

Appendix, Chapter 6.
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Figure 4.1: Equilibrium phase diagram of AISI 4340 steel within 600-1600°C tem-

perature range.

Table 4.1: Chemical composition of AISI 4340 steel.

Elements

wt.%

C Ni Mn Mo Cr Si P S

0.38-0.43 1.65-2.00 0.6-0.8 0.2-0.3 0.7-0.9 0.15-0.35 0.035 0.04

Mean Composition 0.405 1.825 0.700 0.250 0.800 0.200 0.035 0.040

4.1.1 Martensite Transformation Temperatures of AISI 4340 Steel

Protective structures manufactured from AISI 4340 steel are strengthened through

quenching and tempering. For these components, annealing at 860°C is followed by

quenching in an oil medium in general [18, 5, 17]. In the study of Tavares et al., prior

austenite grain size after such an heat treatment is measured as 8.3 ± 1.3 µm (ASTM

10.5) [6]. In ThermoCalc software the default value of this parameter is defined as

100 µm. In order to be able to interpret the influence of grain size on transforma-

tion kinetics, a comparison by means of martensite transformation temperatures is

achieved as provided in Table 4.2.

According to Table 4.2, transformation is observed to be initiated at relatively lower

temperatures. With decreasing grain size nucleation sites for martensitic transforma-
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Table 4.2: Martensitic Temperatures of AISI 4340 Steel

PAGS Ms M50 M90 M99

100 µm 319°C 286°C 257°C 195°C

8 µm 286°C 252°C 219°C 147°C

tion increases which concludes to a transformation beginning and ending at relatively

lower temperatures. Due to evident influence of PAGS, from this point on, 8 µm is

favored as an input throughout the analysis conducted on ThermoCalc. Since M90

temperature is assumed as a temperature beyond which no remarkable change in the

amount or fraction of phases is detected, martensite transformation is accepted to start

at 286°C and end at 219 °C [6]. However, these values are determined for the mean

composition of AISI 4340 steel. Instead, there is an acceptable range of variation

for elements corresponding to the designation. Composition is also an input for the

precipitation analyses. Therefore, the relationship between the chemical composition

and the transformation kinetics is required to be determined. For that purpose, ran-

dom samples with random compositions are selected within the population containing

all possible configurations. To avoid non-normal distribution, sample size in consid-

eration is increased and multiple values are assigned to this parameter. More sample

implies a greater probability of having a better dispersion and estimations closer to

the response of real systems [116]. Therefore, the standard deviation of the popula-

tion is expected to decrease. The samples are aimed to fall within the 95% confidence

level for which the width of the distribution is adjusted.

Martensite transformation temperature data for samples with a composition limited

by the acceptable range for each element are plotted for every different sample size as

in Figure 4.2. Blue dots are certain values for corresponding sample size. The curve

connecting these dots do not yield to a certain temperature value due to its fluctuating

nature. This noisy data is not considered appropriate for a comparison to relate the

influence of composition to transformation kinetics. To have a better understanding,

a statistical method known as moving average is applied in the manner of its frequent

usage in finance. This method simply takes the average of ’n’ consecutive datum just

to smooth out the data[117]. The results of this method are displayed by green lines.
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Standard deviation experiences an obvious decrease while the average Ms and M90

are around at 286°C and 219°C. When these are compared with the exact tempera-

tures, it is deduced that the influence of composition exerted on the transformation

kinetics can be ignored. Therefore, for further analyses mean composition can be

inserted as an input.

(a) (b)

(c) (d)

Figure 4.2: Effect of varying sampling size on martensitic transformation tempera-

tures of AISI 4340 Steel. a)Average of MS, b) Standard deviation of MS, c) Average

of M90, d) Standard deviation of M90
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4.1.2 Liquidus Temperature of AISI 4340 Steel

Exact liquidus temperature for the mean composition of AISI 4340 steel is stated in

Table 4.3. For the varying composition within the described range, plotted average

results for different sample size in Figure 4.3 are seen to be deviating around 1487°C.

Due to little variation in between the results, the assumption of using mean composi-

tion as an input is validated for liquidus temperature as well.

Table 4.3: Liquidus Temperature for the mean composition of AISI 4340 steel

Liquidus Temperature 1487.69°C

(a) (b)

Figure 4.3: Effect of varying sampling size on liquidus temperature of AISI 4340

Steel. a)Average of liquidus temperature, b)Standard deviation of liquidus

4.1.3 A1 & A3 Temperatures of AISI 4340 Steel

For hypoeutectoid steels, there are two important temperatures for the determination

of heat treatment route. Austenitization is conducted at temperatures greater than A3

reaction line. Then, under equilibrium cooling rates, austenite undergoes eutectoid

reaction below A1 line. The exact values corresponding to these temperatures for

AISI 4340 steel with mean composition are provided in Table 4.4. The influence

of varying composition within the prescribed range is provided in Figure 4.4. By
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Table 4.4: A1 & A3 temperatures for the mean composition of AISI 4340 Steel

A1 Temperature 671.9°C

A3 Temperature 744.3°C

comparing this set of figures with Table 4.4, benefiting from the mean composition is

supported once more.

(a) (b)

(c) (d)

Figure 4.4: Effect of varying sampling size on A1 and A3 temperatures of AISI 4340

Steel. a)Average of A1, b) Standard deviation of A1, c) Average of A3, d) Standard

deviation of A3.
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4.1.4 Retained Austenite Fraction of AISI 4340 Steel

In case of the application of an inappropriate heat treatment, microstructure might

contain untransformed austenite. The presence of this retained phase is generally

detrimental to the mechanical properties and lifetime of the material. In the litera-

ture, for the predefined heat treatment parameters, there is no evident existence of

retained austenite in AISI 4340 steel [19, 6]. Through ThermoCalc, this declaration

is supported by analyzing the retained austenite amount in percentage with respect to

prior austenite grain size. Figure 4.5 covers a broad grain size range where both the

default value and the value taken from literature coexist. Even for 8 µm grain size,

around 0.12% of the microstructure is composed of retained austenite which is quite

negligible.

Figure 4.5: Retained austenite percentage for varying grain size.

4.2 Precipitation of AISI 4340 Steel During Tempering

Predefined heat treatment route of AISI 4340 steel used as a protective structure in-

volves tempering between 450°C and 650°C. For this temperature range, an equi-

librium calculation is completed through ThermoCalc software. Result in Figure 4.6

displays the presence of ferrite, cementite, M23C6 and MnS for that treatment. MnS

is the most encountered inclusion in steels for which special manufacturing tech-
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niques are required to eliminate from the microstructure [5]. This inclusion is stable

for the defined tempering temperature interval which is supported with the driving

force analysis provided in Appendix. However, its volume fraction does not exceed

10-19. Therefore, for the precipitation analyses, it is not considered as a phase in the

microstructure.

Precipitation analyses are based on thermodynamic principles where equilibrium is

maintained to reach an energetically favorable configuration. Therefore, during the

revealing of microstructure, only phases that lower the Gibbs free energy of the sys-

tem are indicated. In the literature, experimental studies reveal the presence of differ-

ent carbides like M7C3, M3C2 and MoC in addition to what is stated in Figure 4.6.

To determine which carbides can precipitate during tempering, driving force analyses

are conducted within 450°C and 650°C.

In Figure 4.7, it is evident that all three carbides have positive driving force values

for all the tempering temperatures in consideration. A positive driving force implies

that the forward reaction is promoted to lower the system’s energy and finally to

reach out to the equilibrium state. Therefore, these carbides are also included in the

precipitation analyses.

Figure 4.6: Equilibrium phases between 450°C and 650°C.
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Figure 4.7: Driving force per mole of M7C3,M3C2 and MC.

In addition to the matrix and precipitate phases, initial dislocation density in as-

quenched state is also a parameter that is required in precipitation analysis. Measuring

dislocation density is possible by using transmission electron microscopy. Instead of

this method, in this study the model developed by Young and Bhadeshia that is ex-

plaining density with respect to Ms temperature is preferred [62]. Ms temperature of

AISI 4340 steel that is determined as 286°C is entered into equation 4.1.

log ρdis = 9.2840 +
6880.73

Ms

− 1780360

M2
s

(4.1)

In as-quenched state, dislocation density is calculated as 7.86*1015 m-2 which is sup-

ported by experimental results[118].

When phases in the microstructure acquire the amount and composition that are

dictated by equilibrium, the system becomes stable. However, before the equilib-

rium configuration is maintained a transition period is experienced. In the initial

stages, non-equilibrium conditions prevail. For cementite, this stage is termed as

para-equilibrium where carbon atoms succeed diffusing from matrix phase to the

para-cementite due to their interstitial nature whereas substitutional alloying ele-

ments do not have that mobility to reach out to the fully equilibrated state. Then,

as the sufficient time to precede the diffusion of substitutional elements passes, ortho-
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equilibrium is maintained and the chemical composition of precipitate phase differs

from the parent phase[119]. For cementite analysis, ortho-equilibrium conditions are

considered since tempering for 1 hour is assumed to be sufficient to have equilib-

rium amount and composition of precipitates. Volume fraction results of carbides for

related temperatures are provided through Figure 4.8. For 450°C, volume fraction

of any of the carbides does not exceed 10−19. Therefore, carbide evolution at this

temperature is not considered.

Predictably, microstructure assumes equilibrium configuration sooner as the temper-

ing temperature increases. For instance, while cementite is not at its equilibrium

fraction at 500°C, for higher temperatures it is just a matter of seconds. The presence

of alloy carbides is not as remarkable as cementite but their quantities are still consid-

ered in yield strength predictions except M3C2. Its fraction never goes beyond 10−19.

Therefore, further calculations are focused on cementite, M23C6 and M7C3.

In addition to volume fraction of precipitates, weight percent of each alloying element

can be obtained through precipitation analysis in ThermoCalc which are then used as

an input for the solid solution hardening calculations. The investigation for distribu-

tion of alloying elements in the microstructure is provided through Figure 4.9. From

this set of figures, it is obvious that tempering at 500°C for 1 hour does not conclude

to a remarkable variation in the weight percent of alloying elements. This indicates

that these tempering parameters are not sufficient to drive diffusion significantly. This

result is compatible with the negligible volume fraction of carbides at this temperature

as given in Figure 4.8a.

For higher temperatures, carbon is depleted approximately to zero in the matrix. Car-

bon atoms enriches the matrix locally for the formation of carbide clusters. With

enhanced diffusion kinetics, carbides are observed in the microstructure. When this

result is compared with the volume fraction evolution, it is clear that carbon atoms

form mostly cementite. With temperature, cementite appears within a shorter period

due to increased mobility of atoms.
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(a) (b)

(c) (d)

Figure 4.8: Volume fraction evaluation of carbides in consideration at a)500°C, b)

550°C, c) 600°C, d) 650°C.

After carbon, the greatest decrease is observed for chromium and molybdenum re-

spectively. These elements partition to cementite significantly for temperatures higher

than 500°C. Diffusing towards to cementite is compatible with the carbide forming

tendency of these elements. Atom probe analyses of AISI 4340 steel support the

existence of these elements near the phase boundary in between the cementite and
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the matrix [120]. Carbide formers replace iron atoms for the formation of alloy car-

bides. However, the matrix composition results suggest that there is an increase in

the amount of these elements in the matrix with increasing tempering temperature.

It implies that the stability of alloy carbides in this microstructure is not comparable

to stability of cementite. This is compatible with the volume fraction evolution re-

sults that the presence of cementite dominates the microstructure rather than the other

carbides as shown in Figures 4.8b,4.8c,4.8d.

Reduction of amount of silicon and nickel within the matrix is attributed to their non-

carbide forming nature. The solubility of these elements within cementite is limited

to low values which promotes the rejection of silicon and nickel from this metastable

phase. This is supported by the element distribution analysis results demonstrated

in other studies [120, 121]. Although, especially silicon is found to be trapped in

cementite at the earlier stages of tempering, for higher temperatures or prolonged

times enhanced kinetics of diffusion leads to the migration of silicon atoms.
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(a) (b)

(c) (d)

(e) (f)

Figure 4.9: Matrix composition in terms of elements a) carbon, b) chromium, c)

manganese, d) molybdenum, e) nickel and f) silicon for predefined tempering tem-

peratures.
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4.3 Yield Strength Estimation

In Chapter 2, different expressions were presented to describe the relationship be-

tween microstructure and yield point. The validity of these models is verified by the

experimental studies conducted related to different types of alloys or different metals.

For the estimation of yield strength of AISI 4340 steel, the most appropriate mod-

els are selected amongst them according to strengthening mechanisms effective in

quenching and tempering procedure. The description of each model are provided in

Table 4.5.

Table 4.5: Models used for yield strength estimation.

Strengthening Mechanism Formulation

Peierls stress 78− 0.023 ∗ T

Solid Solution Hardening
∑

i=1 0.00689KiX
ni
i

Strain Hardening α ∗M ∗G ∗ b ∗ √ρdis

Precipitation Hardening 0.26(Gb
r
)f 1/2 ln r

b

Subgrain Boundary Hardening Ky√
dlath

Calculation of total yield strength can be accomplished through different methods.

These expressions are formulated through equations 4.2,4.3 and 4.4.

σRMS = (σ2
Sh + (σP + σSs + σPpt + σSgb)

2)1/2 (4.2)

σlinear = σP + σSs + σPpt + σSh + σSgb (4.3)

σGN = σP + σSs + ((σSh + σSgb)
2 + σ2

Ppt)
1/2 (4.4)

Contributions arising from precipitation hardening and solid solution hardening are

calculated by the numerical outcomes of precipitation analyses. Except Peierls stress

70



modeling, for all the other mechanisms there are constant parameters in these expres-

sions. Values corresponding to each one are presented in Table 4.6.

Since all the required inputs are obtained, yield strength estimations are accomplished

by considering the effect of strengthening mechanisms separately. In Table 4.7, re-

sults of three different methods are provided together with the data derived from liter-

ature as σlit. For subgrain boundary hardening and work hardening mechanisms that

contribute a constant value to total yield strength for every temperature, σC is defined

in the table.

Table 4.6: Model parameters of strengthening mechanisms.

Parameter Numeric Value (unit)

α 0.4 [122]

Taylor orientation factor - M 2.75 [23]

Burgers vector - b 0.248 (nm) [122]

Hall-Petch constant - Ky 300 (MPa
√
µm) [47]

Lath width - dlath 0.33 (µm) [122]

In the literature, it is frequently mentioned that yield strength of samples tempered

at higher temperatures are lower than the ones tempered at relatively lower temper-

atures. By considering Table 4.7, decrease in yield strength can be investigated and

interpreted by means of every mechanism separately.

Dislocation movement within the lattice requires breakage and rejoining of bonds,

consecutively. This motion is resisted by the lattice which is overcome by Peierls

stress. With temperature, weakened bonds ease the passage of dislocations. There-

fore, the overall resistance to slip introduced by the lattice itself tends to decline with

increasing tempering temperature. When the corresponding values of each tempering

temperature are compared, it is observed that there is an evident declining trend in the

contribution of Peierls stress.

However, apart from Peierls stress, the greatest decrease is noticed in strain hardening

when values for corresponding tempering temperatures are compared. With the aid
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of thermal assistance, dislocation mobility is enhanced. Therefore, improved disloca-

tion movement leads to the annihilation of oppositely signed dislocations. Decreased

dislocation density reduces the contribution arising from strain hardening. There is al-

most around tenfold decrease from the value of as-quenched state to 650°C tempered

structure.

Formation of second phase particles is the main issue during tempering. However,

the contribution of precipitation hardening does not exert a significant influence on

the total yield strength for all the tempering temperatures as understood from Table

4.7. This brings this discussion to the point that the contribution of this component is

not reflected in precipitation hardening component. Alloying elements are depleted

in the matrix to initiate precipitate formation. Therefore, it is deduced that nucleation

of second phase particles affects the yield strength in terms of solid solution harden-

ing. Accelerated diffusion kinetics with increasing tempering temperature results in a

greater lack of alloying elements formerly positioned in the matrix. Hence, tempering

temperature influences solid solution hardening indirectly.

Subgrain boundary hardening is kept constant throughout the heat treatment proce-

dure. Martensite is assumed to be exempted from coarsening for this temperature

range [37]. There is a contradiction about which subgrain structure is prominent for

the hardening of martensitic steels [30]. However, experimental studies close this dis-

cussion with a proposal that for low alloy medium carbon steels effective grain size

is lath width [122]. Since this parameter is treated as a constant in this study, the hin-

drance to dislocation motion by subgrain boundaries outweighs all other mechanisms

for especially higher tempering temperatures.

When the results of summation methods are compared with the literature data, it is

deduced that RMS method fails to approach the real values. However, both linear

summation and GN method are in good agreement with those values. Therefore, for

the prediction of yield strength for other armor steels strengthened through quench-

ing and tempering, these methods can give a good insight. However, it can still be

referred that there is a slight deviation from the literature data. Preferences made in

the expression of strengthening mechanisms or the assumptions like constant lath size

might have led to the error. In addition, while conducting the precipitation analyses,
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ThermoCalc software does not offer an option to use heat treatment duration as an

input. All of these reasons may have accumulated as a total error in the prediction of

yield strength.
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Table 4.7: Comparison of modeled yield strength and literature data.

Strengthening Mechanisms (MPa) Yield Strength (MPa)

Temperature σP σSs σSh σPpt σC σRMS σlinear σGN σlit

As-Quenched 71.15 167.2 1394.7 0 587 1620.6 2220.1 2155.1 2015 [5]

450°C 60.8 167.2 594.9 0 587 1009.1 1409.9 1345.0 1475 [123]

500°C 59.7 165.3 428.6 3.86e-05 587 918.2 1240.6 1175.6 1160 [21]

550°C 58.5 141.7 280.5 3.89e-05 587 834.5 1067.7 1001.4 1059 [21]

600°C 57.4 140.4 153.9 1.50e-05 587 800.9 938.7 874.9 966 [21]

650°C 56.2 118.2 129.1 5.82e-06 587 772.3 890.5 825.5 894.43 [124]

Fractions of relevant mechanisms are provided in Table 4.8 to weigh their contribu-

tion to the yield strength estimated through linear summation method. As expected,

high dislocation density in relatively lower tempering temperatures constitutes the

greater portion of the yield strength of the material. However, due to constant influ-

ence of subgrain boundary hardening on strength, the dominance of strain hardening

vanished.

Table 4.8: Contribution of strengthening mechanisms in σlinear by means of fractions.

Strengthening Mechanism Fractions for σlinear

Temperature σP σSs σSh σPpt σSgb σW

As-Quenched 3.2% 7.5% 62.8% - 23.6% 2.9%

450°C 4.3% 11.9% 42.2% - 37.0% 4.6%

500°C 4.8% 13.3% 34.6% 2.9*10-6% 42.1% 5.2%

550°C 5.5% 13.3% 26.3% 3.4*10-6% 48.8% 6.1%

600°C 6.1% 15.0% 16.4% 1.5*10-6% 55.6% 6.9%

650°C 6.3% 13.3% 14.5% 6.2*10-7% 58.6% 7.3%
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4.4 Hardness Estimation

For hardness estimation based on the predicted values of yield strength, Tabor’s re-

lationship, equation 4.5, is utilized and in Table 4.9 results are displayed. For spec-

imens in as-quenched state AQ abbreviation is used whereas T is for the tempering

condition. Hardness values converted from each method is denoted as subscript in the

table.

σyield = 3 ∗HV (4.5)

Similar to yield point comparison, RMS method fails to approximate the measured

hardness values. The conversion from σlinear data is in a great agreement relative to

other methods despite the minor discrepancy. In addition to the discussion for the

error accumulation of the yield strength predictions, the hardness values derived from

different studies does not belong to the specimens treated in the same way during

quenching and tempering as for the specimens in this study. The literature data is for

specimens austenitized at 850°C for 30 minutes and exposed to 1.5 hours tempering.

However, apart from all these discussion, the compatibility of the estimated results

with the measured hardness values imply that modeling by definitions of strengthen-

ing mechanisms is an accurate way to estimate yield strength and hardness of armor

metals.

Table 4.9: Hardness prediction from yield strength data.

State
HardnessRMS Hardnesslinear HardnessGN Hardness

(Temperature) (HRC) (HRC) (HRC) (HRC)

AQ 51.7 61.8 60.9 58.8

T (450°C) 34 46.8 45.2 45.5

T (500°C) 30.6 42.1 39.9 42.0

T (550°C) 26.9 36.1 33.7 36.3

T (600°C) 25 31.2 28.7 30.8

T (650°C) 23.7 29.4 26.6 30.4
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4.5 Flow Stress Estimation

Predicting flow stress of AISI 4340 steel under high strain rate is accomplished

through the mathematical expressions for each strengthening mechanism. The key

point is to update dislocation density by integrating the effects of work hardening

and dynamic recovery simultaneously. For that purpose, the definitions of Kocks-

Mecking and Bergström are preferred to describe evolution of density [72, 73, 79, 80].

Integration of these expressions yields the model in equation 4.6.

ρ = ρ0 exp(−Mk2ϵ) +
1

b ∗ l ∗ k2
(1− exp(−Mk2ϵ)) (4.6)

M as Taylor factor is utilized to convert shear stress and shear strain to true stress and

true strain. It takes the value as declared in Table 4.6. For the analysis of the mean free

path of dislocations, l, electron backscattered diffraction method is preferred[125]. In

this thesis, a numerical approach is utilized to assess this distance. For lath martensitic

steels, the following formula, equation 4.7, is proposed [126].

l =
cl
CC

(4.7)

cl is a coefficient determined for steels with lath martensitic structure. CC represents

the weight percentage of carbon in martensitic matrix. This parameter is assessed

earlier by the distribution analysis of alloying elements completed through Thermo-

Calc. Dynamic recovery coefficient, k2, is calculated by equation 4.8 as previously

declared. For different strain rates obtained during the testing procedure, the varia-

tion in this parameter is investigated. However, no remarkable variation is detected

for different strain rates which leads to the assumption that this parameter can be

treated as a constant. Values of each term in dislocation density evolution equation

are indicated in Table 4.10.

k2 = ko ∗
[
ϵ̇

ϵ̇0

]−2∗m0

(4.8)
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Table 4.10: Model parameters of dislocation density evolution.

Parameter Numeric Value (unit)

Taylor orientation factor - M 2.75 [23]

Recovery coefficient - k2 9.23 [75]

Burgers vector - b 0.248 (nm) [122]

Proportionality constant - cl 0.0217 (µmwt%) [126]

ρ0 in equation 4.6 is the initial dislocation density for undeformed samples. In the

literature, measurement for dislocation density at different tempering temperatures is

completed by x-ray diffraction [118]. However, in this study samples are heat treated

up to 450°C. Therefore, curve fitting is applied to these values then to be extrapolated

for temperatures in consideration for this study. The result is displayed in Figure 4.10

with a range covering the temperatures in the literature findings.

Figure 4.10: Dislocation density evolution during tempering.

Certain values corresponding to each tempering temperature are provided in Table

4.11 where it is assumed that the evolution starts from these points.
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Table 4.11: Initial dislocation density values for corresponding tempering tempera-

tures.

Tempering temperature Dislocation density (m-2)

As-quenched 7.86e+15

450 °C 1.0e+15

500 °C 5.5e+14

550 °C 2.5e+14

600 °C 8.0e+13

650 °C 6.0e+13

For high strain rate testing, strain hardening term is updated by equation 4.9. Dis-

location density evolution equation is integrated into a loop and the corresponding

values are calculated after each strain increment. Since impact loading happens in

microseconds there is no sufficient time to drive diffusion. Therefore, contributions

of hardening by solid solution, precipitation and subgrain boundary are assigned to

the same values as in the yield strength estimation.

σSh = α ∗M ∗G ∗ b ∗ √ρ (4.9)

Although samples are tested at room temperature, the temperature of the subject metal

increases due to adiabatic heating. Modeling of flow stress described up to this point

does not include the effect of temperature rising during testing procedure. This im-

plies that a correction to the predicted results is required to have greater accuracy. For

that purpose, temperature increase is modeled by equation 4.10 that is relating it to

the stress developed under deformation. For Taylor-Quinney coefficient 0.9 value is

set, indicating that 90% of the work is converted into heat. The heat capacity, C_p,

remains constant at 450 J.kg-1.K-1, assuming that austenitization is not experienced

for these low temperatures [127]. Density of AISI 4340 steel is equal to 7850 kg.m-3.
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∆T =
χσ

ρCp

∆ϵ (4.10)

Rise in temperature for deformations under around 500 s-1 can be interpreted through

Table 4.12.

Table 4.12: Temperature increase for testing at 500 s-1

Sample - Test Conditions Initial Temperature Final Temperature

450°C tempered - 573 s-1 25 °C 29.6°C

500°C tempered - 484 s-1 25 °C 24.27°C

550°C tempered - 570 s-1 25 °C 27.51°C

600°C tempered - 500 s-1 25 °C 21.33°C

650°C tempered - 538 s-1 25 °C 23.5°C

To compute the overall flow stress, similar to yield strength prediction, three summa-

tion methods outlined in equations 4.2, 4.3 and 4.4 are employed. The predictions

of the model using each method for various tempering conditions are then compared

with the experimental data obtained through SHPB testing.

Data captured in the elastic region is eliminated from the experimental results. Infor-

mation gathered by high strain rate testing does not yield an accurate elastic behavior

since the deformation lasts on the order of microseconds. In addition to that the

model developed by Bergström is applicable for defining plasticity under high strain

rate. Therefore, only mechanical response in plastic region is evaluated in this study.

For a comparison, results of both predictions and experiment are superimposed on

true stress versus true plastic strain plots. From Figure 4.11 to Figure 4.15 flow stress

of related specimens are indicated. Due to the lack of experience, striker bar length

and pressure are optimized by trial and error to reach a common strain rate for defor-

mation of samples. The estimation of method proposed by Galindo and Nava differs

from the linear summation method only on the order of 10 MPa. Therefore, the rep-

resentation of both of these methods shows no distinction in the plots.
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One notable observation from these graphs is the considerable noise in the experi-

mental data. This variability is ascribed to the inherent characteristics of high strain

rate testing. In a matter of milliseconds, the strain rate rapidly escalates from zero to

high values. Consequently, during the initial moments of impact, stress equilibrium

cannot be sustained, resulting in a dispersion of waves in the data. This issue could

potentially be resolved by placing a pulse shaper at the impact end of the incident

bar. The effect of pulse shaper is explained in detail in Chapter 3. However, the

experiments in this work are carried out without utilizing a pulse shaper.

Figure 4.11: Comparison of flow stress of 450°C tempered sample from SHPB data

and model prediction at 573 s-1 .
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Figure 4.12: Comparison of flow stress of 500°C tempered sample from SHPB data

and model prediction at 484 s-1.

Figure 4.13: Comparison of flow stress of 550°C tempered sample from SHPB data

and model prediction at 570 s-1.
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Figure 4.14: Comparison of flow stress of 600°C tempered sample from SHPB data

and model prediction at 500 s-1.

Figure 4.15: Comparison of flow stress of 650°C tempered sample from SHPB data

and model prediction at 538 s-1.

At the initial stages of deformation, there is a consistent rise in stress corresponding

to strain across all samples. It is logical to have such a response since work hard-

ening dominates the mechanical behavior at the beginning. However, in contrast to

quasi-static testing, at high strain rates, heat generated from kinetic energy developed
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during deformation triggers dynamic softening procedure. Therefore, a competition

is anticipated for the later stages in between the hardening and softening mechanisms.

For 450°C tempered sample tested under 573 s-1, a linear behavior is observed for

both experimental and model prediction results. The linearity implies that hardening

and recovery rates evolve in a way to balance each other after each strain increment.

Dynamic recovery is known to be driven by the stored energy from strain induced

by defects, considering both the amount and energy per defect. Although both dis-

locations and vacancies are generated during deformation, the majority of the stored

energy arises from the dislocations. Consequently, dislocation density becomes a crit-

ical parameter in determining the kinetics of recovery. Results in Table 4.11 exhibits

that dislocation density at its highest value for tempering conducted at 450°C that

could be obtained within the defined temperature range. This concludes to a greater

driving force for dynamic recovery. Enhanced softening kinetics includes increased

dislocation interactions, resulting in elimination of stress fields surrounding oppo-

sitely signed dislocations to a greater extent. The simultaneous operation of dislo-

cation accumulation through straining and dislocation annihilation through dynamic

recovery appears as a flatter flow behavior.

For temperatures beyond 450°C, work hardening becomes more pronounced. In Fig-

ure 4.12, at the beginning of deformation this linearity is notably disappeared. Stress

is observed to be increasing with strain, implying that work hardening outweighs

dynamic softening effects during impact. This concludes to the inference that dislo-

cations are generated more than they become immobilized. There is almost a hun-

dredfold decrease in dislocation density from 450°C tempered sample to 650°C tem-

pered sample. Consequently, this discrepancy becomes more observable when the

flow stress plots of these samples are compared.

Analyzing Figures 4.11, 4.12, and 4.13, it can be affirmed that the linear summation

method effectively predicts the mechanical response of AISI 4340 steel, even with

minor discrepancies. If the dispersion in the waves is minimized, then this method

could capture the real behavior more accurately. Nevertheless, beyond 550°C tem-

pering, the estimated results of linear summation method exceed the values obtained

through experimentation. Especially, for sample tempered at 650°C, the inaccuracy
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of the model is in plain sight. For these two samples, work hardening rate is way

more beyond than what it should be. This discrepancy is attributed to the inade-

quate modeling of dynamic recovery mechanism. The experimental results indicate

that a lower flow stress is sufficient to sustain deformation, suggesting that disloca-

tions become more annihilated than what is stated by modeling results. Therefore, it

is deduced that dynamic recovery coefficient varies with different tempering condi-

tions and, consequently, with varying dislocation densities. The validity of the model

could be improved across a wider tempering temperature range if this parameter is ex-

pressed as a function of microstructural features and adjusted for different structures.

In Bergström’s model, dynamic recovery lacks a clear physical interpretation. By

defining it with respect to a physical aspect of the microstructure rather than setting

it to a value by fitting experimental results, a better consistency could be obtained.

The hardening rate calculated using the RMS method closely aligns with the exper-

imental data for all samples although it underestimates the flow stress values. This

suggests that by adjusting the integration method for the contribution of strengthening

mechanisms, the predicted results could be brought closer to the actual behavior.

To check the validity of the model under different conditions, samples are tested at

1000 s-1. A higher mechanical force is exerted on the sample to reach higher values

of strain rate. It has been emphasized multiple times that the majority of the applied

work appears as heat. Therefore, for increased strain rate a greater temperature in-

crease is expected. Final temperature results shown in Table 4.13 are higher than

materials tested under rates around 500 s-1.

Table 4.13: Temperature increment for testing at 1000 s-1

Sample - Test Conditions Initial Temperature Final Temperature

450°C tempered - 928 s-1 25 °C 42.4°C

500°C tempered - 1133 s-1 25 °C 47.7°C

550°C tempered - 1137 s-1 25 °C 44.2°C

600°C tempered - 1131 s-1 25 °C 43.1°C

650°C tempered - 1131 s-1 25 °C 49.4°C
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The predicted and the measured results of samples tested at 1000 s-1 are provided

from Figure 4.16 to Figure 4.20. Experimental data of samples tempered at 450°C and

500°C are in great agreement with the results of linear summation method. However,

starting from tempering at 550°C, the results of linear summation method struggle to

provide accurate approximations even for the yield strength.

Yield strength evolves with tempering in a similar fashion to the quasi-static case for

both of the strain rates. However, with increasing tempering temperature the model

estimates yield strength values lower than what is indicated by experimental results.

At 1000 s-1 this discrepancy becomes noticeable for 550°C and beyond. Minor varia-

tions for other samples are disregarded. For the transition from elasticity to plasticity,

greater stress is required to initiate dislocation motion at higher strain rates. This is

due to enhanced lattice resistance to dislocation motion. Assuming the initial disloca-

tion density remains constant regardless of the strain rate, it can be suggested that this

strain rate-dependent resistance may arise from Peierls stress. Therefore, express-

ing Peierls stress as a function of strain rate at high strain rates could enhance the

accuracy of yield strength predictions.

Even with an adjustment for estimating yield strength, the excessively high work

hardening rate would lead to elevated stresses. While predictions emphasize the

dominance of hardening in the mechanical response, reality shows a balance inf flow

stress with the effect of softening. At both of the strain rates, the predictions of sam-

ples tempered at higher temperatures indicate a remarkable hardening influence on

the evolution of flow stress. This is due to the incapability of the model to represent

balancing recovery effects accurately especially for structures with low dislocation

density.

Apart from all these discussions, the hardening rate of nearly all samples are compat-

ible with the prediction of RMS method similar to the previous case. For a further

work, establishing a new integration method can be evaluated to estimate the mechan-

ical response of armor steels being exposed to high strain rates.
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Figure 4.16: Comparison of flow stress of 450°C tempered sample from SHPB data

and model prediction at 928 s-1 .

Figure 4.17: Comparison of flow stress of 500°C tempered sample from SHPB data

and model prediction at 1137 s-1.
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Figure 4.18: Comparison of flow stress of 550°C tempered sample from SHPB data

and model prediction at 1133 s-1.

Figure 4.19: Comparison of flow stress of 600°C tempered sample from SHPB data

and model prediction at 1131 s-1.
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Figure 4.20: Comparison of flow stress of 650°C tempered sample from SHPB data

and model prediction at 1131 s-1.

When employing expressions for effective mechanisms in flow stress, it is assumed,

based on literature findings, that dynamic recrystallization does not occur at these

strain rates and temperatures. Effective recrystallization typically necessitates higher

temperatures, as the nucleation of new, strain-free grains relies on thermal assistance.

It is understood that mechanical properties degrade more during the formation of new

grains compared to the recovery process. As a result, the subject material experiences

a sudden drop in flow stress after reaching its peak value. The insufficient temperature

increase provided in Table 4.12 and Table 4.13, coupled with the absence of any stress

collapse during dynamic tests, supports this assumption.

In order to be able to interpret the influence of strain rate on the mechanical properties,

results of predictions and the experimental data for both 500 s-1 and 1000 s-1 are

superimposed on the same graphs as given from Figure 4.21 to Figure 4.25 for each

tempering condition separately.

Work hardening rate of strain rate sensitive materials undergoes a variation with re-

spect to strain rate. Strain rate can be a limiting factor for the mobility of disloca-

tions. In dynamic conditions, a greater stress is required to overcome the obstacles

where dislocations are accumulated by pile-ups, due to restricted dislocation motion.
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Therefore, plasticity becomes localized at these stress concentration regions which

increases the rate of generation of new dislocations at the beginning of deformation.

Increased interactions of dislocations and the hindered motion concludes to higher

flow stress with positive strain rate sensitivity. In this case, hardening dominates the

response of material. However, when strain rate is increased to higher values than

that, simultaneous operation of adiabatic heating leads to a dominance of dynamic

recovery. At this point, with negative strain rate sensitivity the structure loses its

strength to a greater extent. Consequently, there is no direct proportionality for stress

with respect to strain rate. Rather, the competition in between the rates of accumula-

tion and annihilation of dislocations determines the mechanical response of material.

Upon individual evaluation of the results, excluding the sample tempered at 450°C

and tested under 500 s-1, a clear dominance of work hardening is observed. The pres-

ence of positive strain rate sensitivity can be mentioned since the stress is increasing

in accordance with strain. Consequently, an increase in flow stress values is antic-

ipated with higher strain rates. Analysis of the subsequent figures corroborates this

expectation for both the experimental results and the predicted values.

Figure 4.21: Comparison of flow stress of 450°C tempered sample for two different

strain rates.
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Figure 4.22: Comparison of flow stress of 500°C tempered sample for two different

strain rates.

Figure 4.23: Comparison of flow stress of 550°C tempered sample for two different

strain rates.
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Figure 4.24: Comparison of flow stress of 600°C tempered sample for two different

strain rates.

Figure 4.25: Comparison of flow stress of 650°C tempered sample for two different

strain rates.

91



92



CHAPTER 5

CONCLUSIONS

AISI 4340 steel is amongst the widely used protective structure material in the de-

fense industry due to its outstanding mechanical properties. The performance of ar-

mor steels is expected to endure high strain rate impact exerted upon the material

during these applications. Under these kinds of strain rates, the structure experiences

hardening and softening simultaneously. Stress is known to be in agreement with

strain at the initial stages of deformation for both quasi-static and dynamic condi-

tions. However, apart from the low strain rates, temperature rise due to mechanical

work does not have sufficient time to dissipate within the system under impact load-

ing which promotes the adiabatic heating. During heating the softening processes are

triggered and the flow stress is expected to decrease in accordance with the continu-

ity of deformation for when the softening prevails. Therefore, a complex balance is

maintained for this kind of application.

In this study, the mechanical aspects of AISI 4340 are predicted by the already driven

expressions. Since modeling is based on the physical aspects of the subject mate-

rial, experiments are conducted only for controlling the validity of the model. The

microstructural quantities are obtained by precipitation analysis conducted through

ThermoCalc software. For verification, AISI 4340 steel specimens are machined to

6.4 mm width and 6.4 mm height then to be tested in compression mode of SHPB

apparatus for high strain rates. The aim of this research is to provide validity of a

plasticity model for armor steels strengthened through quenched and tempered pre-

ferred in ballistic applications. For that purpose, specimens are exposed to tempering

temperatures starting from 450°C to 650°C with 50°C intervals.

From the results of transformation temperature analysis Ms and M90 temperatures
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are determined for the mean composition as 286°C and 219°C respectively. The

liquidus temperature and A1, A2 temperatures are assessed to 1487.69°C, 671.9°C

and 744.3°C. In addition, it is concluded that there is no remarkable presence of

retained austenite for the predefined heat treatment parameters.

Yield strength is the first mechanical property in consideration. It is estimated by

considering each strengthening mechanism quantitatively. For each hardening com-

ponent, the most appropriate definitions are preferred for steels strengthened through

quenching and tempering. Peierls stress decreases with temperature due to lowered

bonding forces exerted upon each atom which requires less stress to initialize the

dislocation motion. Temperature also increases mobility and therefore the degree of

annihilation of dislocations. This is numerically supported that while the most of the

yield strength originates from the contribution of strain hardening for as-quenched

condition of AISI 4340 steel, it is replaced by subgrain boundary hardening due to its

dramatic decrease. The influence of forming second phase particles is reflected in the

solid solution hardening values due to a depletion of alloying elements in the matrix.

The influence of these constituents are summed up by three different methods. For

the yield strength linear summation and the method proposed by Galindo and Nava

gave the closest values where RMS method is far away from an accurate prediction.

For years, a relationship between yield strength and hardness is built in multiple stud-

ies according to the empirical results. Tabor’s equation is derived for the medium

carbon steels which is therefore preferred while using this transition. The converted

data of hardness from linear summation and the method of Galindo and Nava are in

good agreement with the literature data despite the minor discrepancies. The RMS

method fails to give approximate results as in the the yield strength estimations.

For the flow stress estimation of AISI 4340 steel, modeled data and experimental

results are compared. Specimens are subjected to 500 s -1 and 1000 s -1. The data

from the SHPB tests have a fluctuating nature which might mislead the interpretation

of the results. This problem could be eliminated with the aid of a pulse-shaper. Due

to its lack of use both in the stress and in the strain rate a dispersion is experienced.

Although a constant initial dislocation density is utilized in the derivation of yield

strength, an expression of the dislocation density evolution to introduce the effects of
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hardening and softening is preferred to predict flow stress. This evolution equation

is integrated into the strain hardening component. For 500 s -1, the model is in great

agreement with the experimental data up to 550 °C tempering of specimens.

At 450°C and 573 s-1, a linear behavior was observed, indicating a balance between

hardening and recovery rates. Beyond 450°C, work hardening became more pro-

nounced, and at 500°C, the linearity disappeared, suggesting an increased genera-

tion of dislocations. The linear summation method effectively predicted mechanical

responses with minor discrepancies, emphasizing its accuracy if wave dispersion is

minimized. However, beyond 550°C tempering, the model overestimated results, par-

ticularly at 650°C tempering, indicating inaccuracies in the dynamic recovery mech-

anism. The discrepancy was attributed to a lower flow stress sustaining deforma-

tion, suggesting more dislocation annihilation than predicted by the model. It was

concluded that the dynamic recovery coefficient varies with tempering conditions,

emphasizing the need for a function expressing it as a function of microstructural

features.

Additionally, Bergström’s model lacked a clear physical interpretation for dynamic

recovery, and improvements were suggested by defining it with respect to a physical

aspect of the microstructure rather than fitting experimental results.

The hardening rate calculated using the RMS method closely matched experimental

data, suggesting potential adjustments to the integration method for strengthening

mechanisms to bring predicted results closer to actual behavior.

For deformation at 1000 s-1, the comparison reveals a strong agreement for samples

tempered at 450°C and 500°C, particularly with the linear summation method. How-

ever, discrepancies become apparent from tempering at 550°C and beyond, where

the linear summation method encounters challenges in providing accurate approxi-

mations, especially for yield strength.

The evolution of yield strength with tempering follows a pattern similar to the quasi-

static case for both strain rates. Nevertheless, as the tempering temperature increases,

the model underestimates yield strength compared to experimental results, notably

evident at 1000 s-1 for 550°C and higher. Despite minor variations in other samples
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being disregarded, the transition from elasticity to plasticity requires higher stress

at higher strain rates, attributed to enhanced lattice resistance to dislocation motion.

Assuming a constant initial dislocation density, the strain rate-dependent resistance

may originate from Peierls stress. Therefore, expressing Peierls stress as a function of

strain rate at high strain rates could enhance the accuracy of yield strength predictions.

Even with adjustments for estimating yield strength, the model predicts excessively

high work hardening rates, resulting in elevated stresses. While predictions empha-

size the dominance of hardening in the mechanical response, real-world responses

demonstrate a balance between flow stress and softening effects, especially for struc-

tures with low dislocation density. Additionally, the hardening rate of nearly all sam-

ples aligns with the predictions of the RMS method, as observed in the previous case.

For future work, evaluating a new integration method could be considered to estimate

the mechanical response of armor steels exposed to high strain rates.

With strain rate, the mechanical response in plasticity is expected to experience a

smooth transition in between the domination regions of hardening and softening. The

stress required to sustain dislocation motion increases due to localized deformation

with strain rate. However, due to adiabatic heating of the material for relatively higher

strain rates, softening prevails and the relationship between strain rate and flow stress

reverses. In this study, AISI 4340 steel is not tested under that much of strain rate to

observe the stress collapse. Both the model results with each method and the exper-

imental work proves the direct proportionality of stress and plastic strain. Although

the model is capable of reflecting the effect of strain rate, it is obvious that the dy-

namic recovery expression should be improved to maintain an accurate balance in

between the hardening and softening mechanisms. To have a generic approach for

the mechanical response of armor steels under dynamic conditions, this model or the

integration methods for the summation must be modified.
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CHAPTER 6

APPENDIX

The abbreviations used in ThermoCalc software for the present phases in the mi-

crostructure of AISI 4340 steel are explained in Table 6.1.

Table 6.1: Description of phases present in AISI 4340 steel.

Name of phase in database Common name and description

FCC_A1
Austenite (γ) as well as cubic carbonitrides

(MeX) such as MoC, TiC, WC and ZrC

MS_B1
Rocksalt (B1) structure sulfides such as

Alabandite (MnS) and Niningerite (MgS)

BCC_A2 Ferrite (α)

M23C6_D84 M23C6 carbides such as Cr23C6 and Mn23C6

CEMENTITE_D011 Cementite (θ), Fe3C, Mn3C, Ni3B, and Co3B
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Simulation results for driving force per mole of M2P and MnS particles are dis-

played in Figure 6.1.

(a) (b)

Figure 6.1: Driving force per mole of a)M2P , b)MnS
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