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ABSTRACT

OPTIMIZATION STUDIES ON THE SECONDARY TREATMENTS AND
MECHANICAL BEHAVIOR OF Ti48A12Cr2Nb ALLOY PRODUCED BY
ELECTRON BEAM MELTING (EBM) METHOD

Bilgin, Giiney Mert
Doctor of Philosophy, Metallurgical and Materials Engineering
Supervisor : Prof. Dr. Arcan F. Dericioglu
Co-Supervisor: Prof. Dr. Ziya Esen

June 2024, 320 pages

Reducing structural weight is crucial in aviation engine development for lower
emissions, enhanced performance, and cost efficiency. Titanium aluminides (TiAl)
are potential substitutes for nickel-based superalloys due to their high-temperature
strength and low density. However, their low ductility and fracture toughness
present challenges for conventional processing methods. In this study,
Ti48AI2C2Nb alloys were produced using electron beam melting (EBM) additive
manufacturing. The as-built samples exhibited extreme brittleness due to coarse y-
bands, aluminum content inconsistencies, and high dislocation density, rendering
them impractical for aviation applications. To address these issues three secondary
thermal treatments were applied: hot isostatic pressing (HIP) at 1200 °C under 100
MPa, annealing at 1200 °C (HT1), and annealing at 1400 °C (HT2). HIP induced a
slight increase in o, phase fraction and grain size, while HT1 accentuated the
banded structure without significantly increasing a, content. HIP and HT1 reduced
dislocation density and inherent strain. HT2 transformed the duplex microstructure

into a fully lamellar morphology with the highest texture. Room and high-



temperature tensile tests demonstrated that HIP, HT1, and HT2 treatments
effectively mitigated brittleness. HIP reduced anisotropy at room temperature, with
a 9.53 MPa difference in yield strength between specimens tested perpendicular
and parallel to the building direction, compared to a 65.15 MPa variation in HT1
samples. At 800 °C, samples treated with HIP and HT1 exhibited a ductile
transition, while HT2 processed samples retained brittleness. Consequently, this
study reveals the potential of secondary heat treatments and novel scanning
strategies in improving the mechanical characteristics of additively manufactured

Ti48 A12C2Nb alloy for high-temperature applications.

Keywords: Additive Manufacturing (AM), Electron Beam Melting (EBM),
Ti48AI2Cr2Nb Alloy, Annealing, Hot Isostatic Pressing (HIP)
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0z

ELEKTRON ISIMASI ERGITME (EIE) YONTEMIYLE URETILEN Ti-
48AL-2CR-2NB ALASIMININ IKINCIL ISLEMLERININ VE MEKANIK
DAVRANISININ OPTIMIZE EDILMESI CALISMALARI

Bilgin, Giiney Mert
Doktora, Metalurji ve Malzeme Miihendisligi
Tez Yoneticisi: Prof. Dr. Arcan F. Dericioglu
Ortak Tez Yoneticisi: Prof.Dr.Ziya Esen

Haziran 2024, 320 sayfa

Havacilik motorlarinin  gelistirilmesinde yapisal agirligin  azaltilmasi; diislik
emisyonlar, iyilestirilmis performans ve maliyet tasarrufu i¢in hayati Oneme
sahiptir. Titanyum aluminitler (TiAl), yiiksek sicaklik mukavemeti ve diisiik
yogunluklar1 nedeniyle nikel bazli siliperalasimlara potansiyel alternatiflerdir.
Ancak, diisiik stineklikleri ve kirilma tokluklari, geleneksel isleme yontemleri icin
zorluklar yaratir. Bu calismada, Ti48AI2C2Nb alasimlari, elektron 1sin ergitme
(EIE) eklemeli imalat yontemi kullanilarak iiretildi. Uretilen numunelerin; kaba -
bantlar1, aliiminyum igerigi tutarsizliklari ve yiiksek dislokasyon yogunlugu
nedeniyle asir1 kirilganlik sergileyerek havacilik uygulamalart i¢in uygunsuz
oldugu tespit edildi. Bu sorunlar1 ¢ozmek i¢in ti¢ farkli ikincil 1s1l iglem uygulandi:
1200 °C'de 100 MPa altinda sicak eseksenli basinglama (SEB), 1200 °C'de tavlama
(HT1) ve 1400 °C'de tavlama (HT2). HIP, a, faz fraksiyonu ve tane boyutunda
hafif bir artisa neden olurken, HT1 bantli yapiy1 belirginlestirip o, icerigini dnemli

Olciide artirmadi. SEB ve HT1, dislokasyon yogunlugunu ve igsel gerilimi azaltti.

vil



HT?2, ¢ift fazli mikro yapiy1 tamamen lameller bir morfolojiye doniistiirdii ve en
yiiksek dokuya yol act1. Oda ve yiiksek sicaklik ¢cekme testleri SEB, HT1 ve HT2
islemlerinin kirilganlig: etkili bir sekilde azalttifin1 gosterdi. Dik ve paralel yonde
iiretilen numuneler arasindaki akma dayanimi farki SEB sonrasinda 9.53 MPa iken
HT1 islemli numunede bu fark 65.15 MPa oldu. Bu durum SEB’nin mekanik
dayanimdaki anizotropiyi azaltmaktaki basarisin1 gosterdi. 800 °C'de; EIE ile
iiretilen, SEB ve HT1 islemli numuneler siinek o6zellik gosterirken HT2 islemli
numuneler gevrek karakterlerini korudu. Sonug olarak, bu ¢alisma, eklemeli imalat
ile dretilen Ti48AI2C2Nb alagiminin yiiksek sicaklik uygulamalarindaki
kullanilabilirligi icin mekanik 6zelliklerini iyilestirmede ikincil 1s1l islemlerin ve

yeni tarama stratejilerinin potansiyelini ortaya ¢ikardi.

Anahtar Kelimeler: Eklemeli Imalat (EI), Elektron Isimasi Ergitme (EIE),
Ti48 A12Cr2Nb Alasimi, Tavlama, Sicak Eseksenli Basinglama (SEB)
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CHAPTER 1

INTRODUCTION

Titanium Aluminide (TiAl) alloys belong to the class of ordered intermetallics,
characterized by distinct properties such as high specific strength at elevated
temperatures, good creep resistance, and notably, low density, particularly when
compared to nickel-based superalloys [1]. Their low density, in particular, renders
TiAl alloys appealing for aerospace applications, serving as a potential substitute
for nickel-based superalloys with the aim of enhancing the efficiency of aero
engines through a higher thrust-to-weight ratio [2]. These alloys have already
found practical use in commercial applications, such as low-pressure turbine blades
in turbofan aero engines and turbochargers in piston automobile engines, owing to
their inherent advantages over superalloys [3]. In the near future, the role of TiAl
alloys in aerospace applications is expected to expand, notably with the
development and certification of the Ti48AI2C2Nb alloy by General Electric for

use in the commercial GEnX turbofan engine [4].

On the contrary, the challenges posed by high oxygen reactivity, low ductility, and
poor high-temperature deformability make the processing of TiAl alloys difficult,
despite their exceptional material properties [5]. Consequently, the casting method
has conventionally been perceived as the sole viable manufacturing technology for
TiAl alloys [6]. However, the casting process introduces various metallurgical
issues in the production of TiAl alloys, such as the oxidation of bulk material from
the ceramic crucible and the formation of a coarser resultant microstructure,
leading to a decrease in part quality. Moreover, casting technology lacks design
flexibility and demands significant effort in terms of pre and post processes [7], [8].

In an effort to mitigate the drawbacks associated with casting, researchers have



explored novel manufacturing routes to produce TiAl parts in a near-net shape,

aiming to eliminate process deteriorations inherent in casting [9].

To address the limitations of casting, powder bed additive manufacturing (AM)
processes, including both laser beam powder bed fusion (PBF-LB) [10] — [13] and
electron beam melting (or more generally known as electron beam powder bed
fusion (PBF-EB)) [2], [11], [14] — [23], have emerged as promising fabrication
methods for TiAl alloy components. More recent approaches favor PBF-EB due to
its high-temperature processing capability and vacuum environment. PBF-EB
allows for the production of intricately shaped metallic TiAl parts from pre-alloyed
powders, with a higher deposition rate compared to PBF-LB [20]. PBF-EB has
garnered greater attention than PBF-LB, especially in the manufacturing of TiAl
parts, as its high energy density and hot process nature result in fewer residual
stresses during production. This characteristic enables the fabrication of crack-free

TiAl components with PBF-EB [16], [17].

Despite the success in TiAl manufacturing, the microstructure and mechanical
properties differ from those obtained through casting due to the directional
solidification and layered nature of the PBF-EB process. Additionally, TiAl
exhibits very low ductility, along with low fracture toughness and pronounced
brittleness [10]. The ductility, among other mechanical properties of TiAl alloys, is
highly dependent on their microstructure, which can be modified through heat
treatments. Particularly for aerospace applications, enhancing the poor ductility of

TiAl alloys while ensuring adequate strength and creep resistance is imperative [1].

Structural applications of TiAl alloys involve major phases y-TiAl and a,-Ti3Al,
along with their combinations exhibiting various morphologies and distributions
[25]. The microstructure in titanium-rich TiAl alloys typically varies as follows: (i)
a fully lamellar structure comprising y-TiAl and a,-TizAl phases, (ii) a duplex
structure consisting of y/a, lamellae and fine y grains, and (iii) a near y structure
where equiaxed y grains predominate, with a small amount of y and a, lamellae

[25]. The duplex microstructure is recommended because of its high strength and



ductility, whereas the fully lamellar microstructure is advantageous for good creep
properties. [1], [22], [25]. The microstructure-dependent mechanical properties
allow TiAl alloys to be tailored for specific applications through additional heat
treatments. This study aims to control the mechanical properties of PBF-EB-
manufactured TiAl by secondary processes such as heat treatment and hot isostatic

processing.

Previous researches have looked into the effect of the layered process in PBF-EB
on the microstructure and mechanical anisotropy of TiAl alloys [20], [23]. The as-
built microstructure was identified as two alternating layers, one with a lamellar
structure (y/a,) and fine equiaxed grains, and the other with coarser equiaxed grains
arranged in a chain-like pattern perpendicular to the building direction. The applied
load's direction in relation to the layered microstructure determines how the
structure responds to stress and deformation. Anisotropy was seen in tensile
behavior, with slightly decreased yield strength at a 45° angle compared to vertical
and horizontal specimens. Maximum shear stress and higher tensile elongation

occurred when the layered structure was at 45° angle to the loading axis [22], [23].

The microstructure and mechanical properties of Ti48A12Cr2Nb alloy components
manufactured through PBF have been the focus of intensive research in recent
years. Various publications [11], [17], [21], [23], [24] and [26] have addressed the
impact of microstructural anisotropy resulting from the PBF-EB method on
mechanical properties. However, a comprehensive exploration underlying the
pronounced brittleness observed in as-built Ti48AI2Cr2Nb samples tested parallel
to the production direction is still lacking. The significant brittleness observed in
relation to the manufacturing direction poses a crucial challenge for the utilization
of Ti48AI2Cr2Nb alloy produced by the PBF-EB process in applications such as

aviation engines.

This study delves into the excessively brittle behavior of Ti48AI2Cr2Nb alloy
fabricated with PBF-EB samples produced parallel to the manufacturing direction

(Z-direction). Various methods, including microstructure analysis, EBSD



examinations, microhardness measurements, and room/high-temperature tensile
tests, were employed to investigate this behavior. The substantial brittleness
observed in specimens manufactured in the Z-direction was primarily attributed to
the coarse banding of the y-TiAl phase, aligned perpendicular to the production
direction. In contrast, the coarse y colonies randomly dispersed in samples oriented
in the XY-direction did not induce excessive brittleness due to their lack of a
distinct pattern. The extreme brittleness in the Z-direction was comprehensively
evaluated in terms of hardness, chemical composition, dislocation density, and
recrystallization features, addressing gaps in the cause-and-effect relationship

identified in the literature.

The current study employs a materials engineering approach, utilizing post-process
thermal treatments to enhance the mechanical properties of the Ti48Al2Cr2Nb
alloy under loads parallel to the production direction. Within this framework, the
effects of secondary thermal treatments on the microstructural and mechanical
properties of the Ti48Al2Cr2Nb alloy produced through PBF-EB were thoroughly
investigated. Two conventional annealing methods were implemented at 1200 and
1400 °C, yielding duplex-like and fully lamellar microstructures, respectively.
Additionally, the impact of hot isostatic pressing (HIP) at 1200 °C under a pressure
of 100 MPa on the material properties was evaluated. Extensive EBSD analyses

were conducted to assess the impact of secondary processes on texture.

The study revealed that both HIPing and heat treatment processes conducted at
1200 °C effectively mitigated dislocation density and internal stresses generated by
PBF-EB, while preserving recrystallization. Conversely, the heat treatment
performed at 1400 °C resulted in a higher amount of a2, responsible for the
absence of recrystallization and an increased <001> texture in PBF-EB fabrication.
Moreover, this research aims to address gaps in the existing literature through the
execution of high-temperature tensile tests and detailed microstructure analyses.
These analyses aim to elucidate the effect of secondary processes following PBF-
EB and establish correlations between resulting microstructural features and

mechanical properties.



In the last part of the study, three distinct groups comprising 24 alternative
scanning procedures were assessed with the aim of mitigating the pronounced
brittleness in the Z-direction associated with the PBF-EB process, without relying
on secondary thermal treatments. The double-scan approach involved the repetitive
scanning of sample surfaces with electron beams using specific procedures. As per
the study's findings, it is feasible to optimize the mechanical properties of
Ti48AI2Cr2Nb produced in the Z-direction through PBF-EB without the need for
additional processes that would augment overall manufacturing time and cost. This
opens the door to the use of the novel production approach named as double-scan,
which has not previously been investigated in the literature, to Ti48AI2Cr2Nb

material.

This Ph.D. thesis contains five chapters designed to provide comprehensive
information about the primary concepts of secondary thermal treatments on PBF-
EB manufactured Ti48AI2Cr2Nb alloy. The Chapter 2, dedicated to the literature
review, is divided into several sections to present the theoretical background that
illuminates the main study. Initially, the properties of titanium aluminide (TiAl)
alloys and their physical metallurgy are explained, emphasizing their relevance to
the aerospace industry. Subsequently, before delving into detailed information
about additive manufacturing (AM) process routes for TiAl, conventional
manufacturing methods such as casting, wroughting, and powder metallurgy are
elucidated. The chapter further discusses direct energy deposition (DED) and
powder bed fusion (PBF) AM fabrication methods employed for TiAl production,
providing comprehensive insights into their impact on microstructure and
mechanical characteristics. PBF-EB manufacturing of TiAl is particularly
emphasized in detail to offer preliminary information about the study. Additionally,
an in-depth literature review is provided for the PBF-EB technology. Chapter 3
presents the production method, along with the physical and chemical properties of
initially PBF-EB fabricated samples. The principles of various characterization
methods, including computed tomography measurements, thermal expansion

measurements, compositional analysis, X-ray diffractions, metallographic



examinations, electron backscattered diffractions, thermodynamic modelings,
tensile tests, and hardness measurements, are introduced within this chapter.
Chapter 4 covers experimental results and their discussions with respect to
structural, microstructural, and mechanical doctrines. Finally, Chapter 5 concludes

the thesis, presenting overall findings and suggestions for future work.



CHAPTER 2

LITERATURE REVIEW

2.1 Introduction to Titanium Aluminides and Their Applications

2.1.1 Introduction and Overview

Titanium aluminides (TiAl) have garnered an extensive amount of interest in the
last three decades because of their desirable characteristics which have the ability
to permit elevated temperatures in power generator, automotive and aerospace
applications [27]. In comparison to conventional titanium alloys, the remarkable
thermo-physical properties of TiAls stem primarily from their highly ordered
structure which includes a high melting point, a high specific strength, a low
diffusion coefficient, a low density ranging from 3.9 to 4.2 g/cm’, high structural
stability and excellent corrosion resistance [27]. Figure 2.1 shows the temperature
dependent specific strength of various alloy categories. Accordingly, TiAl-based
alloys surpass titanium alloys, steels, and nickel-based superalloys in terms of
specific strength vs temperature characteristics within the temperature range of 500
to 900 °C [27] — [28]. Table 2.1 provides a qualitative assessment of the attributes
of advanced high temperature alloys designed for application in the aerospace

sector [27], [29].
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Figure 2.1: Temperature dependent specific strength of various alloy categories
[27].

Table 2.1: Comparative properties for high temperature alloys [27].

Near-a Ti Nibased v TiAl

Density + - ++
Specific tensile strength + - +/-
High-temperature Young’s modulus +/- + ++
Room-temperature ductility + + -
Formability + + -
Creep - ++ ++
Room-temperature fracture toughness + ++ -
Room-temperature crack growth + + -
Specific fatigue strength + - +/-
Oxidation - ++ ++
High-temperature embrittlement - + +/-

TiAls have emerged as major competitors for replacing nickel based superalloys in
gas turbine engines due to their low density and high strength [30], [31]. They have
half the density of nickel-based superalloys. Furthermore, TiAls have advantageous
properties such as elevated temperature oxidation and creep resistance along with

outstanding strength and modulus retention at high temperatures. Especially -



TiAls have excellent thermal stability and great strength [30], [31]. It is expected
that replacing nickel based superalloy sections with TiAls will reduce the structural
weight of high performance gas turbine engines by 20-30% [32]. As a result, using
TiAls in gas turbine engines may result in significant improvements in engine

performance and fuel efficiency [30].

The long range order characteristic of intermetallics restricts the deformation
modes [33]. These constraints typically result in increased strength, especially at
high temperatures, as well as decreased ductility and fracture toughness [33]. TiAls
have low room temperature ductility and fracture toughness due to their long range
order. The fatigue fracture growth rate is also lower than in nickel-based
superalloys [33], [34]. TiAls have a limited range of uses due to their brittleness at
room temperature [35]. The service temperature limit for TiAl alloys in
engineering applications is at 750 °C, owing to low strength and creep resistance
above this temperature [35]. Because of their microstructure and complicated
structure, TiAls are brittle and difficult to process using standard manufacturing
procedures [36]. Table 2.2 lists numerous parameters for titanium alloys, TizAl and
TiAl base alloys, and Ni base superalloys [37]. Due to manufacturing restrictions,
TiAls are significantly more expensive to produce (about 65 times) than nickel-
based superalloys [37], [38]. In the past two decades, significant research efforts
have been dedicated to enhancing productivity through the adoption of near-net-

shape methods, such as powder metallurgy and additive manufacturing [31].



Table 2.2: Several properties of titanium, TiAl and Ni-base alloys [37].

Property Ti-base TizAl-base TiAl-base Ni-base
alloys alloys (o, alloys (y superalloys
alloys) alloys)
Density (g cm™) 4.5 4.1-4.7 3.7-3.9 83
Yield strength 380-1150 700-900 400-630 850
(MPa)
Tensile strength =~ 480-1200 800-1140 450-700 1000
(MPa)
RT modulus 96-115 120-145 160-176 206
(GPa)
Oxidation (°C) 600 650 900-1000 1090
Creep limit (°C) 600 750 1000 1090
Ductility (%) at 10-20 2-7 1-3 3-5
RT
Ductility (%) at High 10-20 10-90 10-20
HT

2.1.2 Applications

The main motivation for TiAl adoption in the aerospace sector was to replace
nickel-based superalloys in order to reduce weight because of TiAl's low density,
high modulus and creep strength [39]. TiAl (Ti48AI2Cr2Nb) blades were first
integrated in the low-pressure turbine (LPT) of GEnx engines in 2006. Figure 2.2
(a) displays the last two stages of the GEnx LPT blades, which are made of TiAl,
while Figure 2.2 (b) shows a single stage of this engine [40]. The reduced
centrifugal stress caused by the lightweight TiAl blades leads to a further reduction
in the size of the nickel-based superalloy disc, which provides overall weight
reductions. The use of two stages of TiAl LPT blades enables the elimination of
about 100 kg of weight per engine [40]. The GEnx engine providesa 50%
decrease in noise, an 80% decrease in NOy emissions and a 20% gain in fuel

efficiency when compared to previous engines [41].
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Figure 2.2: (a) Last two stages of the GEnx made of TiAl and (b) single stage of
GEnx [40].

TiAl blades are presently employed on Boeing 787 and 747-8 [42]. Furthermore,
LEAP engines, developed in collaboration with GE and Snecma, incorporate TiAl
for the LPT blades. Furthermore, Pratt & Whitney and GE, in partnership with
MTU, use a TiAl alloy known as TNM for the final stage of the PW1100G Geared
TurboFan (GTF) engine [42], [43]. The Airbus 320neo aircraft, powered by two
GTF engines, demonstrated the use of hot-forged TNM turbine blades in 2014
during its first flight. Furthermore, Rolls-Royce uses TiAl LPT blades in their

Advance and Ultra Fan medium-thrust engines [44].

Aside from LPT blades, Volvo and Pratt & Whitney have been manufacturing TiAl
components that include blade retainers and turbine dampers, compressor blades
and shrouds [45]. A comprehensive engine test was carried out employing TiAl for
76 dampers. The duration of the endurance test was 214 hours. The outcomes
revealed that using TiAl dampers at low stimulation frequencies resulted in a
considerable 50% decrease in dynamic stress [46]. Meanwhile, Snecma and
Turbomeca have completed several studies in order to produce a TiAl high-

pressure compressor case using powder metallurgy [40].

There is a considerable opportunity in substituting iron and nickel based stator
vanes with TiAl [47]. This substitution could result in significant weight savings
and could be used for stator vanes operating at temperatures ranging from 300 to

400 °C to higher temperatures. As shown in Figure 2.3 (a), vanes are expected to
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be cast with larger dimensions and then machined to their final shape [47]. GE has
experimented with TiAl transition duct beams for GE90 engine, as shown in Figure
2.3 (b) [48]. These beams contribute to the support of a flow-path panel which

provides resistance to engine stall loads [48].

(@)

47.5 mm

Figure 2.3: (a) Cast stator vanes at various stages of production. The cast preform,
post electrochemical milling, and the final machined stator vane are shown from
left to right [47]. (b) GE90 engine transition duct beams [48].

TiAl has already found application in automotive combustion engines [46]. The
automotive industry actively attempts to minimise the size of conventional
combustion engines while increasing their performance and efficiency, with the
goal of improving fuel economy and lowering emissions. To achieve these
objectives, lightweight and high temperature resistant internal combustion engine
components such as turbocharger wheels, engine valves and connecting rods are
needed. The second largest application field for TiAl alloys is the manufacture and

integration of such components [46].

Lightweight valves in combustion engines provide numerous benefits including
higher performance, fuel economy and reduced vibration as well as noise [49].
TiAl is a promising material for both intake and exhaust valves. Intake valves can
withstand temperatures of up to 600 °C, while exhaust valves can resist
temperatures of over 800 °C. This makes TiAl a possible replacement for
conventional exhaust valve steels and nickel-based superalloys. TiAl valves have a

significantly lower mass than steel valves by around 49% [49]. Several
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corporations including General Motors, Daimler/Chrysler and Ford have conducted
engine tests with TiAl valves [50]. The most serious issue appears to be wear.
Coating the stem and valve tip has been suggested as a potential solution to
mitigate this wear problem [50]. However, it is believed that no TiAl valves are

currently in large production [46].

The maximum service temperature for diesel engines is 750 °C and for petrol
engines it is 950 °C [51]. An alloy with superior creep resistance and strong
oxidation resistance is required when service temperature and high loads are
combined [51]. The major turbocharger and diesel engine manufacturers including
Toyota, ABB, Daimler/Chrysler, Honeywell — Garrett and  Mitsubishi has
successfully tested TiAl turbochargers [46]. The nickel-based superalloy Inconel
713C is currently the most frequently utilised material to produce turbocharger
wheels in diesel engines [51]. Employing TiAl resulted in a 16% faster response
time for turbocharger acceleration and a 26% improvement at speeds of 170,000
rpm when compared to Inconel 713C [52]. The TiAl turbocharger exceeded the
Inconel 713C turbocharger's maximum speed by 10,000 rpm. Resistance to
foreign-object damage (FOD) and erosion are also critical [52]. A high niobium-
containing TiAl is more resistant to erosion than a low niobium-containing alloy
[52]. Mitsubishi Heavy Industries (MHI) pioneered TiAl turbocharger wheels
inthe Lancer Evolution series automobiles [53]. Figure 2.4 (a) illustrates a
turbocharger wheel joined to the shaft using electron beam welding, while Figure

2.4 (b) provides a cross-sectional view of the TDS5 turbocharger [53].
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Figure 2.4: (a) TiAl turbocharger wheel joined to the shaft and (b) TD05
turbocharger used in Lancer Evolution VI [53].

2.2 Properties of Titanium Aluminides

2.2.1 Binary Ti-Al Phase System

Several intermetallic phases have been identified as possible foundations for
lightweight high-temperature materials in the Ti-Al binary phase system. Extensive
studies over many years have shown that only alloys based predominantly on the
hexagonal D09 structured o, phase (Ti3Al) or the tetragonal L1, structured y phase
(TiAl) have emerged as feasible structural materials. Significant interest has been
focused on vy titanium aluminide alloys, which in technical applications typically
contain small amounts of the a, phase. Furthermore, the high-temperature B phase,
with its body-centered cubic (bcc) B2 structure ordered B2 version is important in
certain alloys. Crystal structures of a,, y and B2 are shown in Figure 2.5 (a), (b)
and (c), respectively [54].
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Figure 2.5: Crystal Structures of binary Ti-Al phases; (a) hexagonal a, (TizAl)
phase, (b) tetragonal y (TiAl) phase, (c) cubic B2 phase [54].

ap-Ti3Al phase exhibits a hexagonal D0;9 ordered structure belonging to P63/mmc
space group and its lattice parameters are a= 0.5765 nm and c¢= 0.4625 nm which
result 0.8 c/a ratio. a,-TizAl phase homogeneous at room temperature for
aluminium contents between 21 - 35 at.%. It remains ordered up to 1180 °C before
transforming to a disordered hcp a- phase for 32 at.% aluminum content. Hep a
phase transforms to a bcec B Ti phase during further heating [54], [291]. y- TiAl
phase has a face-centered tetragonal (fct) L1y ordered structure belonging to
P4/mmm space group and its lattice parameters are a=0.3997 nm and c¢= 0.4062 nm
which result 1.02 c/a ratio. As aluminum content decreases the c/a ratio becomes
around 1 and the structure becomes ordered fcc [2]. y- TiAl phase homogenous at
room temperature for aluminium contents between 48 - 53 at.%. [54], [291], [292].
B2 phase has body centered cubic (bcc) B2 ordered structure belonging to Im3m

space group and its lattice lattice parameters are a=0.33065 nm [54].

At room temperature there is y-TiAl and a,-TizAl two phase region in the phase
diagram showing in Figure 2.6 where aluminum content is between 35 and 48 at.%.
At 1120 °C the mixture of y- TiAl and a,-TizAl forms into o phase by eutectoid
reaction at 38 at.% aluminum. Hcp o phase transforms to B+ liquid with a
peritectic reaction taking place at 1500 °C and 46 at.% aluminum content [292].
The crystallographic data of the main phase in Ti-Al binary system is givein in

Table 2.3 [54].
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Figure 2.6: Ti-Al binary phase diagram according to Schuster and Palm [292].

The binary Ti-Al phase diagram is still a source of discussion [292] — [60]. The
importance of these studies cannot be emphasised because the microstructural
development of an alloy is governed by an understanding of the phase equilibria.
Nonmetallic impurities, particularly those with a high susceptibility to oxygen, can
change phase equilibria, resulting in discrepancies between different versions of the

phase diagram [61], [62].
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Table 2.3: Crystallographic data of the phases exhibiting in the binary Ti-Al system

[54].
Designation Pearson symbol Space group Strukturbericht | Prototype Lattice
designation parameters
L (liquid)
Al cF4 Fm3m Al Cu a = 4.0496nm
B, B-Ti clz Im 3m A2 W a=0.33065nm
o, o Ti hp2 P6,/mmc A3 Mg a=0.29504nm
¢ =0.46833nm
,, Ti Al hP8 P6,/mmc DO, Ni;Sn a=0.5765nm
c=0.4625nm
¥, TiAl y(TiAl) tP4 P4/mmm L1, AuCu a=0.3997nm
c= 0.4062nm
a=04000nm
¢=0.4075nm
a=04016nm
¢ = 0.4068nm
7, TiAl, tl24 14,/amd HfGa, a=03971nm
c/6 = 0.4052nm
e(h), TiAly(h), TiAL(HT) ti8 I4/mmm D0, TiAly(h) a=0.3849nm
¢f/2=0.4305nm
efl), TiAly(l), TiAL(LT) 132 I4/fmmm TiAlL(l) a=03877nm
c/2=0.4229nm

The intermetallic phases o, and y have the potential to meet the necessary
requirements for engineering applications. While the o, alloy possesses higher
tensile strength compared to y alloys, it lacks the capability to maintain its
mechanical properties at elevated temperatures, unlike y alloys. Consequently,
when comparing these two phases, it becomes clear that the y phase takes
precedence in engineering applications [27], [292]. For the most engineering
applications, alloys based on the y-TiAl phase typically contain aluminum
concentrations ranging from 44 to 48 at.%. As highlined in the phase diagram
shown in Figure 2.7, y-TiAls can solidify either through the B phase or
peritectically. Two peritectic reactions could take place depending on the chemical
composition. Even slight variations in aluminum content can lead to significantly
different microstructures and textures. A variety of phase transitions can occur
during the cooling process from high temperatures. In basically, this allows for the

development of an extensive array of microstructures [63], [64]. The eutectoid
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transformation oo — o + y, which occurs during the cooling process, is a common
feature in all y-TiAl alloys. The mechanism of this is similar to that of the reaction
a — a + vy, which involves the nucleation and development of y lamellae. The
volume percentage of the y phase must increase rapidly as the temperature drops
below the eutectoid transformation temperature to retain alloy compositions in
thermodynamic equilibrium. However, the cooling rates are frequently too high to
maintain thermodynamic equilibrium. As a consequence, resulting microstructures
may be unstable at the service temperature. It is important to consider a
microstructural stabilization treatment or implement appropriate cooling conditions

[54].
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Figure 2.7: Ti-Al binary phase diagram that shows typical range for engineering y-
TiAl base alloys [65].
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Figure 2.8 presents a simplified Ti-Al binary phase diagram, delineating the [-
solidification pathway as "I" and the peritectic solidification pathways as "II" and
"[II." In the context of y-TiAl alloys, two fundamental phase transformations occur:
the f — a or L+ B — a and the o — o, + y. Within these transformations, the

composition and cooling rate emerge as pivotal factors [66].

OWLPIY

L — L+ — p — fra — a — aty—arty
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L— L+ —fB+ta — a — aty =ty
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L — L+B—>L+q—> o =—>oaty — vy =ty

Figure 2.8: The simplified Ti-Al binary phase diagram, along with solidification
pathways under different Al contents in equilibrium conditions [66].

2.2.1.1 Phase transformation from p to a

The B phase, characterized by a BCC structure in the Im3m space group, displays
three equivalent orthorhombic <001> [ growth directions [67]. In the
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microstructure, primary arms of B dendrites exhibit secondary and tertiary branches
arranged approximately orthogonal to each other [68]. The hexagonal crystal
structure of the a phase (P6;/mmc space group) undergoes transformation from the
B phase, adhering to the Burgers orientation relationship ({110}B || (0001)a and
<111> B || <1120> o) [69]. Theoretical considerations suggest the generation of 12
distinct o phase orientation variants from the primary P phase, as depicted in Figure
2.9 [68]. Figure 2.9 (a) portrays the [001] B stereographic projection, illustrating
{110} || (0001)a planes for the 12 o phase variants [68]. Stereographic projection
points of different crystal faces of the  phase lattice are denoted by black solid
circles. Figure 2.9 (b) identifies all six {110}B planes of the p phase lattice, while
Figure 2.9 (c) clarifies that each Burgers-oriented o phase may have two variants

with distinct growth directions [66].
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(110)B || (0001)e and [111]p || [1120]c

Figure 2.9: The orientation relationship between the primary § phase and the
secondary a phase: (a) Stereographic projection of the [001]B [68], (b) the {110}
planes of the B phase crystal structure and (c) in the Burgers orientation
relationship, two potentially distinct growth directions of the a phase parallel to the
B phase (110)B plane [66].
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In peritectic solidified alloys, the B phase acts as the primary phase originating

from the liquid phase, experiencing a peritectic reaction following these steps [70]:

1. The primary 3 dendrites that solidify from the liquid phase typically exhibit
preferential growth along the <100> [ direction, aligning parallel to the
direction of heat flow.

2. As the temperature decreases, a rapid cooling rate increases the probability
of peritectic o phase nucleation at the interface between the primary  phase
and the liquid. In contrast, with a slow cooling rate, nucleation may take
place within the melt. Consequently, the favored growth direction of the a
phase will align either with the c-axis orientation (<0001> o) parallel to the
heat flow or with the primary B phase through the Burgers orientation
relationship.

3. The peritectic reaction is completed through short-range diffusion, resulting
in the formation of the a phase.

4. The residual liquid phase or the P phase with incomplete reaction will
undergo direct transformation into the o phase.

In the B-solidified alloys, the inital phase during solidification is B, which
subsequently transforms into the a phase after the completion of solidification [71],
[72]. Two explanations for the distinction in solidification structures between as-
cast peritectic solidified and B-solidified alloys are delineated [68], [71], [72]. The
initial proposal suggests that, when the a phase nucleates in the melt, the peritectic
o phase exhibits preferential growth with an orientation of the c-axis (<0001> a
direction) parallel to the direction of heat flow. This tendency for growth in a
specific direction unavoidably leads to the development of coarse columnar grains.
The columnar grains produced by the peritectic a phase exhibit a singular lamellar
orientation, specifically perpendicular to the growth direction. Additionally, the
primary 3 phase is marked by enrichment in Ti and B phase stabilizers, contributing

to chemical inhomogeneity [71], [72].
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The second viewpoint suggests that the peritectic a phase originates at the interface
between the primary B phase and the liquid, adopting its orientation from the
primary 3 phase via the Burgers orientation relationship [68]. There are 12 possible
o phase variants, each with a different development direction, based on the
previously described crystallographic orientation. However, due of the substantial
temperature gradient during solidification, it is common for only one of the 12

variants to be selected to envelop a specific B dendrite [68].

Depending on the cooling rate, the transition from  to o may occur in a
diffusionless martensitic mode or via a composition-invariant massive
transformation that involves short-range diffusion. Additionally, it can occur
through the precipitation of the o phase from the P phase [73], [74]. Variable
cooling rates give rise to diverse microstructures, such as martensitic
transformation at rapid cooling rates, massive transformation at marginally reduced
rates, and Widmannstitten plate precipitation at comparatively slower rates [75],

[76].

2.2.1.2 Phase transformation from a to o

Another significant phase transformation in y-TiAl alloys leads to the development
of a lamellar structure [66]. Referring to the TiAl binary phase diagram shown in
Figure 2.7, as the temperature decreases and enters the a single-phase zone upon
cooling, the o phase undergoes decomposition, resulting in the formation of a
lamellar structure comprising a, + y lamellae. Two pathways characterize this
reaction: one involves the sequence o — L(a + y) — L(ay + 7y), and the other
follows a — a; — L(o, + y), with 'L' representing the laths [66]. The selection
between these two paths is dependent upon the cooling rate. A higher cooling rate
favors the latter path, wherein the o phase initially transforms into o, through an
ordered transformation, followed by the precipitation of the y phase from the a,
phase [66]. Conversely, a slower cooling rate leads to the first path, where y

lamellae precipitate first from the o phase, and subsequently, the ordered
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transformation of the a phase takes place. With a further reduction in cooling rate,
increased diffusion time results in the coarsening of y lamellae into y grains. The
Blackburn orientation relationship leads to the emergence of the y phase from the
o [77]: (0001)ay || {111}y and <1120>a, || <110]y, as illustrated in Figure 2.10
[66]. Once the a phase orientation is established, it determines the orientation of

following lamellae, with the c-axis of the o phase being perpendicular to the
lamellar interface [78]-[81].

Y-TiAl/ Llo
0001): ‘ o (lz ...................... .
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B A Ti
\/
| ™
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1 ’,( \- /\:
1A [1120] |/ [i10]
a,
(0001)a, (111)y

(0001)0z || {111}y and <1120>az || <110]y

Figure 2.10: The precipitation of y phase from o, phase [66].

When the Al equivalent is below 45 at%, the alloy undergoes complete

solidification through the B phase, involving a B — a transformation following the
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Burgers orientation relationship {110}p || (0001)a and <111> f || <1120> o [82].
Within a single  grain, the o phase can develop up to 12 orientation variants,
resulting in inherent grain refinement. This intrinsic grain refinement is not
achievable in peritectic solidification of y-TiAl alloys. The appeal of low Al-
equivalent B-solidified alloys lies in their creation of a homogeneous and fine-
grained solidification microstructure, making them particularly attractive when
considering elemental segregation and lamellae orientation. Additionally, a lower
Al equivalent level corresponds to a higher volume fraction of a, phase, leading to

reduced lamellar spacing [82].

Apart from composition, the cooling rate is a crucial factor [83]. At slow cooling
rates, a fully lamellar microstructure forms from the single o phase field through
the phase transformation o — o +y — o, + y. Increasing the cooling rate induces a
significant transformation from o to y,, where the disordered hexagonal a phase
undergoes a massive transformation into the vy, phase, characterized by a high
density of internal boundaries and defects [83]. Exceptionally high cooling rates,
such as those achieved through water-quenching, inhibit the massive
transformation. Instead, the a phase directly undergoes an ordered transformation
to produce the a, phase, leading to a solidification structure characterized by

supersaturated o, grains [84].

v-TiAl alloys can undergo thermal-mechanical processing to yield four types of

microstructures:

e Equiaxed (near v),

e Duplex,

e Nearly lamellar,

e Fully lamellar.
Various microstructural factors including equiaxed grain size, y volume fraction,
ap/y lamellae width and o,/y colony size, texture exert a substantial influence on

mechanical properties. The duplex or equiaxed microstructure displays better
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ductility and fatigue properties while the lamellar microstructure demonstrates

superior fracture toughness and creep resistance [85][86].

2.2.2 Alloy Design and Multicomponent Alloy Systems

The addition of alloying elements has a considerable impact on phase composition,
and hence on the microstructure and mechanical characteristics. A variety of
alloying elements are incorporated into TiAl alloys to attain novel properties
[87][88]. The TiAl alloys can be defined using the composition formula given in
Equation (1.1) [54]:

Ti-(42-49)Al- (0.1-10)X (at.%) (1.1)

The elements Cr, Nb, Mn, Mo, V, Zr, Ta, Si, W, Y, C, Y and B denoted by X in the
Equation 1.1 can be part of the alloy composition [89], [152]. The a, phase is
usually present alongside the y phase and additional phases may appear on
occasion. Based on the influence alloying elements on the composition, two
distinct alloying design techniques can be determined. Some alloying elements can
be incorporated into y-TiAl alloys in solid solution, altering features such as planar
defect energies and phase diffusion coefficients. Certain alloying elements, on the
other hand, are designed to stimulate the creation of third (or more) phases. This
can result in grain refinement during casting, microstructure stabilization and

precipitation hardening [54].

In terms of y phase solubility, most of the aforementioned alloying elements are
soluble to a limited level often about 2 to 3 at.%. The solid solution of B or its
ordered variant with a B2 structure frequently forms as a third phase at greater
concentrations of alloying elements [90]. Elements of Cr, V, Ta, Mo and W tended
to be enriched in the o, phase. Nb and Mn elements were distributed evenly
between the a, and y phases, however Zr was predominant in the y phase. Elements
such as Cr, Mo, W and Fe showed strong partitioning to the f phase in comparison

to both the a, and y phases [90]. The addition of elements like Nb, W and Mo
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enhances oxidation resistance. The presence of Cr, Mn and V reduces brittleness

and improves mechanical properties by reducing grain size [91].

One of the initial alloys of significant technical interest was developed and
patented by Huang of General Electric (GE). This alloy, known as Ti48 AI2Cr2Nb,
comprises 48 at.% of aluminum. The addition of 2 at.% of chromium was found to
be the optimum for enhancing ductility and the inclusion of 2 at.% of niobium was
sufficient to provide adequate high-temperature oxidation resistance. A

composition level thought to be ideal for room-temperature ductility [92].

2.2.2.1 Effect of Aluminum

The aluminium concentration in binary alloys determines the initial phase to
precipitate and then controls phase transformations during solidification. The
maximum ductility was reported in the Ti-(46-60)Al range processed by rapid
solidification for y (90%) and a, (10%) duplex microstructures with a heat
treatment roughly in the middle of the y + o, phase field [93]. The temperature to
obtain peak ductility rises from 1300 °C for Ti-48 to 1400 °C for Ti-51Al, as seen
in Figure 2.11 (a) [93]. Previously, it was considered that room-temperature
ductility maximised around Ti-48Al, as shown in Figure 2.11 (b) [94]. Engineering
TiAls should have both y and a, phases. This allows dislocations near phase

boundaries to contribute to deformation and the o/ a, phase to absorb oxygen [95].

26



() (b

3.0 5

S’

9 t Room temperalure < Ti-xAl-2Cr o

E' 2.5[ Tensile tests ~ 4 Ti-xAl-3V &

< 1 48AI 50Al £ 1 o Ti-xAl-2Mn ©

2 20F 2% N 5 v.ooa Ti-xAl  --o--
; AN /N B1Al 3f

E" F ;’ ‘\ ,’ Pz~ E jo i

é 1.5F J LA P g -

o b /! < / © 2F - &

— 10F ' e / u— ,O \'\

‘g ; ,’ & }!.' o 1 ,’ \

g 05f /! / g o 8.0

o - j o o S

00:.,..,lr.l.,J,,..l,l,,J,... oLb— . .1 L 1
1200 1250 1300 1350 1400 1450 42 44 46 48 S0 52 4 56

Heat-treatment Temperature (°C) Aluminum concentration (%)

Figure 2.11: (a) The effect of heat treatment temperature on tensile ductility at
room temperature [93] and (b) the effect of Al content on the room - temperature
ductility of wrought materials [94].

Austen and Kelly's study on the impact of aluminum content in cast Ti-xAl-2Cr-
2NDb alloys revealed that maximum ductility is achieved at around 48 at.% Al,
while aluminum levels of 45 at.% or lower result in very little to no ductility [48].
It was observed that alloys with lower aluminum content tend to be stronger, as
evidenced in cast Ti-xAl-2Cr-2Nb alloys [96]. Paul et al. conducted research on the
compression flow stress and attributed the increased strength in alloys with low
aluminum content to the higher a, phase content [96]. Additionally, Brotzu et al.
determined that achieving a good fracture toughness with high oxidation resistance
necessitates a ratio of Al/(Al + Ti) of at least 50% [91]. Alloys with higher

aluminum content are generally favored for their superior oxidation resistance [97].

2.2.2.2 Effect of Chromium

The inclusion of chromium in TiAl alloys has a positive impact on their mechanical
properties. It enhances ductility by decreasing grain size and also shifts the phase
boundaries, leading to a reduction in the alpha-transus temperature [91]. Cr lowers

oxidation rates at both low (800-900 °C) and high (1000-1100 °C) temperatures
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[98]. Furthermore, it acts as a strong B2 stabiliser [99]. It also improves

TiAl's plasticity [100].

The a-transus temperature was shown to decrease as Cr addition increased (Figure
2.12 (a)) [101]. For each atomic percentage of Cr added, the decrease rate was
around 15 °C. As shown in Figure 2.12 (b), the introduction of Cr reduced the o-
transus temperature consistently across all aluminium concentrations ranging from

45 to 50%. This suggested that Cr extends the a-phase field [101].
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Figure 2.12: The impact of Cr modification on the o transus temperature for; (a) 48
at.% Al alloy and (b) Ti-Al binary and 2 at.% Cr added systems [101].

The addition of Cr significantly enhances the plasticity of duplex alloys
characterized by grains of single phase y and y/a, lamellea. The ductilization effect
of Cr arises from its tendency to occupy aluminum lattice sites. As illustrated in
Figure 2.13 (a), the plasticity of y based alloys rises with Cr content, peaking at 2
at.% Cr. However, beyond this limit, plasticity begins to decline, owing mostly to
the development of excessive Ti,CrAl particles, which lowers ductility [101].
Figure 2.13 (b) demonstrates the variation in plasticity as an effect of aluminium
content, both with and without the addition of 2 at.% Cr. For alloys with the same

aluminium concentration, the addition of 2 at.% Cr leads in significant increases in
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ductility (about 1-2 at.%) within the range of 46-50 at.% aluminum. However, Cr
additions only improve the plasticity of duplex alloys and an increase in ductility

cannot be attained in an alloy with 54 at.% Al and a single y phase structure [101].
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Figure 2.13: (a) Effect of Cr addition on plastic fracture strain and (b) effect of
aluminum concentration on plastic fracture strain for Ti-Al binary and 2 at.% Cr
added systems [101].

The introduction of Cr is a critical factor in improving the oxidation resistance of
TiAl alloys. It was determined that replacing 10 at.% of the Ti in the TiAl alloy
with Cr resulted in an approximately 2:1 drop in oxidation rates across all
temperatures. The addition of 10 at.% Cr, carried out in order to improve the TiAl
alloy's cyclic oxidation resistance. Figure 2.14 displays the isothermal oxidation
kinetics of Ti-50Al and Ti-50Al-10Cr alloys in an air environment at temperatures
ranging from 800-1100 °C. Notably, at all temperatures, Ti-50Al-10Cr exhibits
significantly lower weight gains than Ti-50Al [98].
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Figure 2.14: Isothermal oxidation kinetics of; (a) Ti-50Al and (b) Ti-50A1-10Cr
alloys [98].

In the y phase, the maximum solid solution of Cr is observed just before the
formation of the B2 phase. Figure 2.15 (a) illustrates the variation of yield strengths
with increasing Cr content, indicating a similar trend in both 25 °C and 900 °C
tension tests. Peak strengths are observed at 1.5 and 2.0 at.% Cr for these
respective temperatures, followed by a continuous decrease [99]. The increase in
strength is mostly attributable to solid solution strengthening in the y phase due to
the presence of Cr although the formation of the B2 phase reduces ductility, creep
resistance and room temperature strengths. Figure 2.15 (b) displays the creep
behavior of Ti-48Al-xCr at 800 °C under a stress level of 240 MPa, demonstrating
that Cr content has a considerable effect on creep-rupture life. Ti-48Al-1Cr has a
creep rupture life of 129.5 hours when the Cr content is 1.0 at.%. This
emphasises that the composition of solid solution strengthening components and

the formation of the B2 phase influence creep resistance of TiAl alloys [99].
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Figure 2.15: (a) Yield strengths in Ti-48Al-xCr alloy at room temperature and 900
°C as a function of Cr percentage. (b) The creep rupture life response to Cr
concentration at 800 °C under 240 MPa stress [99].

2.2.2.3 Effect of Niobium

Niobium (Nb) is a crucial element utilized in alloying y-TiAl It is well-established
that the strength and oxidation resistance of y-TiAl can be significantly enhanced
with the addition of Nb up to 11 at.% [102]. Additionally, Nb is known to high-
temperature strength and creep resistance [103]. When in solid solution with TiO»,
the presence of Nb can enhance resistance to oxidation by impeding mass transfer.
However, it can lead to the formation of phases like TiNb,O; or AINDOL,,
subsequently diminishing the oxidation resistance when the amount of Nb exceeds

a certain threshold [104].

Niobium is an important beta-stabilizing element that influences the microstructure
of cast y-TiAl alloys [105]. Its presence results in a shift from nearly lamellar to
fully-lamellar microstructures. This beneficial effect of Nb is due to its doping
effect, which increases aluminium activity and diffusivity [106]. Nb's doping effect
reduces the concentration of oxygen vacancies in the TiO, lattice due to its higher
valency than Ti, hence limiting oxygen diffusion. The increased aluminium activity

and diffusion rate are required for the creation of a protective Al,O; layer.
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Furthermore, Nb limits internal oxidation by lowering the alloy's oxygen solubility
and promoting the production of TiN, which inhibits the diffusion of titanium and

oxygen ions [107].

Yang et al. investigated the influence of Nb on the oxidation behavior of TiAl
alloys at high temperatures using four distinct alloys with variable degrees of Nb
addition (0-8 at.%) [108]. Figure 2.16 (a) compares the isothermal oxidation curves
at 900 °C. The outermost layer of the scale in all alloys is formed by TiO,
crystallites, and their thickness decreases as the Nb percentage increases. The best
oxidation resistance is demonstrated by Ti47A15NDb and Ti44.2 AI8ND alloys. While
a high Nb content improves gammaTiAl's oxidation resistance, it degrades the
material's thermal fatigue properties. As seen in Figure 2.16 (b), the resistance to
cracking decreases dramatically as the atomic percentage of Nb in the alloy

increases [108].
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Figure 2.16: (a) Isothermal oxidation at 900 °C and (b) crack length vs. thermal
fatigue cycle for Ti-47Al-xNb alloys [108].
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2.2.24 Effect of Manganese and Vanadium

Manganese (Mn) and vanadium (V) have a comparable impact on lowering the a-
transus temperature as Cr [94]. Figure 2.17 demonstrates that the additions of 2Cer,
3V, and 2Mn reduce the alpha-transus temperature. As illustrated in Figure 2.11 (b)
these elemental additions have a "ductilizing" impact particularly on duplex alloys
[94]. The specific causes for these components' influence on ductility in two-phase
alloys remain unknown. Determining the exact mechanisms is difficult because
each addition impacts a variety of parameters, particularly planar fault energies

[109].
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2.2.2.5 Effect of Tungsten, Molybdenum and Tantalum

Refractory elements like tungsten (W), niobium (Nb), molybdenum (Mo) and
tantalum (Ta) have been incorporated into TiAl alloys for a considerable period.
Despite the fact that these elements tend to segragate in cast material and cause
to increase density, their potential benefits on characteristics, especially at high
temperatures, have prompted their greater use [95]. W, Nb, Mo, and Ta additions
all contribute to improve oxidation resistance [94]. The /B2 phase form
with displacing the boundaries of other phases when refractory element additions
are large or the aluminium content is low. The § phase softens and ductiles at high
temperatures, allowing for hot-working activities. On the other hand, state that
B/B2 can result in decreased high-temperature strength, creep resistance and room-
temperature ductility [99]. Hodge et al. find that tiny W additions improve creep
properties in near-lamellar microstructures, whereas high additions induce
formation, which reduces creep properties [110]. Ta additions have been used in a
unique approach capable of producing fine microstructures via massive gamma

transformation [95].

2.2.2.6 Effect of Boron

Boron serves as a grain refiner, enhancing castability, and is typically added in
quantities ranging from about 0.1 to 1 at% in TiAl alloys. This addition process
enables the production of microstructures with highly refined grain sizes [95]. In
cases where TiAl alloys are cast with coarse microstructures, achieving fine-
grained microstructures can be challenging, and boron plays a crucial role in
addressing this issue [95]. Figure 2.18 illustrates the graph depicting the alteration
in grain size resulting from the introduction of TiB, to the casting Ti47A12MnX
alloy [111]. The curve shows a significant phase of the grain refinement process

taking place when the boron concentration attains a specific threshold. Subsequent
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additions made after surpassing the critical concentration level of boron in the alloy

demonstrate minimal impact on further grain refinement [111].

400

300 +

200

Grain size / pm

100 -

0 I L 1 L 1 1 L L
0 2 4 6 8§ 10 12 14

TiB, content / vol%

Figure 2.18: The correlation between boron concentration and grain size in cast
Ti47A12MnX. The data point represented by a plus sign (+) corresponds to the
alloy Ti47A12Mn2Nb1B [111].

The introduction of elemental boron results in the formation of four types of
titanium borides in casting: TiB,, TizB4, TiB (B27), and TiB (Bf). The matrix
exhibits a Young's modulus ranging only between 150-180 GPa, whereas the
borides possess a higher modulus in the range of 450-550 GPa. This substantial
difference in Young's modulus implies that plastic deformations, such as shear and
twinning, take place within the matrix but cease at the interface between the boride
and the matrix. Consequently, this phenomenon results in the substantial pile up of
dislocations [111]. In the casting process, titanium monoborides have a tendency to
grow to considerable sizes, adversely affecting ductility. Thus, it becomes
imperative to regulate boride dimensions during casting to preserve ductility.
Furthermore, beyond size control, it has been observed that flake-type boride
precipitates can diminish ductility in comparison to granular precipitates. Any

means of reducing the size of boride precipitates tends to enhance ductility [112].
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Bryant et al. [113], while working on in-situ composites, discovered the refining
effect of Boron when added in the form of TiB; to cast TiAl alloys. In alloys with
low aluminum content that solidify through the p phase field, even low levels of
Boron, ranging from 0.1 to 0.2 at%, can be highly effective, resulting in cast colony
sizes of about 30 um. In this context, the addition of B-stabilizing elements like Nb,
W, and Ta can be beneficial, although they may also form monoborides, potentially
reducing the available Boron for grain refinement. When the cooling rates during
solidification are slow, especially in thick cross sections, long refractory metal

borides can form, potentially leading to premature failure during loading [113].

2.2.2.7 Effect of Carbon

The solid solution hardening and the precipitation of fine carbides can lead to a
substantial strength enhancement in TiAl-based alloys when carbon is introduced
[114]. Recent investigations indicate that finely distributed carbide precipitates not
only contribute to resistance to plastic deformation [115] but also enhance creep
resistance [116]. Several studies have demonstrated that TiAl alloys incorporating
carbon additions exhibit superior mechanical properties at both room and elevated

temperatures [1], [114], [117].

Carbon introduced into TiAl alloys can undergo precipitation as either the Ti3AIC
phase (P phase) or the Ti,AIC phase (H phase), contingent on the carbon
concentration [114]. These precipitates serve as formidable barriers, impeding the
movement of dislocations, which remain unable to surmount these barriers even
with thermal activation. As a result, creep resistance is heightened due to the
decreased mobility of dislocations. Furthermore, it has been observed that the
coarser Ti2AIC precipitate is less effective in strengthening TiAl alloys compared

to the Ti3AlC phase [1].

The inclusion of carbon can facilitate the phase transformation from B to a, leading

to a reduction in the residual high-temperature 3 phase, and a substantial expansion
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of the unit cell in the a, phase. However, it is important to note that the carbon
solubility limit in the y phase is significantly lower than that in the a, phase,
resulting in almost unchanged unit cell volumes for the y phase. This phenomenon
is illustrated in Figure 2.19 for the TNC, TNC-0.2C and TNC-0.5C alloys [114]. In
TiAl alloys with carbon doping, the volume fraction of the B2 phase is notably
diminished, and particularly in TNC alloys, the B2 phase almost disappears as the

carbon content around 0.5 at%. The volume fraction of the B2 phase decreases as

carbon introduces [114].
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Figure 2.19: o, and y phase unit cell volumes deopending on the carbon content
[114].

2.2.2.8 Effect of Silicon

The incorporation of silicon into TiAl alloys serves the purpose of enhancing creep
strength and elevating oxidation resistance [118], [119]. Figure 2.20 (a) illustrates
the enhancement in creep properties in a cast alloy with a nominal composition of
Ti-47.5A1-1.5Cr through the incorporation of 0.26 and 0.65 at.% silicon [120]. The
development of TisSis precipitates, which have been reported in both aged and

creep-deformed materials, is important to the strengthening mechanism. The
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addition of silicon up to 0.65 at.% is reported not to adversely affect the tensile
properties [120]. However, it has been observed that additions exceeding 1 at.%
can diminish creep resistance due to heightened microstructural instability and

increased dynamic recrystallization [119].

The addition of silicon induces alterations in the microstructure of the oxidation
scale [121]. Silicon augments the thermodynamic activity of aluminum, thereby
enhancing oxidation resistance by reinforcing the propensity to form a protective
Al,O3 layer. Consequently, the thickness of the oxidation scale decreases with an
increase in the percentage of silicon, leading to finer oxides formed on the alloys as
illustrated in Figure 2.20 (b) [122]. When the silicon content exceeds 3 at%, the
TisSi3 phase is formed. Upon oxidation, coars rystalline TiO; is generated on the
TisSi3 phase. However, an increase in the formation of the TisSi; phase raises the
silicon concentration, initiating a detrimental effect on oxidation resistance. The
reason for this adverse impact is that the TiO, phase experiences much faster
growth than Al,Os. Furthermore, the brittle TisSi; phase has the potential to initiate
the spallation of oxides, resulting in the development of cracks in the oxidation

layers [122].
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Figure 2.20: (a) The impact of silicon additions on the creep behavior [120] and (b)
variation in oxidation scale thickness with Nb and Si contents [122].
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2.2.3 Specific y-TiAl Alloy Systems

A range of y-TiAl alloys with low aluminum content has been the subject of
investigation. Table 1 provides information on various generations of -TiAl alloys,

including processing processes and developers [66].

Table 2.4: Several specific y-TiAl alloys with various properties [66].

Processing Microstructur YS EL
Stage Alloys techniques e (MPa) (%) Developers Ref.
1st .
. Ti-48Al-1 V- . Pratt &
gene;lratlo Wi%0.1 C VAR+Forging+HT DP 392 1.4 Whitney Group [123]
4822(Ti-48Al-2 General Electric
Nb-2Cr) VAR+HIP+HT DP 331 23 Company [124]
45XD (Ti-
Howmet and
2nd 45A1-2Mn-2 550-
generatio Nb-0.8 VAR+HIP +HT FL 590 1.5 Rggfr—lR;)gce [124]
n vol%TiB2) pany
47WSi (Ti-
47A1-2 W- VAR+HT DP 425 1 ABB Company [124]
0.5Si)
K5 (Ti-46Al-3
Nb-2Cr-0.2 W- VAR+Forging+HT DP/RFL 46247 | 281, Y. W. Kim [124]
. 3 2
xB-yC/Si)
TNB-V5(Ti-
45A1-5 Nb- VARmIP?’“mde*H NG 87 | 06 F. Appel [126]
0.2B-0.2 C)
o | TNM(Ti3AL | Research,
EENETANO 1 4 Nb-1Mo- VAR+Forging+HT DP 970 1 IISTREONS 1) 1127)
n Australia and
0.1B) G
ermany
Ti-44Al-4 Nb-
AHE0.1Si-0.1B PAM+VIM+HIP+HT NL 602 0,4 D. Hu [128]
Ti-44Al-6 Nb-
1Mo-0.2Y- VAR+PREP+SPS+HT FL 665 1,25 H.Z. Niu [129]
0.1B

In a general classification, various alloys can be grouped into four distinct groups

[95]:
(1) conventional alloys,
(11) alloys with high niobium content,
(111)  B-solidifying alloys,
(iv)  massively transformed alloys.
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2.2.3.1 Convetional Alloys

Several alloys within this class are characterized by specific compositions. For
example, the Ti48AI2Cr2Nb alloy, developed and patented by General Electric
[130], the Ti-48Al1-2Cr alloy utilized in various studies on deformability [131],
[132]. The Ti-46Al1-1Cr-0.2Si alloy developed by Frommeyer et al. [133]. Within
this category, notable alloys include the GKSS-developed y-TAB (Ti-47Al-4(Nb,
Cr, Mn, Si, B)) and the Plansee y-MET (Ti-46.5A1-4(Nb, Cr, Ta, B)). These alloys
are characterized by specific compositions, incorporating elements such as
niobium, chromium, manganese, silicon, tantalum, and boron. During the period
when these alloys were developed, a notable feature was their elevated aluminum
content in comparison to more contemporary alloy formulations. It was determined
that this increased aluminium content was necessary to achieve favourable room-

temperature ductility [54].

The primary phases in these alloys are typically y and a,, despite the presence of
B2/y has been noted in a low interstitial Ti48AI2Cr2Nb alloy [134]. In the early
1990s, most ductility research concentrated on cast materials, with maximal
ductility thought to be focused around 48 at.% Al concentrations. Notably, cast
Ti48 A12Cr2Nb elongations of roughly 2.5 to 3.1% was published [135]. However,
the determined strength values were relatively low, with yield strengths ranging

from 300 to 330 MPa and tensile strengths ranging from 445 to 477 MPa [135].

In an effort to improve strength and creep resistance in later-generation
conventional alloys, aluminium content was reduced slightly, and additives such as
B, C, and Si were incorporated. However, these alloys lack the features of nickel-
based superalloys and lack the oxidation resistance to increase the application
temperature beyond 700 °C. Due to this constraint, the significant niobium

additions have been introduced to y-TiAl alloys [54].
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2.2.3.1.1 Ti48AI2Cr2Nb Alloy

The Ti48AI2Nb2Cr alloy, classified as a second-generation y-TiAl alloy developed
by GE, belongs to a group characterized by additions of elements with less than 5
at.% [39]. The emphasis during its development was on maximising ductility,
which resulted in a high percentage of aluminum with 48 at.% and a duplex o, +
vy microstructure [3]. Ti48AI2Nb2Cr has special features due to its intermetallic
nature, which is originated by the alloying of two or more metallic elements, along
with non-metallic elements [135]. Intermetallic alloys share characteristics with
ceramics and metals due to the covalent or partially ionic nature of their bonds. The
resulting solid phases have different crystal structures and physical/mechanical
properties than the constituent elements. Intermetallics have exact structure within
a sub-lattice, and the long-range ordering is stable up to a certain temperature. This
long-range ordering restrains deformation modes, often increasing strength while
decreasing ductility and fracture toughness at room temperature [135] — [136].
Table 2.5 represents the typical chemical composition of Ti48AI2Nb2Cr [20]. Its
melting point is reported around 1570 °C [136].

Table 2.5: Chemical composition of the Ti48 AI2Nb2Cr alloy in wt.% [20].

Elements | Al Cr Nb Fe O N C Ti

Wt.% 34.1 2.4 4.8 0.03 0.06 0.004 | 0.005 | Bal.

Each element in the composition exerts a distinct influence on the material's overall
properties [20]. Aluminium has a significant effect on the transformation in phases
during solidification. It has an impact on microstructural properties including the
volume fraction of a, and it also effects mechanical properties like strength and
ductility. Alloys with an aluminum content below 43 at.% exhibit no plastic
elongation at room temperature [95]. The strength of y-TiAl increases with

decreasing aluminum content and/or increasing niobium content. The significance
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of aluminum content lies in its influence on lamellar spacing. A decrease in
aluminum amount results in an increased o, volume fraction, leading to a linear
reduction in lamellar spacing and, consequently, a strength increase [95].
Chromium, known for lowering the o transus temperature and improving the
ductility, along with niobium, which enhances creep and corrosion resistance at
elevated temperatures, are recognized as additional crucial elements in the

Ti48 A12Nb2Cr alloy [95].

Various grain structures can arise based on thermal and/or thermomechanical
processing. The mechanical properties of Ti48 AI2Nb2Cr are highly depend on the
morphology of the y and a, phases. In Ti48 A12Nb2Cer, four distinct microstructures
are observed as shown in Figure 2.21 [20], [26]:

1. Fully equiaxed grain structure: This configuration consists of a single
v phase with a high modulus of elasticity (E) and better high-temperature
properties while maintaining a low density. Despite exhibiting isotropic
behavior with constant properties along multiple axes, it suffers at room
temperature by insufficient fracture toughness and ductility, making it
unsuitable for structural applications because to its brittleness.

2. Fully lamellar grain structure: This structure, defined by alternating
plates of y and a,, has outstanding creep resistance and toughness at
elevated temperatures but limited ductility at room temperature. Enhancing
microstructural properties, such as decreasing lamellar grain size and
spacing, improves elongation and strength at high temperatures. The
brittleness of o, and the difficult dislocation movement between y and
oy limit material’s ductility. At elevated temperatures, grain boundaries in
fully lamellar structures resist crack propagation more efficiently than those
in duplex grain structures, increasing fracture toughness. Despite better
creep resistance, interlocking grain boundaries reduce ductility and
machinability at room temperature. This grain structure's high anisotropic
material characteristics provide challenges for specialised applications such

as turbine blade airfoils.
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3. Duplex grain structure: The duplex grain structure comprises equiaxed
and lamellar grain structures, incorporating v and o, phases with the finest
and most homogeneous microstructural properties, including y and lamellar
grain sizes and spacing. This structure is highly desirable for its exceptional
combination of ductility, strength, and fatigue life.

4. Near fully lamellar grain structure: This structure is fully lamellar, with

lamellar colonies dominating and equiaxed grains evolving as a minority

inside lamellar colonies.
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Figure 2.21: Various microstructures obtained after several heat treatment
temperatures corresponding to distinct regions in the binary phase diagram for a 48
at.% Al alloy [20].

2.2.3.2 High Niobium Containing Alloys

Cotton et al. [94] were among the first to demonstrate the high strength and

oxidation resistance of y-TiAl alloyed with niobium. Subsequently, Paul et al. [96]
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investigated cast materials to uncover the mechanisms behind the heightened
strength. They found that the enhanced strength resulted from athermal dislocation
obstacles linked to reduced aluminum content, rather than the high niobiumb
content. Lower aluminum levels raised the a, content and refined the structure,

both of which contributed to higher athermal stress during deformation [96].

The activation parameters for high-temperature deformation in binary and
equivalent Al-containing high-Nb ternary alloys were investigated. The activation
enthalpy for deformation was slightly greater in high-Nb alloys, which is consistent
with previous research on Nb diffusion in TiAl [137]. This suggests that diffusion-
assisted deformation processes in such alloys are more difficult, potentially
improving creep resistance and high-temperature strength while inhibiting dynamic
recrystallization [138]. Deformed high-Nb alloys exhibited significant twinning
activity, which could be attributed to lower stacking-fault energy and hence

increased ductility [138].

GKSS developed high-Nb alloys, known as TNB, with a composition of Ti-45Al-
(5-10)Nb-(0-0.5)B, C [95]. Extruded Ti-45AI-5Nb-0.2B-0.2C TNB achieved
room-temperature strength up to 1 GPa with approximately 2 to 2.5% plastic strain.
TNB competes favourably with superalloys, unlike conventional TiAl alloys, due
to its remarkable strength qualities, extending its high-temperature capacity.
Plansee obtained a TNB licence and collaborated on TNB alloy research studies
with NASA and Pratt & Whitney. GKSS also worked on projects using TNB alloys

with companies such as DaimlerChrysler and Rolls Royce [95].

2.2.33 B - Solidifying Alloys

The discovery and benefits of B-solidifying alloys for casting were likely first
acknowledged by in elsewhere [5]. These alloys stabilize the [ phase, which
becomes the initial phase to precipitate during solidification and remains the sole

phase afterward. In contrast, the high-temperature a phase is present to a certain
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amount in peritectic alloys after solidification. One disadvantage of peritectic
alloys is that when the B phase converts into a during additional cooling or further
heat treatment, the orientation of the transformed o is governed by the pre-existing
a phase. Since the y phase shares only one orientation relationship with the high-
temperature hexagonal o, all lamellae originating from a single a grain will exhibit
the same orientation, as outlined in the Blackburn orientation relationship provided

in 2.2.1.2 Phase transformation from a to a, Section [139].

In alloys solidifying entirely through B and subsequently precipitating o on
additional cooling, the o phase forms from the B can have up to 12 different
orientation variants [139]. As a result, a substantial grain refinement of the casting
and a significant reduction in texture can occur when a large B grain is partitioned
by lamellar colonies with up to 12 different orientations. This phenomenon, known
as "crystal partitioning" [5], [139]. The most effective additives for promoting
B solidification are Fe, Re, and W as well as Cr, Mo, Ta, and Nb with slightly

decreasing in strength [5].

Concerns have been raised about B-solidifying alloys, such as decreases in
mechanical properties like as high-temperature strength, creep resistance and room-
temperature due to the existence of the /B2 phases [99]. The hard and brittle
nature of the aluminum rich B2 phase at room temperature transforms into a soft
and ductile B phase at elevated temperatures. Moreover, /B2 can decompose into
omega () phases, potentially contributing to material embrittlement after long-

term exposure [5], [140].

The soft character of the high-temperature B phase allows for the employment of
forging techniques in alloys such as Ti-42Al1-5Mn and Ti-42A1-10V. These alloys
have B(B2) and vy as thermodynamically stable phases at room temperature, in
contrast to conventional alloys, which have a, and y [141]. Compared to other TiAl
alloys, Ti-42Al-5Mn is relatively easy to machine when hot-worked. Although the

room-temperature plastic elongation to failure for Ti-42AI-10V is somewhat low
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for a hot-worked material, the specific creep strength for Ti-42Al-10V and Ti-
42Al1-5Mn is stated to be acceptable [141].

To produce acceptable high-temperature characteristics, certain heat treatments
capable of eliminating the /B2 phase are necessary following processing [142].
These "beta-gamma" alloys have the following composition: Ti-(42-45)Al-(2-
8)Nb-(1-9)(Cr, Mn, V, Mo)-(0-0.5)(B, C) [142]. Studies conducted by Clemens et
al. [127] aimed to ascertain the phase relationships in Ti-43Al-4Nb-1Mo-0.1B.
Parts were produced using hot-working procedures. The creep properties at 800 °C
and 300 MPa exhibited variations based on the applied heat treatment.
Additionally, room-temperature tensile strengths ranged from 800 to 950 MPa,
with total elongations reaching up to 2%, contingent on the specific heat treatment

employed [127].

2.2.3.4  Massively Transformed Alloys

As highlighted by Wu and Hu [143], the recognition of massive gamma (yp,)
formation in alloys containing 46 to 48 Al dates back several years. This type of y
develops through a displacive transformation without long-range diffusion and is
distinguished by a highly faulted y phase. It is formed under relatively fast cooling
rates from the high-temperature a phase, but not so fast to produce metastable o
(ap). Subsequent heat treatment within the (a0 + 7y) phase field results in the
precipitation of a on all four {111} planes of the ym, yielding a refined
microstructure composed of fine alpha o, plates within a y matrix [144]. Such
microstructure observed in a 20-mm diameter bar of Ti-46AI-8Nb which
underwent oil quenching from 1360 °C, followed by a 2-hour aging process at

1320 °C is provided Figure 2.22 [143].
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Figure 2.22: Refined "convoluted microstructure"of previously vy, contained Ti-
46Al-8Nb alloy followed by heat treatment within the a + y region [143].

The IRC studied the necessary cooling rate range for vy, formation and optimized
compositions to induce such a microstructure at slower cooling rates which is more
representative of those experienced by real components [145]. The study includes
measuring the presence of various microstructures along the length of a Jominy. It
was shown that the alpha grain size and oxygen levels in Ti-46A1-8Nb alloy both
played a role in y,, transformation. The range of cooling rates required to achieve a
fully y, microstructure was found to be lower in fine-grained material than in
coarse-grained material [145]. Therefore, boron additions were identified as having
a detrimental impact on vy, formation. This microstructural refining process is
especially well-suited for cast alloys with large grain sizes. The significant

transition was also suppressed by high oxygen levels in the alloy [146].

According to Hu et al. [147], elements that act as weak [ stabilisers, exhibit
unequal partitioning between the o and y phases, and are slow diffusers are
required for the construction of TiAl alloys that favour massive gamma production.
It's recommended to avoid strong [ stabilizers, as they can diminish the single-
phase a field crucial for the material to undergo the massive transformation during
cooling. Elements demonstrating preferential partitioning for a or y are essential to

necessitate significant diffusion for y phase formation. The use of slow-diffusing
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species enhances v, formation. Considering these factors, Hu et al. suggest that

tantalum is more effective than niobium in promoting v, [147].

23 Conventional Manufacturing of Titanium Aluminides

Conventional manufacturing methods for producing TiAl parts can be categorized
into three subgroups: casting, wroughting, and powder metallurgy (PM) [3]. There
are actually four types of manufacturing technologies for TiAl components
including additive manufacturing [40]. Chen et al. offer distinct processing routes
for each of these manufacturing methods in Figure 2.23 [40]. However, it's
important to note that this chapter does not cover additive manufacturing, as it is

discussed in detail in Chapter 2.4.
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Figure 2.23: Processing routes suggested by Chen et al. [40].
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2.3.1 Casting

Casting is the most economically viable way for producing TiAl components. This
is mainly due to the widely recognised infrastructure for traditional Ti alloy
investment casting [148]. Figure 2.24 showcases an LPT blade manufactured
through investment casting [149]. An X-ray image (Figure 2.24 (b)) revealed that

the casted blade exhibited an absence of porosities and ceramic inclusions [149].

Figure 2.24: (a) An investing casted LPT blade and (b) its corresponding X-ray
picture [149].

The centrifugal casting technique is capable of creating complex objects while
minimising casting defects such as misrun, shrinkage and gas porosity. In terms of
mass production, the Ti48AI2Cr2Nb LPT blades in the GEnx engine and the 45XD
LPT blades in Rolls Royce's Trent-XWB engine are currently manufactured via
centrifugal casting [41]. Figure 2.25 shows an image of a centrifugally cast GEnx
net-LPT blade with the gating still connected [41].
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Figure 2.25: Centrifugally casted GEnx LPT blade [41].

Solidification following the casting frequently results in micro segregation of
alloying components and the development of columnar grains. Columnar formation
of grains leads to structural non-uniformities in castings [150], [151]. These
characteristics are challenging to improve with additional heat treatments.
The morphological texture is significantly more challenging for developing
complex components such as turbine blades because of the anisotropy in
mechanical characteristics [152], [153]. It is possible to obtain high-quality
castings with fine tolerances for small components [150]. However, for component
castings constructed of high strength alloys, ductility may need to be compromised
to some amount. Large and thick section components are often more challenging to
manufacture because they contain coarser microstructures that affect their qualities.

In such instances, alloy design is very critical [150].

2.3.2 Wroughting

Forging or extrusion methods produce a more uniform and more refined
microstructure, minimising uneven structures and promoting a desired texture with
respect to casting [154]. The wrought processing has been demonstrated, with the
advantage of increasing microstructural flexibility by thermal-mechanical
processing [40]. This produces finer duplex or equiaxed microstructures, which
improves ductility. Hot-working of TiAl alloys is typically done above the brittle-
to-ductile transition temperature. The ingots are refined during the first hot working
stage into a fine-grained, homogeneous microstructure. This is achieved by the use

of relatively low deformation rates at temperatures ranging between the y solvus
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and eutectoid. This method promotes dynamic recrystallization while reducing

strain-induced porosity [40].

Wrought processing techniques are especially useful to produce jet engine
components that must endure strong loading conditions [3]. As shown in Figure
2.26, Thyssen has successfully produced tiny Ti-45AI1-8Nb-0.5(B,C) compressor
blades employing an ingot extrusion and multistep isothermal forging technique
[3]. Ingot extrusion at 1250 °C and isothermal forging were used to manufacture
Ti-47A1-3.7(Nb, Cr, Mn, S1)-0.5B high-pressure compressor blades [155]. Pratt &
Whitney installed forged LPT blades in the last stage of their GTF engine.

Isothermal forging was used, followed by annealing [155].

The wrought processing requires operations at high temperatures, generally above
1100 °C and low deformation rates carried out in many steps because of TiAl's
inherent brittleness. Furthermore, hot working necessitates the use of an inert gas
environment. Even though the mechanical qualities of wrought TiAl outperform
those of casted parts, the amount of wrought processing is limited due to
productivity and tool longevity concerns. These factors significantly contribute to

elevated processing costs [3], [40], [156].

Figure 2.26: Compressor blades of Ti45A18Nb0.5(B,C)produced using extrusion
and forging process; (a) set of blades and (b) an individual blade [3].
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2.3.3 Powder Metallurgy

Powder metallurgy (PM) is a widely employed method for producing net-shaped
parts from various metals and alloys [33]. The press and sinter has always been the
most common approach for PM prodction [33]. The ability to produce near net-
shaped parts with refined and segregation-free microstructures is a key advantage
of PM. PM usually outperform casting because of problems arising in casting such
as melted metal — cast mold interactions, macrosegregation, hot cracking, casting
texture and high internal stresses. Furthermore, PM allows for the production of

composite materials or porous materials [157].

Prealloyed atomized powder must be used to fabricate TiAl components utilising
this method. Several atomization processes are described in the literature, such as
gas atomization, rotating-disc atomization, the rotating-electrode process (REP)
and the plasma rotating-electrode process (PREP) [157]. The powder's quality is
critical and is controlled by characteristics such as particle size distribution, particle
shape and the degree of interstitial pick-up upon atomization. TiAl powder, unlike
common metallic powders, is often too hard for cold compaction. As a result, it is
frequently processed with hot isostatic pressing (HIP) after some type of hot-
working treatment [157]. Alternative processes including spray forming, metal
injection moulding (MIM), microwave sintering, combustion synthesis and spark

plasma sintering have been investigated in the literature [158].

The PM process has the advantage of producing high-quality, near-net-shape and
uniform parts with significantly less machining and waste. The near-net-shape PM
approach is capable of producing a variety of TiAl components with complicated
forms [158]. Powder processing holds significant potential, particularly for larger
products where segregation can limit the homogeneity of the final products [3].
HIP is primarily used to design and build high-precision aeroengine components.
HIP produced compressor rotor for an aeroengine and a machining preform are

seen in Figure 2.27 (a) and (b), respectively [159].
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Figure 2.27: HIP produced; (a) turbine engine compressor rotor and (b) machining
preform [159].

2.4  Additive Manufacturing of Titanium Aluminides

The integration of computers, heat sources and controllers into everyday life gave
rise to the concept of Additive Manufacturing (AM). The primary premise of
AM technology has been to generate a model using Computer-Aided Design
(CAD) without the requirement for extensive process design, including tools and
supplementary fixtures, as required by traditional production techniques. In
traditional systems, each extra processing step requires more labour and increases
manufacturing time. In contrast, AM requires only a basic understanding of the
materials and machinery used. The essence of AM is sequentially layering building
materials in a cross-section obtained from a CAD model. Each layer has its own

thickness, which eventually shapes the final material [160].

Over the years, various metals and alloys have been extensively studied using AM.
Among them, Titanium alloys have received the most attention across a range of

AM methods. Figure 2.28 (a) provides an overview of publishing patterns and the
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different AM techniques that have been under investigation for TiAl alloys since
2010 [161]. Most of the researches have been conducted utilising powder bed
fusion (PBF) methods with either a laser or an electron beam, although there is
growing interest in laser based directed energy deposition (DED-LB) for producing
TiAl In 2022, 40% of papers were predominantly dedicated to PBF process
(Figure 2.28 (b)) [161]. As an AM method for manufacturing TiAl, electron beam
powder bed fusion (PBF-EB) has showed potential. Laser beam powder bed fusion
(PBF-LB) approach, on the other hand, currently fall short of fulfilling the needed

criteria for two reasons [161]:

e PBF-LB does not heat the environment within the building chamber to high
temperatures in order to mitigate severe thermal gradients. Significant heat
strains and stresses result eventually leading to cracks development.

e PBF-LBuses an inert gas as the chamber atmosphere, whereas PBF-
EB utilises a high-vacuum environment. This high-vacuum atmosphere can

reduce impurity pick-up.

Published in 2022

mEB

= Arc-DED

= L-DED
LPBF
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uArc

wBl

Figure 2.28: (a) The breakdown of various AM techniques employed for
fabricating TiAl parts and (b) the primary techniques highlighted in publications of
2022 for printing TiAI [161].
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24.1 Directed Energy Deposition

In the manufacturing of y -TiAl, less utilised additive manufacturing methods
involves directed energy deposition (DED) method. This technique allows for the
utilization of both powder and wire as feedstock materials. In the DED process,
feedstock material is directed to the building surface using a nozzle. The power
source, whether it be a laser or electron beam, provides the energy to melt the
powder in the designated region, enabling the layer-by-layer construction of the
part [164]. Another less common deposition-based method for TiAl production is
Wire-Arc Additive Manufacturing (WAAM), which is a wire-fed additive
manufacturing technique. In wire-fed methods, a continuous wire supplied from the
wire feeder undergoes melting by the power source (arc) and solidifies on a

building plate [166].

24.1.1 Laser Beam Directed Energy Deposition

There has been relatively limited study into laser beam directed energy deposition
(DED-LB) TiAl additive manufacturing, with early efforts dating back to 1999
[168], [169]. The powder or wire feedstock material is directly injected into the
focused laser beam in this approach, with the laser delivery column and powder
nozzle moving as one unit as schematically shown in Figure 2.29 [40]. This method
of multilayer deposition involves partially melting or heating preceding layers
during subsequent deposition. Processing parameters like as laser power and
scanning speed determine the size of the heat-affected zone in each successive
deposition. As a result, the cooling rate and microstructure evolution are greatly
influenced [40]. Several PBF-LB process parameters to manufacture y-TiAl parts
are given in Table 2.6 [162].
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Substrate

Figure 2.29: Schematic illustraction of DED-LB process [40].

Table 2.6: DED-LB process parameters in the literature to manufacture y-TiAl

[162].
Laser Power Scanning Layer thickness Volumetrit? Powder Referenc
(W) speed (1m) Energy degmty ratg o
(mm/s) (J/mm?) (g/min)
4000 - 6000 13.3-20 1000 - 1500 33-112 10-16.6 [167]
1200 - 1800 8.3-333 830- 1260 20-82 8.8-14.5 [202]
150 - 400 10-15 20-80 23 [203]
380 11 254 - 4 [204]
200 - 700 60 - 4000 50 - 1500 0.08-19.4 0.5-2.2 [171]

The fundamental difficulty with producing bulk TiAl is its cracking susceptibility,

especially during the rapid heating-cooling cycles inherent in the DED-LB

technique. A comprehensive study on Ti-47AI-2Cr-2Nb indicates that the

occurrence of cracks can be mitigated by ensuring continuous deposition [169].

While there were occasional pores inside the material, the composition of the

builds nearly followed that of the powder, indicating minimal aluminium loss or

capture of oxygen. The microstructure of the as-built material exhibited
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irregularities, manifesting as a layered structure with individual deposition layers
comprising columnar and equiaxed grains of diverse sizes due to fluctuations in the
solidification rate. Furthermore, heat treatment attempts to achieve microstructure
homogenization above the a-transus did not result in enhanced tensile properties

when compared to the as-built condition [169].

The effect of DED-LB processing parameters on the Ti-48Al-2Mn-2Nb alloy was
investigated by Srivastava et al. [170]. The observed heterogeneous microstructure
was attributed to remelting and thermal cycles after subsequent layer depositions.
Following that, extensive research found major processing parameters influencing
build quality, with laser energy input and powder feed rate playing critical roles in
determining processability and, thus, build quality. The investigation, however, did

not provide crack-free samples or a sufficient surface finish [170].

Alterations in laser power had a profound impact on microstructure uniformity,
resulting in diverse grain shapes such as equiaxed, columnar, and dendritic
structures [170]. Due to the rapid cooling process associated with laser melting, Ti-
48 Al-2Mn-2Nb samples produced through DED-LB have a finer microstructure
than cast material. A slow laser scan or high laser power generated a huge heat
input and a superheated molten pool, extending solidification and raising the
temperature of the base material. This resulted in a coarser dendritic
microstructure. Samples processed with low heat input, on the other hand, showed
less superheating, a wider temperature gradient at the interface, faster cooling rates,
and, as a result, a finer microstructure. Achieving satisfactory compositional
uniformity without excessive microstructure coarsening following post-processing
heat treatments posed a challenge in the as-deposited material [170]. Recent
studies show that optimum processing conditions efficiently minimise residual
stress cracking. A secondary laser source was introduced beside the nozzle in a
study by Thomas et al. to produce a heating region around the laser's focal spot
[171]. Because of its low energy density, this new heating source delayed the

cooling rate and lessened the thermal gradient. Controlled process parameters, as
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shown in Table 2.7, generated Ti-47Al1-2Cr-2Nb beads, thin walls, and large blocks
[171].

Table 2.7: DED-LB process parameters to produce Ti-47Al1-2Cr-2Nb alloy [171].

DED-LB parameters | Min - Max values
Powder size, um 80— 125
Laser power, W 200 -700

Powder feed rate, g/min 0.5-22

Deposition rate, mm/min 60 — 4000
Z-Increment, mm 0.05-1.5
Number of layers 20-50

Zhang et al. investigated the as-deposited Ti48AI2Cr2Nb to reveal its metastable
and heterogeneous microstructure [172]. Each deposited layer had a metastable
structure with a dominating y phase at the top and the high-temperature a-phase,
which transformed into o, upon cooling, at the bottom. This was related to a
substantially faster cooling rate at the bottom of the layer as a result of rapid heat
extraction from the substrate, with thermal gradients favouring textural effects
throughout the build direction. The epitaxial development of the vy phase
perpendicular to the build direction was produced by sequential laser remelting,
resulting in a columnar grain structure along the build axis [173]. Likewise, DED-
LB of Ti-47Al1-2.5V-1Cr resulted in a directionally solidified columnar grain
structure, which was followed by solid-state phase transformation, resulting in a
fully lamellar microstructure consisting of a, and y lamellae with lamellar spacing

of 0.3-0.5 um and colony sizes of 50-100 um [174].

Wang et al. employed the DED-LB method to produce a Ti48AI2Cr2Nb alloy and
analysed its microstructure, as shown in Figure 2.30. The top of the sample had an

equiaxed microstructure, while the rest had a columnar grain structure. A
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combination of duplex and lamellar microstructures was detected in the middle of

the plate [167].

Very tnp of the plalc

i Growth direction

= N\ regions

Figure 2.30: Macrostructure and microstructures of Ti48 A12Cr2Nb alloy
manucaftured by DED-LB [167].

The as-deposited Ti-47A1-2.5V-1Cr and Ti-40Al-2Cr alloys displayed limited
tensile ductility, despite having ultimate tensile strength (UTS) comparable to
forgings. This reduced ductility persisted even after heat treatment as given in
Table 2.8 [174], [175]. In the particular instance of the Ti-47Al-2.5V-1Cr alloy,
ductility in both the XY- and Z-directions was less than 0.6% in as-deposited
samples. This was linked to the presence of columnar grains inside a fully lamellar
microstructure [42]. Recent advances in optimised processing settings and heat
treatments for DED-LB processing of Ti-47Al-2Cr-2Nb have presented a well-
balanced combination of strength and ductility at room temperature [171]. Notably,
tensile ductility variability was minimised, reaching a minimum of 1%. Tensile

testing on heat-treated samples revealed a UTS of 519 + 23 MPa with 1.2 + 0.2%
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elongation in the Z-direction and a UTS of 539 £ 15 MPa with 1.7 £ 0.2%
elongation in the XY-direction. Moll et al. studied a room-temperature tensile

strength of about 500 MPa with 1-2% tensile elongation [169].

Table 2.8: Room temperature tensile properties of DED-LB processed Ti-47Al-
2.5V-1Cr and Ti-40A1-2Cr [174], [175].

Materials Condition UTS, MPa | Elongation, %

As-deposited 550 0.3

1100C/30 min/AC 620 0.4
Ti-47A1-2.5V-1Cr

1100C/30 min/WQ 630 0.4
1125C/30 min/WQ 650 0.6

As-deposited 560 0.2
1100C/30 min/AC 560 0.3

Ti-40A1-2Cr

1100C/30 min/WQ 580 0.4
1125C/30 min/WQ 600 0.6

24.1.2  Wire Arc Additive Manufacturing

Wire Arc Additive Manufacturing (WAAM) distinguishes out for its ability to
rapidly create or repair complicated metallic components while attaining full
density [162]. As a result of the greater deposition rate and lower material waste,
processing time and costs are reduced. WAAM's distinguishing characteristics
include reduced spatter output and the formation of a quiescent melt pool, which
allows for the uniform deposition of material with the required chemical
composition [176], [177]. In WAAM, raw materials take the form of wires, and the
energy source is typically an electric arc. As energy sources, several arc welding
processes such as gas metal arc welding (GMAW), tungsten inert gas (TIG)
(schematically seen in Figure 2.31 [166]), gas tungsten arc welding (GTAW), and
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plasma arc welding (PAW) can be employed [166]. Utilising a plasma arc as the
energy source has advantages such as increased energy density and penetration,
resulting in a finer microstructure and more effective alloying element blending,
hence improving overall performance in TiAl alloys [178]. Several WAAM

process parameters to manufacture y-TiAl parts are given in Table 2.9 [162].

Wire
TIG Power Feeder

supply

—

o
D

[ Substrate l

I Heating system I

—{ Travel platform l

Travel direction

Figure 2.31: Schematic diagram of WAAM setup [166].

Table 2.9: WAAM process parameters found in the literature to manufacture y-

TiAl[162].
Current (A) T[:;I/s;r;])ﬁsd V1\_/iir((rens:5;(?n(;f Wir((:nsr:)](;fnc:r:;f Al Refe;renc
120 100 800 788 [205]
90 120 1070 930 [206]
90 120 1070 824 [178]
120 100 750 870 [207]
120 95 700 860 [177]

Cai et al. used TIG welding to evaluate the microstructure of the y-TiAl alloy,

employing pure Al and Ti wires in three separate regions [166]. The lower region,
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located near the substrate and composed of a, grains. In the central region, the
dominant characteristics were lamellar colonies, whereas the upper region

displayed mainly fine dendrites of y phases as shown in Figure 2.32 [166].

Wang et al. discovered differences in microhardness findings between the bottom,
middle, and top sections, ranging from to 369.4 HV to 281.3 HV, respectively
[178]. These differences appear to be mostly due to different microstructures in the
various regions. The bottom region has the highest microhardness value.
Furthermore, the top section had the highest UTS, whereas the bottom portion had
the lowest [178]. The tensile strength of TiAl alloy manufactured by WAAM is
lower than that of PBF technologies. This decrease is attributed to anisotropy

caused by the layer-like buildings [178], [179].

Niddlcl

: }'cgion |
|

Bottom!
region |

Figure 2.32: Macro and microstructures of y-TiAl alloy fabricated by TIG method
representing; (a) cross-section (x-z plane) morphology; (b) macro- and (c¢) micro-
structure in the top region; (d) macro- and (e) micro- structure in the middle region;
(f) macro- and (g) micro- structure in the bottom region. [166].
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Wang et al. evaluated the mechanical characteristics of heat-treated materials at
four various temperatures [177]. A dominating lamellar structure was obtained
after 6 hours of heat treatment 1 (HT1) at 1100 °C. The duplex structure developed
during heat treatment 2 (HT2) at 1200 °C. Heat treatments 3 (HT3) and 4 (HT4),
which were carried out at temperatures above 1270 °C, resulted in the formation of
a coarse-grained lamellar structure. In the HT1 and HT2 samples, the observed
microstructures showed a drop in strength but an increase in ductility. The HT3 and
HT4 samples, on the other hand, showed decreased strength while preserving a
brittle structure. These findings indicate that heat treatment operations in the
WAAM process can transform highly brittle structures into ductile ones for y-TiAl

components [177].

2.4.2 Powder Bed Fusion

There are two main types of powder bed fusion (PBF) methods; laser beam powder
bed fusioun (PBF-LB) and electron bean powder bed fusion (PBF-EB). The
operating principle of the PBF-EB method closely resembles that of PBF-LB.
Nevertheless, there are notable distinctions. A key difference is the utilization of an
electron beam as the power source in PBF-EB, as opposed to a laser. Additionally,
PBF-EB operates within a vacuum environment instead of inert gas, and it includes

a preheating step before producing the each layer [164].

2.4.2.1 Laser Beam Powder Fusion

Laser beam powder bed fusion (PBF-LB) is a popular additive manufacturing
process that is commonly used by researchers in industries such as automotive,
aviation, and medicine [162]. Notably, GE Aviation's commitment to make
100,000 fuel nozzles for LEAP engines by 2020 was a key milestone, establishing
PBF-LB as the first additive manufacturing technique used to manufacture crucial

jet engine components. Despite its broad application, PBF-LB has yet to be
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demonstrated as a suitable method for y-TiAl alloys [40]. Several PBF-LB process

parameters to manufacture y-TiAl parts are given in Table 2.10 [162].

Table 2.10: PBF-LB process parameters found in the literature to manufacture y-

TiAl [162].
Volumetric
Laser Power (W) spjggr;ﬁirrf/s) Layer thickness (um) dE;fSrﬁz Reference
(J/mm°)
100 - 175 317 - 1590 100 10 - 21 [11]
250 - 350 500 100 250 - 350 [13]
50 - 150 5-1500 60 7 - 6250 [199]
100 - 400 10-90 100 110 - 816 [182]
120 - 280 600 - 1200 30 42 - 194 [200]
250 700 50 - [201]

The initial effort to manufacture a Ti48AI2Cr2Nb alloy using PBF-LB in 2011 was
unsuccessful due to the inability to get samples free of cracks [180]. Lober et al.
performed a parametric research on a TNM alloy with a particle size range of 45-
63 um and a layer thickness of 75 um in 2014 [181]. To stabilise the process and
obtain appropriate shape for individual beads, the laser power and scanning speed
were modified. To produce a processing map for the TNM alloy, a complete
investigation was undertaken by altering scanning speed laser power (50-250 W)
and (50-100, 350-2100 mm/s). At low laser power and scanning speed, there was
noticeable cracking, which was attributed to the rapid cooling rate during
solidification [181]. The optimized parameters for laser power and scanning speed
include 100 W and 50 mm/s for the infill, and 175 W and 1000 mm/s for the outer
contour. A hatch distance of 0.3 mm and a layer thickness of 75 um were also
utilized in the stripe hatching scanning strategy [181]. These optimised parameter

sets were utilised to generate tiny cylinders and dodecahedron cells with a relative
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density of 99% and a fine-grained nearly lamellar microstructure, as shown in
Figure 2.33 (a) and (b), respectively. Due to nonuniform cooling rates, the as-built
material has an inhomogeneous microstructure (Figure 2.33 (b)). Implementing a
two-step heat treatment at 1230 °C followed by 950 °C led to the formation of a
uniform duplex microstructure, comprising 3 and a, grains, with some lamellae
present in ap/y colonies. (Figure 2.33(c)). Compression testing on the Selective
Laser Melted (PBF-LBed) TNM alloy revealed strength levels comparable to cast
samples [181].

Figure 2.33: TNM alloy produced by PBF-LB method that shows; (a) 3D-
dodecahedron structures, (b) SEM image of as-build and (¢) SEM image of two
step heat treated sample [181].

Shi et al. manufactured Ti-47Al1-2Cr-2Nb specimens using a laser power of 250 W
and a scanning speed of 40 mm/s [182]. Despite having a relative density of

98.95%, the specimens fractured severely. The principal cause of failure was
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cracking caused by the brittle nature of the y-TiAl alloy. This alloy indicated
unable to withstand the high residual stress caused by the PBF-LB process's

extremely fast heating and cooling cycles [182].

Gussone et al. examined the microstructure and tensile properties of Ti-44.8Al-
6Nb-1.0Mo-0.1B [12]. When the laser energy input exceeded 55 J/mm?, it was
possible to obtain samples with 99% density. Aluminium loss was proportional to
laser energy input, with higher losses at higher energy densities indicating
considerable overheating. As seen in the left column of Figure 2.34, samples
fabricated with the highest energy input of 300 J/mm? showed a, platelets within
the B/B2. Similar needles/platelets were observed at a medium energy input of 110
J/mm?, but with a lamellar a,/y substructure (Figure 2.34, top row, middle column).
As shown in Figure 2.34, middle row, right column, a globular-shaped ultrafine
ap/y lamellar colonies was observed along with /B2 and vy grains at colony
boundaries at low energy densities of 60 J/mm?. Furthermore, samples produced at
a preheating temperature of 1000 °C had a coarser microstructure than those
produced at 800 °C. However it was observed a microcrack in the sample produced
with 300 J/mm? energy imput as well as 800 °C preaheating temperature as shown

in Figure 2.34, middle row, left column [12].

66



Figure 2.34: SEM images of the samples produced at 800 °C (top row and middle
row) and 1000 °C (bottom row) preheating temperatures [12].

Li et al. examined the microstructure, phase transition, and nano-hardness of Ti-
45A1-2Cr-5Nb alloy produced at 500-800 mm/s laser scanning speed. A faster
scanning speed produced finer grains and a higher volume fraction of and B2
phases [183]. Post-HIPing at 1200 °C under 200 MPa pressure for 4 h increased the
tensile strength of Ti-44.8A1-6Nb-1.0Mo-0.1B to up to 900 MPa and, in some
cases, decreased below 400 MPa. The low ductility in the samples was due to
significant oxygen pickup during the PBF-LB process as well as defects that
remained after HIPing [12].

Lober et al. conducted a comparison between the PBF-LB and PBF-EB methods
[180]. The microstructures of Ti48AI2Cr2Nb alloy produced using PBF-EB and
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PBF-LB methods are given in Figure 2.35 where the production direction is
indicated by an arrow. The production direction is indicated by arrows in the
figure. The microstructures of these samples, which were generated using laser
power ranging from 100 to 175 W, a layer thickness of 100 um, and an energy
density of 10-21 J/mm? in the PBF-LB process, revealed that a substantial number
of cracks developed in comparison to the PBF-EB sample [180].

Figure 2.35: SEM images of the surfaces of Ti48A12Cr2Nb samples produced by
the (a) PBF-EB and (b) PBF-LB methods [180].

2.4.2.2 Electron Beam Powder Bed Fusion

Electron Beam Powder Bed Fusion (PBF-EB) is the most common method for
producing y-TiAl alloy components [162]. As y-TiAl alloy is naturally brittle at
room temperature, substantial preheating throughout production and preheating
before each layer contributes in preventing damage caused by thermal or residual
stresses. As a result, PBF-EB is an excellent method for processing y-TiAl alloys.
Several EB-PBF process parameters to manufacture y-TiAl parts are given in Table

2.11 [162]. PBF-EB is being used in the aviation and automotive industries to
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manufacture components such as Low-Pressure Turbine (LPT) blades, seen in

Figure 2.36, and turbocharger wheels [40], [184].

Table 2.11: EB-PBF process parameters found in the literature to manufacture y-

TiAl [162].
Beam Corrent| Scanning | Lover | oporey | cmperature | Reference
(J/mm) cO)
10 5000 90 0.12 1050 [24]
15-25 2000 100 0.45-0.75 900 [186]
25 1200 - 1.25 1100 [187]
3.5-15 300 - 6000 70 -100 0.15-1.1 930 -950 [15]
10 600 90 1 1050 [196]
- - 100 0.1275 1000 [197]
18 2200 90 0.5 1100 [184]
25 1200 - 1.25 1100 [198]
- 2000 - 8000 50 06'112550_ 1000 [26]
: : 70 500 1050 2]
10 10000 50 0.06 - [12]
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Figure 2.36: PBF-EB manufactured as-built (left) and subsequently machined
(right) Ti48A12Cr2Nb LPT blade [40].

When analysing the microstructure of parts manufactured using the parameters
indicated in Table 2.11, Seifi et al. [24] reported a grain size of around 25 um. In
comparison, the typical grain size of y -TiAl alloy manufactured by casting is
approximately 1000 um, while it ranges from 100 to 300 um when produced by
wrought process. This considerable difference suggests that the grains in parts
manufactured using the PBF-EB process are fine, which is predicted to improve

characteristics such as hardness and strength [23], [24], [185].

The ability to generate full-density parts is a critical criterion when evaluating
process parameters. Two forms of porosity are commonly encountered in the PBF-

EB method of producing y-TiAl. One type is caused by process variables and
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frequently manifests as insufficient interlayer bonding. The other form of porosity
originates from the gas atomized powder utilized in the process [15], [20].
Excessive energy input can cause large melt pools to occur, resulting in irregular
top surfaces with waves. Surface defects induce significant changes in the
thickness of the powder layer deposited in following layers, resulting in inadequate
interlayer bonding. Such porosities have a negative impact on the density of the

component [15].

Biamino et al. explored the feasibility of achieving fully dense PBF-EB
manufactured Ti48AI2Cr2Nb alloy [20]. While process optimisation successfully
removed defects caused by a lack of fusion between successive layers, random
spherical pores with diameters less than 20 pum remained. These pores were
generated by the entrapment of argon gas within the particles during the
atomization [20]. Mohammad et al. investigated defect distribution in PBF-EB
manufactured Ti48Al12Cr2Nb using micro-CT [187]. Increasing the energy input
(0.97,2.71, and 4.07 J/mmz) resulted in a reduction in the total number and volume
fraction of defects. Notably, samples with low energy density had a higher
prevalence of larger defects, indicating inadequate layer fusing. Lower energy, on
the other hand, resulted in an equiaxed microstructure, whilst higher energies led to
in a totally lamellar. Only with the proper amount of areal energy was found to

generate a duplex microstructure [187].

Cormier et al. introduced the use PBF-EB to produce a Ti-47Al1-2Cr-2Nb sample
[186]. When comparing the as-built sample to the initial powder, a 7.4 at.% loss of
Al was detected, which was attributable to Al evaporation throughout the PBF-EB
process in a vacuum. Decreased beam currents and reduced melt pool overheating
were discovered as key factors in decreasing Al evaporation in a comprehensive
parametric research on PBF-EB fabricated Ti48 AI2Cr2Nb alloy by Schwerdtfeger
et al. [15]. Through parameter adjustments, Al loss was minimized to 0.5 at.%.
However, uneven distribution of Al was seen in the samples displayed in Figure
2.37, which could affect the solidification process and, as a result, the

microstructure [15]. Biamino et al. reported a 1 at.% Al loss but did not provide
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specifics on the process parameters utilized [20]. Ge et al. further highlighted the
importance of energy input on Al evaporation in Ti-47A1-2Cr-2Nb powders [18].
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Figure 2.37: Microprobe measurements, reflected in the element mappings, reveal
an uneven distribution of Al attributed to the evaporation process occurring in the
upper region of the melt pool [15].

The thermal history of the Ti48AI2Cr2Nb during PBF-EB was divided into two
stages as schematically illustrated in Figure 2.38 (a) [188]. When the beam scans
the highest layers in the first stage, the microstructure melts and cools. This stage
has a variable temperature and a short duration. After melting and cooling, the
microstructure advances to the second stage, known as annealing or in-situ heat
treatment. In this step, the time and temperature are determined by the distance
from the building platform. The building duration is approximately 3 h from a
height of 5-20 mm, reflecting the duration of in-situ heat treatment at a height of 5
mm. Determining the annealing temperature at different heights is challenging due

to the thermocouple connection at the bottom of the build platform. The analysis
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suggests an approximate temperature decrease of 80 °C for every 10 mm along the
part's height (Figure 2.38) [188]. As per the binary Ti-Al phase diagram, annealing
temperatures between 1020-1150 °C is result in the degradation of lamellar
colonies into equiaxed a;, v, and B2 phases, accompanied by coarsening of colony

boundaries [188].

Investigating the heat stability of Ti48AI2Nb2Cr at elevated temperatures,
particularly in the 1050 to 1250 °C range during the PBF-EB process, is crucial due
to the material's preheating requirement of 1050—1100 °C [189]. Heat The observed
trend indicates that an escalation in annealing temperature from 1050 to 1250 °C
induces the breakdown of lamellar colonies and the decomposition of a, lamellae
[189]. This degradation is attributed to the cyclic heating and cooling experienced
by previously deposited layers during PBF-EB. During the scanning of successive
and upper layers, the microstructure undergoes fast heating and cooling cycles,
resulting in the breakdown of lamellar colonies and o, laths. At an annealing
temperature of 1050 °C, ellipsoidal B2 precipitates formed along the a, lamellae,
uniformly propagated throughout lamellar colonies. The microstructure converted

into (y/B2) laths after additional annealing at 1250 °C [189].
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Figure 2.38: a) The schematic representation of the temperature history at different
heights of the as-built specimen during PBF-EB, b) changes in the build plate
temperature over time and building height [188].

The microstructures of as-built specimens exhibit gradual changes concerning the
distance to the upper surface. Figure 2.39 displays fully-lamellar, near-lamellar,
duplex, and equiaxed 7y structures depending on the built height [23]. On the
flully lamellar and near-lamellar sections near the top surface, in-situ heat
treatment cycles are effective. With the number of powder fusion cycles, the
distance between these regions and the top surface increases. As a result, the zones
annealed at roughly 1250 °C undergo discontinuous coarsening transition into a

duplex-like region [23].
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Figure 2.39: Microstructure of as-built Ti48 AI2Cr2Nb that shows; (a) upper and
lower regions, (b) fully-lamellar, (¢) near-lamellar, (d) duplex, (¢) equiaxed y
microstructures and (f) central portion of the Ti—Al binary phase diagram [23].

According to Baudana et al., the existence of larger y grains in the PBF-EB process
is caused by local overheating, heat diffusion processes during the melting of the
succesive powder layer, and simultaneous remelting of a section of the previously
melted layer [26]. Todai et al. found that, the cumulative thickness of one duplex
and one y band is roughly 90 um, matching the thickness of each powder layer
[23]. The heat-treatment effects of the electron beam due to rapidly solidification
result in all of these distinct microstructures. The electron beam melts the powder
layer and a portion of the layer below it, causing the material beneath the melting
pool to be warmed to various temperatures depending on the distance in Z axis.
Right below the top surface, fully and nearly lamellar zones occur. The annealing
temperature for these areas gradually decreases with each build cycle, resulting in
the formation of a duplex microstructure. As a result, annealing just above the
eutectoid temperature changes a portion of the duplex region into 7y bands,
contributing to the periodic development of y bands, as this phenomena illustrated

in Figure 2.40 [23].
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Figure 2.40: Schematic illustrations that show the evolution of microstructure and
the distinctive formation of layered microstructures during the PBF-EB process. (a)
Snapshot during the PBF-EB process, (b) powder layer feed, (c) fusion of several
layers, (d) next layer feed, and (e) fusion of several layers again [23].

The continuous cooling transformation (CCT) diagram for Ti48AI2Nb2Cr is
depicted in Figure 2.41 [190]. The diagram illustrates that various microstructural
features can be produced depending on the cooling rate through solid-state phase
changes. Increasing the cooling rate allows the generation of a near vy
microstructure. With increasing cooling rate, the diffusion-related phase
transformation transforms to a diffusion-free phase transition. It is assumed that an
PBF-EB material undergoing a cooling rate of 10°-10> K/s would exhibit a
structure close to vy, as indicated by the the CCT diagram in Figure 2.41.
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Additionally, the as-built specimen was found to contain a few micro-sized o

grains at certain grain boundaries [190].
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Figure 2.41: The CCT diagram for the Ti48 AI2Cr2Nb [190].

The PBF-EB processing parameters significantly influence the cooling conditions,
leading to variations in the as-built microstructural characteristics [188]. For
instance, parts produced with higher line energy (1.1 J/mm) exhibited a lamellar
microstructure with colony sizes in the range of 10-30 um [15]. In contrast, parts
manufactured with lower line energy (0.15 J/mm) showed only a minimal number
of lamellar regions. This implies that high cooling rates at high scanning speeds
(low line energy) are adequate to induce a y phase transformation. Lowering the
line energy resulted in a considerably finer microstructure [15]. In addition to
scanning speed, the beam current was identified as a significant process parameter
affecting the type of microstructure [18]. At low beam current values (low line

energy), the y phase was the major phase, while at higher beam current values, the
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o phase became dominant. The microstructure was reported to be lamellar in the
upper region with a thickness of a; laths of 1 pm and coarsened in the lower region
with a thickness of a, laths of 5 um [18]. The size of the grain structure was also
influenced by the melt pool [190]. Figure 2.42 (a) illustrates the formation of a near
v microstructure, consisting of both coarse and fine grain regions. The fine grains
were attributed to the relatively low thermal dependence and faster cooling rate at
the melt pool boundary. The EBSD mapping in Figure 2.42 (b) indicated the
random orientation of the y phase, which was attributed to the transformation from
a to ywith no alteration in composition. The lack of an orientation
relationship resulted in a random crystallographic orientation, and the a, phase was

detected at the grain boundary [190].

EBM-built Ti-48A1-2Cr-2Nb

Figure 2.42: EBSD analysis results:; (a) band-contrast maps, (b) grain-orientation
maps [190].

To avoid contamination during heat treatment (HT), it is recommended to use a
furnace with a W/Mo chamber in a shielded or high-vacuum environment. The

oxidation behavior of y-TiAl at temperatures above 700 °C is critical to examine
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since it results in the development of Ti oxides, which is especially important when

these materials are intended for usage at high temperatures [26].

Biamino et al. investigated the influence of HT on microstructural characteristics in
a PBF-EB turbocharger wheel prototype. The component had an equiaxed grain
structure when it was first manufactured, but heat treatment caused it to change

into a fully lamellar structure [16].

Yue et al. investigated the impact of annealing on the microstructure of two distinct
parts fabricated with different volumetric energy density values (24.07 and 35
J/mm’) [191]. The annealing conditions are outlined in Table 2.12 [191]. At a PBF-
EB energy density of 24.07 J/mm’, annealing at 1310 °C for 3 hours resulted in an
elongated lamellar structure composed of (a./y) lamellar colonies oriented along
the build direction as illustrated in Figure 2.43 (a). Conversely, the same sample
showed minimal elongated grains after annealing at 1370 °C for 2 hours, as
depicted in Figure 2.43 (b). The rationale behind this phenomenon is that the
annealing temperature of 1370 °C falls within the o+ phase region, where the
B phase has 12 potential orientations during its transformation into the o phase
during furnace cooling. As a consequence, the orientation of lamellae within a
lamellar colony underwent changes, leading to a decrease in the aspect ratio along
the building direction. However, there was an increase in grain size. Furthermore,
in the sample produced at a high energy density of 35 J/mm’, the elongated grain
morphology after 2 hours of annealing at 1370 °C was persistent (Figure 2.43 (¢)).
Yue et al. attributed the observed difference between various volumetric energy
densities to the elongated grains spanning multiple layers and lamellar colonies
exhibiting a preferred orientation. Consequently, altering the morphology of the
grains completely becomes challenging, as the grains inherit the previous lamellar

orientation of columnar grains during the grain growth process [191].
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Table 2.12: Heat treatments according to Yue et al. [191].

Annealing Temperature
Sample Holding time Cooling
((®)
24.07 1310 3h Furnace cooling
J/mm’ 1370 2h Furnace cooling
(S1) 1310 20 min Water quenched
35 J/mm’
1370 2h Furnace cooling
(82)

IOOHm

Figure 2.43: Micrographs of sample S1 after annealing at; (a) 1310 °C for 3 h and
(b) 1370 °C for 2 h and sample S2 after annealing at; (c) 1370 °C for 2 h, followed
by furnace cooling (vertical cross section) [191].

Hot isostatic pressing (HIP) serves as a post-treatment method to enhance the
density of the as-built material. While some sources advocate a single-step HIP,
others propose a combination of HIP followed by subsequent heat treatment [161].
In a study by Mohammad et al., a one-step HIP was employed at 1200 °C for 4
hours in an argon environment at 100 MPa pressure [192]. The microstructure of
the alloy, in both the as-built and HIPed conditions, was lamellar as shown in
Figure 2.44 (a) and (b), respectively. Figure 2.44 depicts in the HIPed samples that
the lamella width and grain size were notably larger. The relative density increased
from 99% in the as-built condition to around 99.7% after HIPing. The texture of
both HIPed and non-HIPed samples was largely randomised, with no apparent

variations. The proportion of high-angle grain boundaries (HAGBs) increased
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significantly from 0.55 in the as-built condition to 0.86 following HIPing [192]. As
a result, during HIPing, HAGBs resulted in a rapid increase in HAGBs. This
mechanism causes dislocation annihilation, resulting in a larger proportion of

dislocation-free zones in the HIPed samples [192].

Figure 2.44: (a) PBF-EB as-built and (b) HIPed Ti8AI2Cr2Nb SEM-BSE images
[192].

Cakmak et al. applied HIP without subsequent heat treatment, resulting in a
substantial reduction of the initial porosity content [193]. The as-built equiaxed
duplex microstructures consisting of y and a, phase, were preserved after HIPing,
potentially accompanied by some grain growth. The study attributes the
development of an equiaxed fine microstructure to a solidification path involving
sequential stages of liquid (L) L+oa—-L+a+y—a+y—7y— 7+ a. This
process effectively disrupts epitaxial growth and induces phase transformations
during multiple melt-solidification cycles [193]. The EBSD phase map suggested
by Cakmak et al. is shown in Figure 2.45. As a result, the duplex microstructure,

featuring y + a2 lamellar colonies and a coarse y banded structure, remained after
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the HIP process. However, there was a notable increase in the a2 phase fraction,

particularly at the y grain boundaries, following the HIP process [193].

As-Built HIPed

Figure 2.45: EBSD phase maps of the as-built and HIPed Ti48AI12Cr2Nb [193].
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In a study involving as-built samples, both HIP and HT cycles were applied [20].
The HIP applied for 4 hours at 1260 °C and 170 MPa, aiming to achieve the duplex
microstructure. Subsequently, a 2-hour heat treatment at 1300 °C was done after
HIP. The HIPed microstructure, as shown in Figure 2.46 (c), exhibited complete
recrystallization, resulting in a nearly equiaxed microstructure with grain expansion
around 20 pm. A duplex microstructure was obtained after the heat treatment as
illustrated in Figure 2.46 (d). The microstructure was dominated by the lamellar
phase, which had an average colony size of around 100 um and was accompanied
by fine equiaxed grains (around 15 pm). This shows that there was little grain

formation during the heat treatment [20].

Figure 2.46: (a) A pore in PBF-EB Ti48AI12Nb2Cr sample. Microstructures of; (b)
as-built, (¢c) HIPed and (d) HTed samples [20].
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Manufacturing TiAl parts with PBF-EB presents unique problems due to the
material's intrinsic brittleness, resulting in higher complexity when compared to
typical Ti alloys like Ti-6Al-4V. In order to mitigate cracking, the chamber
temperature must be maintained around 1050 °C. The as-built PBF-EB processed
Ti48 A12Cr2Nb exhibited a room temperature tensile strength of 503 + 18 MPa
[192]. However, ductility was essentially nonexistent, attributed to defects like
small pores and occasional lack-of-fusion [194]. Defects on the fracture surface
included unmelted powder and spherical pores [192]. Todai et al. reported high
strength for the as-built Ti48AI2Cr2Nb, with a room temperature tensile strength
along the build direction of approximately 640 MPa and a tensile elongation of
around 0.5% [23]. Tensile strength at 45 and 90 degrees from the building direction
was similar, and average tensile elongations were both greater than 2% [23]. The
room temperature tensile properties of the PBF-EB manufactured Ti48A12Cr2Nb

alloy along the build (z) direction are summarized in Table 2.13.

Table 2.13: The room temperature tensile properties of the PBF-EB manufactured
Ti148A12Cr2Nb alloy along the build (Z) direction.

Material condition | Microstructure | YS (MPa) | UTS (MPa) | El (%)

As-built [40] Equiaxed - 503 +18 0
As-built [23] Equiaxed 605 640 0.5
1200 °C HIP [40] Equiaxed 467 £ 15 501 +25 | 1.3 £0.7
1260 °C HIP [20]. Equiaxed 375 430 1.2
HIP + 1260 °C/2 h [40] Duplex 382 +11 | 474 +£23 | 1.3 £0.3

HIP + 1300 °C/2 h [40] | Near lamellar | 377 +10 441 £9 1.0 £0.2
HIP + 1360 °C/2 h [40] | Fully lamellar | 373 =13 | 429 +26 | 0.8 £0.2

Microcracks were identified in the as-built Ti48 AI2Cr2Nb material, necessitating
the implementation of HIP to eliminate defects [40]. Figure 2.47 depicts the
average tensile properties at various temperatures of HIPed Ti48 A12Cr2Nb, treated
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for equiaxed (HIP at 1200 °C), duplex (HIP at 1260 °C for 2 hours), nearly
lamellar (HIP at 1300 °C for 2 hours), and fully lamellar (HIP at 1360 °C for 2
hours) microstructures. The tensile strength was relatively temperature-independent
up to 800 °C. The HIPed material's room temperature tensile strength equals that of
the as-built material, with an increase in ductility from 0% to 1.3% due to the

closure of pores and microcracks inside the material [40].
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Figure 2.47: UTS versus temperature relationship of PBF-EB processed
Ti148A12Cr2Nb alloy in various microstructures [40].

The strength of the duplex microstructure decreased whereas ductility increased
slightly [20]. Tensile strength and ductility both decreased when the volume
fraction of the lamellas increased. Tensile characteristics of fully lamellar material
were found to be quite similar to those of Ti48 A12Cr2Nb castings with comparable

grain size. Tensile experiments on samples heat treated for 10 hours at 650 °C
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demonstrated a significant drop in room temperature ductility, which decreased as

temperature increased [20].

The Ti-48Al1-2Nb-0.7Cr-0.3Si alloy, subjected to heat treatment at 1360 °C for 2
hours to achieve a nearly lamellar microstructure [26]. At room temperature, UTS
and elongation were measured as 336 + 26 MPa and 0.27 £ 0.1%, respectively. At
800 °C, these values change to 426 + 22 MPa and 1.96 + 0.5%, respectively.
Additionally, the creep properties for this alloy were also given in Table 2.14 [26].

Table 2.14: Creep properties of PBF-EB manufactured Ti-48Al-2Nb-0.7Cr-0.3Si

alloy [26].
Creep stress Final creep strain | Rupture time Larson-Miller
(MPa) (%) (h) parameter
200 5.72 372 24.22
300 8.32 23.7 22.93

The available fatigue data for PBF-EB manufactured TiAl is limited. A Haigh
diagram indicates superior performance of PBF-EB manufactured Ti48A12Cr2Nb
compared to its casting counterpart across various temperature and stress
conditions [195]. The measured fatigue crack growth threshold is 6.13—-6.7 MPa
m'?, higher than the value in GE's reference data by more than 30%. The room-
temperature fatigue limit of the HIPed at 1200 °C material with an equiaxed
microstructure was 450 MPa [40]. However, there is considerable variability in life
at higher stress levels. Fatigue cracks were found to initiate from ceramic particles,
likely oxides of Al and Si, potentially mixed during the gas atomization process.
Given the low ductility of TiAl, defects play a pivotal role in determining
mechanical properties, highlighting the significance of defect tolerance and

management for parts produced by PBF-EB [40].
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The tensile properties and stress-strain curves examined by Lin et al. are presented
in Figure 2.48 [196]. The room-temperature yield strength of the HIPed sample
was approximately 460 MPa. Both duplex (DP) and fully lamellar (FL) samples
exhibited a yield strength of around 360-380 MPa. The heightened strength of
HIPed samples was attributed to the smaller grain size and potentially the
strengthening effect of a high dislocation density in the as-built material, which had
not been completely eliminated by HIP [196]. In the Z-direction, the average yield
strength was 15 MPa and 30 MPa higher than XY-direction samples for HIP and
DP microstructures, respectively. The difference in FL microstructure between XY
and Z samples was insignificant. At 850 °C, the yield strength disparity between
HIP and DP/FL dropped to around 50 MPa, since lamellar microstructures
preserved greater strength at higher temperatures [196]. The anisotropy in the yield
strengths of HIP and DP samples decreased as well, owing to more uniform
deformation caused by the activation of new slip systems at high temperatures
[196]. The samples' room temperature ductility was classified into three levels
based on elongation. HIP-XY and DP-XY samples had the maximum ductility,
with elongation more than 2%. Elongations in the FL-XY, HIP-Z, and DP-Z
samples ranged from 1 to 1.5%. The FL-Z samples had the lowest ductility, with

less than 1% elongation and negligible plastic deformation [196].
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Figure 2.48: Tensile test results of PBF-EB manufactured Ti48A12Cr2Nb alloy
subjected to HIP and heat treatment; (a) yield strength, (b) elongation, (¢) UTS and
(d) stress-strain curves [196].

2.5  Insights into Electron Beam Powder Bed Fusion Method

2.5.1 History of the Technology

Additive manufacturing (AM) technologies, which have been in use since the early
1990s, were initially used to create models emphasising visual aesthetics and
prototypes to visually check the fit and operation of parts. Previously used to assure
visual coherence in tool/mold production and prototype manufacturing, these
technologies have now turned their attention to direct part manufacturing across a

variety of industries [163].
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Direct part production within AM has undergone significant changes since the
2000s, constituting approximately 60% of the total layered manufacturing as of
today [163]. Since the 2000s, direct part production within additivemanufacturing
has seen considerable changes, accounting for around 60% of overall layered
manufacturing today [163]. The rising interest in this technology domain by the
aviation industry has contributed to the quicker uptake of AM technologies in an
industrial environment. GE's acquisition of Morris Technologies and Rapid Quality

Manufacturing in 2012 was critical in accelerating AM initiatives [163].

Notable breakthroughs demonstrating the importance of layered manufacturing in
the field of aircraft engines include the utilisation of Laser Beam Powder Bed
Fusion (PBF-LB) for fuel nozzles and Electron Beam Powder Bed Fusion (PBF-
EB) for the series manufacture of low-pressure turbine blades in the LEAP engine.
These developments demonstrate the expanding significance of additive
manufacturing in aviation engines [208]. In addition to these developments, GE
demonstrated its commitment to additive manufacturing in 2018 by acquiring
Concept Laser, a manufacturer of PBF-LB equipment, and Arcam AB, a previous

sole producer of PBF-EB systems [209].

Electron Beam Powder Bed Fusion (PBF-EB) is a successful method among the
fusion techniques in powder beds [210]. PBF-EB utilizes a high-energy electron
beam to fuse metal powders. This method was developed at Chalmers University of
Technology in Sweden, leading to the establishment of ARCAM AB in 1997 [210].
ARCAM AB released its first commercial machine to the market in 2002 and has
been listed on the NASDAQ OMX Stockholm since 2012. Acquired starting in
2016 and subsequently integrated into GE Additive in 2018, ARCAM AB,
currently dominating the industry, relocated to the Excellence Center in

Gothenburg, Sweden, covering an area of 15,000m? in 2019 [211].

Despite ARCAM AB's success with PBF-EB technology, it currently resides in the
shadow of the PBF-LB method. As of the end of 2019, Ampower, a metal additive

manufacturing consultant, reported a total of 9,111 machines worldwide using the
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powder bed melting method [211]. According to the Wohlers Report's
examinations between 2018 and 2020, only 6% of systems utilizing powder bed
melting (approximately 510 machines) belong to the PBF-EB technology. In other
words, for each PBF-EB machine, 16 PBF-LB machines are introduced to the
market [212].

While electron beams have been employed in the scientific community for over
120 years, laser technology dates back only 60 years [213]. Arcam AB initiated
PBF-EB production in the late 1990s, while the first commercial PBF-LB machine
emerged in 1994. Despite a relatively short time gap between the two technologies,
the number of companies utilizing electron beams for production remains limited.
This circumstance has led to a recent increase in the number of PBF-EB
manufacturing companies, indicating their intention to bring the potential of PBF-

EB technology to the market through diverse marketing strategies [209].

2.5.2 Application Areas in Aviation Industry

Parts with simple geometry produced through the PBF-EB process may be more
expensive for mass production compared to conventional methods; however, it is a
competitive manufacturing method for low-volume production [163]. Particularly
for customized parts tailored to customer expectations, the PBF-EB process proves
to be an effective solution. Additionally, PBF-EB can eliminate the need for
assembly for many parts with the ability of geometric consolidation. Regardless of
the quantity of parts, they can be produced without the need for molds through
PBF-EB. The PBF-EB method is used in a variety of industries, primarily in the

aerospace and medical sectors [163].

The cost of components used in aviation is significantly high due to the substantial
amount of material that needs to be removed between the final geometry and the
pre-processing geometry [214]. It is common in the industry to encounter situations

where 90% of the initially used material is machined and removed as chips from
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the part. Static components in aviation engines are generally made from cast or
forged parts. However, as these parts are not produced close to the final geometry,
the buy-to-fly (BTF) ratios are quite high. BTF ratios of 10 and above are
considered normal in the aviation engine sector [214]. AM methods play a crucial
role in reducing the BTF ratio in the aviation sector, offering significant potential
for lower costs and shorter processing times. Using the PBF-EB process,

components with BTF ratios approaching 1 can be produced [214].

Many aviation companies use PBF-EB in aircraft engines. Honeywell was the first
company to produce aviation components using PBF-EB. They designed and
manufactured a novel tube for the Honeywell HTF7000 jet engine from Inconel
718 material Figure 2.49 [215].

Figure 2.49: A tube component redesigned through PBF-EB for the HTF7000
Turbofan engine [215].

Rolls-Royce manufactures front bearing housing from Ti6Al4V material using the

PBF-EB method Figure 2.50 [216].

91



Figure 2.50: A front bearing housing produced by Rolls Royce [216].

CalRAM Inc. utilizes the PBF-EB method to produce various parts for rocket
engines, early warning systems, and landing gear from Titanium alloys Figure 2.51

[217].

Courtesy of CalRAM, Inc.

Material:

Ti6AI4V ELI
Size:

@ 140x80mm

(a) Rocket Engine Impeller

(c

Figure 2.51: (a) A rocket engine impeller, (b) a landing gear hinge, (¢) an early
warning system mixing part produced by CalRAM Inc. [217].
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GE Aviation's subsidiary in Italy, Avio Aero, utilizes this technology to produce
low-pressure turbine blades for the GE9X engine using y-TiAl material Figure

2.52. The company is known to have over 60 machines in its inventory [218].

Figure 2.52: y-TiAl turbine blades produced by Avio Aero [218].

EADS has produced the motor attachment hinge for the Airbus A320 platform
using the Arcam A2X machine and Ti6Al4V material. The company not only
replaced the traditional steel material with Ti6Al4V but also applied topology
optimization, achieving a weight advantage of over 50% (Figure 2.53) [219].
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Figure 2.53: Airbus A320 engine attachment hinge; in the background: geometry
produced with traditional methods, in the foreground: geometry produced with
PBF-EB and topology optimization [219].

NASA used PBF-EB to develop an Environmental Control and Life Support
System (ECLSS) test chamber for CO2 removal in space stations (Figure 2.54)
[220].

Figure 2.54: ELCSS test chamber [220].

The spread of PBF-EB machines has expanded the number of service providers for

part production and process development [209]. The FIT Additive Manufacturing
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Group, located in Germany, provides services for the production of Titanium alloy
parts and secondary processes using Arcam S12, Q10, and Q20 machines. Beamit
produces Ti6Al4V parts with the Arcam Q10 machine. At the Fraunhofer Institute
for Manufacturing Technology and Advanced Materials IFAM, production is
currently carried out with the Arcam A2X machine using Ti6Al4V and CoCr
materials. Process development studies are also conducted on aluminum alloys,
steel, superalloys, and heat-resistant metals. EWI works on process development
and part production with the Arcam A2X machine. Several universities also
provide services in part production and process development. The Henry Royce
Institute, affiliated with the University of Sheffield, offers services on Titanium
alloys using Arcam Q10Plus and Q20Plus machines. The Center for Additive
Manufacturing and Logistics at NC State University uses Arcam S12, A2, and Q10
machines for the prototype production of Ti6Al4V parts [209].

2.5.3 Powder Characteristics

In AM, the laser diffraction method is commonly used to measure the particle size
distribution of metal powders [221]. In a study conducted by Liu et al., the laser
diffraction method is employed to illustrate the particle size distribution of two
different metal powders, as shown in Figure 2.55 [221]. Although the powders in
this study were used for PBF-LB, the PBF-EB technology, like PBF-LB, is a
powder bed layered manufacturing method, so the impact of particle size
distribution on fluidity is expected to be similar [221]. The graph in Figure 2.55
indicates that the powder from LPW Technology exhibits a more homogeneous
particle size distribution. On the other hand, the Osprey company's powder has
relatively smaller powder particles compared to LPW powder. The average particle
size of Osprey powder is stated to be 27.5 um, while the average particle size of
LPW powder is 29.3 um. In AM, different-sized powder particles are desired in the
powders used to achieve as high a density as possible in the powder bed for high-

density part production. Even a high distribution of small-sized particles allows for
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a high-density powder bed, but it leads to increased friction between particles,
causing agglomeration and reducing flowability [221]. The Hausner ratio of the
Osprey company's powder with smaller particles is higher than that of LPW
company's powder, indicating that the flowability of the Osprey powder is worse

[221].
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Figure 2.55: The particle size distribution of metal powder for PBF-LB [221].

Stanford et al. investigated the effects of particle size on the flow characteristics of
304 steel plasma spray produced powders [222]. They attempted to determine the
powder flowability by measuring the Hall flowmeter and calculating the Hausner
ratio. The researchers noted that reducing the particle sizes within led to the
formation of more surface area. This increase in surface area reduces powder
flowability by increasing interparticle cohesive forces and frictional forces. It was
suggested that the ratio of the total surface area of a powder particle to the powder
volume in a powder particle could be used to determine flowability. A higher value

of this ratio also indicates poor powder flowability [222].

To evaluate the shapes of metal powder particles used in AM, microstructure
images are captured using optical microscopy and scanning electron microscopy.
Upon examining these images, it can be determined whether the metal powders
have spherical, irregular/angular, satellite, and porous morphologies [223]. In the

literature review conducted by Yang et al., it was generally understood that
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spherical particles flow more than non-spherical ones, and larger-sized particles
exhibit easier flowability compared to smaller-sized ones [223]. The study also
mentioned that electrostatic forces between particles, as well as temperature and
humidity, affect flowability. Humidity influences the charging of powder particles
[223]. Schueren et al. noted that the flowability of the powder changes depending
on the friction between powder particles. Therefore, it is understood that spherical
particles, due to their smaller contact areas, create less friction and, consequently,

have higher flowability [224].

Galati and Iuliano reported that four conditions arise as a result of the interaction
between electron beams and powders: splashing of powder particles, sintering of
powders, melting of powders, and partial melting of some alloying elements [226].
Figure 2.56 shows the splashing of powders at different deposition times in the
PBF-EB process [227]. The splashing of powders is caused by the evaporation of
moisture in the powders, momentum transfer from electrons to powders, and the
negative charging of powders, causing them to repel each other [227], [228].
Moisture in the powders is minimized through gas atomization powder production
and preheating in PBF-EB, while preventing momentum transfer can only be
achieved by using large-sized powders [253]. Additionally, during sintering, the
heating of powders and the wetting of powders by the molten metal can reduce

splashing [226].
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Figure 2.56: The time-dependent powder spattering behaviors [227].

Rafi et al. conducted a study comparing the differences between Ti6Al4V parts
produced using PBF-LB and PBF-EB Technologies [230]. In this study, EOS
powders were used for PBF-LB, and Arcam powders were used for PBF-EB. The
average size of the PBF-LB powders, as seen in Figure 2.57, is 36 pm, while the
PBF-EB powders are 60 um. Additionally, in Figure 2.57 (c) and (d), it can be
observed that PBF-LB powders have a broader size distribution, and some
agglomeration is present in these powders. The publication does not provide
information about the production technology of the powders used in this study

[230].
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Figure 2.57: (a) Particle size distribution of EOS Ti6Al4V powder, (b) particle size
distribution of Arcam Ti6Al4V powder, (¢) SEM images of EOS Ti6Al4V powder,
(d) SEM images of Arcam Ti6A14V powder [230].

Korner reported that PBF-EB technology typically uses powders produced through
gas atomization. Recommended powder sizes were indicated to range between 40
and 105 pm. Deviating from these sizes adversely affects the spreadability [253].
Gong et al. emphasized in their study that Ti6Al4V powders used for PBF-EB are
generally produced through gas atomization, with powder particle diameters
ranging from 45 to 100 um [220]. According to Korner, as the powder size
decreases, friction between particles will increase, and consequently, flow
properties will be adversely affected [253]. The study also noted that powders
produced using the plasma rotating electrode process (PREP) are more spherical
with less agglomeration, indicating better flow properties. Figure 2.58 (a) shows

the particle size distribution of CMSX-4 powders produced by gas atomization, and
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Figure 2.58 (b) displays Ti6Al4V powders, where high agglomeration is noted for
the powders in Figure 2.58 (b) [253].
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Figure 2.58: (a) Particle size distribution of CMSX-4 powder produced by gas
atomization, (b) SEM image of Ti6Al4V powder produced by gas atomization
[253].

Strondl et al. conducted a study comparing the particle size, shape, and flow
characteristics of gas-atomized powders for PBF-LB and PBF-EB [231]. In this
study, Inconel 718 powder was used for PBF-LB, and Ti6Al4V powder was used
for PBF-EB. Figure 2.59 illustrates the sizes of PBF-LB and PBF-EB powder
particles. The average sizes of PBF-LB and PBF-EB powders were calculated to be
approximately 30 um and 60 um, respectively [231].
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Figure 2.59: Particle size distributions. Dashed lines = new powder, solid line =
recycled powder [231].

In another study comparing Inconel 718 powders, it was reported that the
flowability of powders produced by PREP was significantly superior to those
produced by gas atomization [232]. As illustrated in Figure 2.60, the reasons given
for the worse flowability of powders generated by gas atomization were intra-
particle porosity and poorer spherical shape. Furthermore, when PREP particles
were employed, it was discovered that the melt pool in the powder bed was wider,
resulting in slower cooling. This lowers the material's internal stresses, resulting in

a more stable microstructure [232].
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Figure 2.60: SEM images of Inconel 718 produced by; (a), (c) gas atomization and
(b), (d) PREP [232].

The SEM images and particle size of the TiAl powders used by Biamino et al. is
shown in Figure 2.61. The TiAl powders exhibit a larger size distribution (45 to
150 pm) compared to Inconel 718 and Ti6Al4V powders [232].
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Figure 2.61: TiAl powders used in PBF-EB; (a) SEM image, (b) particle sizes
[232].

In this section, criteria for the powders used in the PBF-EB method, is examined.
The nature of the powders used in the PBF-EB method is crucial as it affects
various properties, ranging from the density of the parts to be produced to their
mechanical characteristics. Powders that can fill the powder bed and exhibit good
flowability are preferred in PBF-EB technology. Accordingly, powders that are
spherical, free from agglomeration, without pores, and with a specific particle size
distribution should be used. In particular, the flowability of spherical powders is
better than that of non-spherical powders. Moreover, the particle size distribution
of metal powders should have a Gaussian curve. Among the various atomization
methods, those involving gas and plasma particle production are more effective in
obtaining spherical powders compared to water atomization. Additionally, these
methods are generally more cost-effective than newer production methods such as
PREP. However, according to many studies in the literature, it is possible to obtain
spherical powders without agglomeration and pores using PREP, making it a
prominent production method for PBF-EB technology. While various results exist
regarding powder particle size, the literature generally suggests an optimal powder
particle size in the range of 60-80 um for PBF-EB, considering an average layer

thickness varies between 50-150 pm.
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254 Fundamentals of the Process

In the PBF-EB method, a focused electron beam scans over a pre-deposited thin
layer of metal powder, inducing localized melting and subsequent solidification
[163]. In PBF-EB technology, when a high voltage is applied to a material used as
the cathode (filament, crystal, etc.), electron beams scatter toward the anode.
Following the anode, electron beams pass through ion trap and drift tube
apparatuses, forming a beam through electromagnetic coils. These are respectively
named astigmatism lens, focusing lens, and deflection lens. A PBF-EB system is
schematically shown in Figure 2.62 [233]. Due to the rapid response of
electromagnetic coils to machine parameters, the electron beam can scan rapidly or
slowly. Due to its inherent nature, an electron beam can be moved swiftly from one
point to another without the need to scan the intervening space, allowing for rapid

movement [163].

Electron Beam
Column

Astigmatism lens

Build tank

o

Figure 2.62: Schematic of a PBF-EB system [233].
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The electron beam reflects as it passes through a gas, hence this procedure must be
carried out under low pressure in a vacuum atmosphere [234]. It is possible to
produce extremely reactive compounds like titanium without oxidation by using
this vacuum-operated technique. The heating and melting of powder particles are
achievable through the transfer of kinetic energy from electrons [235]. However,
when powder particles interact with electrons, their negative charges increase. If
the electrical conduction in the powder bed is poor, negatively charged powder
particles repel each other, leading to the formation of a powder cloud (smoking).
Additionally, the increased negative charge repels incoming electrons in the
opposite direction, resulting in a more dispersed, broadened focal point [235]. To
mitigate such process-related difficulties, the powders are preheated in two steps.
Heated powders are sinterred, allowing them to come into contact with one another
[236], [237]. As a result, improved electrical conduction aids the dispersion of
electron beams onto the powders, preventing negatively charged particles from
being repelled. The powder bed in the PBF-EB technique must be conductive,
limiting its use to materials that conduct electricity [236], [237].

In the PBF-EB method, the build platform and powder particles are rapidly heated
by focusing electron beams [238]. The electron beam rapidly scans the entire
surface of the powder bed, heating it quickly and uniformly to the desired
temperature. Therefore, during the preheating process, the temperature of the
powder bed is increased without the use of any resistance-based heaters. The
elevated temperature of the powder bed allows for the production of materials with
a risk of micro-crack formation [252]. Additionally, the loose structures of the
heated powders are disrupted and sintered. As a result, a sintered layer is formed on
the production platform [238]. The amount of support material required during
production is minimal due to the high temperature and sintered nature of the
powders. Maintaining the powder bed at a high temperature results in significantly
reduced residual stress in parts produced by PBF-EB systems. Consequently, there
is no need for a stress-relief heat treatment for components manufactured using

PBF-EB [252].
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Due to the process characteristics mentioned above, productions using PBF-EB
technology exhibit some differences compared to those using laser systems. In
laser methods, scanning is achieved by adjusting the direction of mirrors, while in
PBF-EB, the instantaneous positioning of the beam over the entire production
platform is facilitated through electromagnetic coils [239]. This allows PBF-EB to
create multiple melt pools simultaneously, enabling much faster production
compared to laser systems [239]. Although PBF-EB machines may appear
disadvantageous for the production of large parts due to their smaller size
compared to laser systems, the vacuum requirements of PBF-EB machines, along
with the natural support provided by sintered powders, allow for filling the entire
build volume with parts stacked on top of each other. Consequently, the unit cost

per part for PBF-EB can be significantly lower [240].

The high energies of electron beams heat the surrounding powder particles more
than laser beams do [240]. Therefore, compared to the PBF method with a laser, a
deeper and wider melt pool is obtained, as seen in Figure 2.63 [209]. While this
situation entails some advantages such as high energy density and production
efficiency, the minimum geometric feature size, resolution, and surface quality
achievable with PBF-EB are limited compared to laser systems [241]. Although it
is possible to reduce the melt pool size with scanning strategies, the PBF-EB
method lags behind laser methods in this regard [242]. Additionally, while it is
possible to enhance the quality of parts produced using small-diameter powders
and low layer thickness, as the diameter of the powders decreases, negatively
charged powder particles are more likely to resist gravity and frictional forces and
fly away due to electron beams. Despite efforts to reduce the diameters of PBF-EB
powders and improve surface quality, larger-diameter powders are currently

preferred in practice [240].
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Figure 2.63: Meltpool width and shape in; (left) PBF-EB, (right) PBF-EB [209].

The line energy E; according to Equation (1.2) is frequently used to quantify the
process energy input in the PBF-EB process:

Ux1 P
EL — beam __ — J (1‘2)
Vscan Vscan mm

The acceleration voltage is represented by U, while the beam current is represented
by Iveam, the beam power is represented by P, and the scan velocity is represented

by Viscan. In the Arcam A2X machine, the U value is 60 kV [197], [243].

The area energy E4 is mainly used to define the energy input per scanned area as

given in Equation (1.3):

Ux1 E
EA — beam  __ L _ J (1'3)

Vscan* loffset loffset mm?
The line offset (lose) 1s defined as the distance between adjacent hatch lines [244].

An alternative commonly employed measure for describing process energy input is

the volumetric energy density Ey as given in Equation (1.4):

E = Ux Iheam __ Ea ] (1 4)
L Vscan* loffset* t t mm?3 '

The layer thickness (t) is the measure of the distance for each layer from the

previously scanned layer [244].
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Higher Ey was observed to correlate with decreased part porosity [245], [246].
Insufficient energy density typically leads to small melt pool dimensions and low
temperatures [247], [248], causing unmelted powder particles [249] and lack-of-
fusion defects [197] between layers. Conversely, excessive energy input is known

to induce melt pool instabilities and swelling [247], [248].

The beam return time (tg) is the time required for the electron beam to return to the

same position in the adjacent line, as determined by Equation (1.5) [250]:

L

(1.5)

tR=

VSC&I’I

Furthermore, scan velocity and line offset determines the lateral velocity (Via),
which is defined as the velocity of the melt pool perpendicular to the scan

direction, as calculated in Equation (1.6) [251].

\% * 1 1
Vlat — Yscan offset — offset (1.6)
L tr
As a result, these data strongly suggest that E; or Ey individually cannot be used to
predict or control process conditions and microstructure evolution in PBF-EB

[252].

2.5.5 Effects of the Process Variables on Part Quality

Figure 2.64 provides a schematic representation of the PBF-EB process [253]. The
system generally obtains information for the process from the CAD data of the
product, which is typically separated into layers with a constant layer thickness
[253]. The process is conducted at a pressure of approximately 10~ mbar. Helium
gas is employed to regulate the vacuum. Additionally, helium is used to prevent
electrostatic charging and powder dispersion. In the Arcam A2X device, electrons
emitted from the tungsten cathode are accelerated to 60 keV and directed by
electromagnetic lenses. The beam current ranges from 1 to 50 mA, and the beam

power can reach a maximum of 3 kW. The process cycle for each layer consists of
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four steps, as illustrated in Figure 2.65 [253]. To expedite the cooling at the end of
production, helium is passed through the build chamber [253].
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Figure 2.64: (a) Part production cycle and (b) Arcam A2X process chamber [253].

109



Application of a
new powder layer

£ A

Heating Lowering of the
U platform
Intermediate
<iu *
Melting

Figure 2.65: Steps involved in producing a layer in PBF-EB [253].

2.5.5.1 Powder Bed Pre-Heating

A layer of powder with a thickness between 50-150 pum is spread onto the
preheated platform as a first step of the process cycle. During the preheating stage,
the defocused electron beam scans the powder at high scanning speeds for several
times [254]. Preheating prevents the powder from flying in a vacuum environment
and, to some extent, leads to sintering. This approach reduces residual stresses and
promotes better mechanical properties by minimizing temperature differences
during production times [254]. Additionally, the melting of smaller-sized particles
contributes to an additional bonding mechanism. The preheating temperature,
speed, and strategy may vary depending on the powder material properties [220],
[255].
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2.5.5.2 Powder Flowability

The ratio of apparent density to tap density defines the flowability of the powder.
This ratio is known as the Hausner ratio, and it is expected to be as close to "1".
Powders produced by the gas atomization process are typically predicted to have

diameters ranging from 40 to 105 um [253].

In a study investigating the repeated use of Ti6Al4V powder after the process, the
oxygen weight ratio within the powder increased from 0.08% to 0.19% after 21
uses, leading to increased tensile strength [27]. There was just a minor decrease in
aluminum and vanadium contents. It was noticed that the powder lost its spherical
shape, a few satellite particles formed after the 11th use, and most particles
experienced collisions after the 16th use. The flowability of the powder increased
with the number of uses due to the reduction in satellite particles, loss of moisture
in particles exposed to vacuum and high temperatures. Smoke formation during
production was also eliminated. The reuse of the powder did not result in any

undesirable effects on the parts such as surface deviation, distortion, etc [27].

2.5.5.3 Layer Thickness

Layer thickness effects the dimensional accuracy of the part [27]. Increasing the
layer thickness results in an increased stair-step effect and, consequently, surface
roughness. Additionally, when the layer thickness is increased, the capacity to melt
the previous layer decreases, leading to bonding issues between the layers as shown

in Figure 2.66 [27].
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Figure 2.66: The effect of increasing scanning speed and beam power on the
production of Ti6Al4V material with different layer thicknesses [27].
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In a study conducted by Karlsson on Ti6Al4V, the effects of different powder
particle sizes and layer thicknesses on the parts were investigated [27]. In this
context, productions with two different powder sizes and two different layer
thicknesses were carried out. The results of the study showed that the surface
roughness was higher when using smaller powder particles. This was attributed to a
higher number of sintered particles adhering to the surface in samples produced
with smaller powder. On the other hand, as shown in Figure 2.67, the melted
surface beneath the powder particles appeared less undulated and smoother [27].
Variation in layer thickness were found to have a low impact on surface roughness.
This was attributed to the energy input being sufficient to melt the material and the
layers beneath within the chosen layer thickness range, thus eliminating the need
for re-melting the layers. Furthermore, within the selected parameter range, there
was no statistically significant difference in the elastic moduli and hardness values

of the produced samples [27].
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Figure 2.67: SEM surface images of samples produced with different powder sizes
and layer thicknesses; a) 45 - 100 um powder size distribution and 70 um layer
thickness, b) 45 - 100 um powder size distribution and 50 um layer thickness, c¢) 25
- 45 um powder size distribution and 70 um layer thickness, d) 25 -4 5 pm powder
size distribution and 50um layer thickness [27].

2.5.54  Hatch and Contour Scanning Strategy

In the Arcam A2X machine, after preheating, the electron beam scans the powder
at speeds up to 8000 m/s, melting the powder particles. As shown in Figure 2.68,
the melting stage is divided into hatch and contour scanning. In the hatch scanning,
the beam direction changes 90° in each scanning line and layer. The system enables

melting up to 100 points simultaneously by by passing the electron beam [253].

113



(a) Heating (b) Melting: Hatching (c) Melting: Quasi-multi-beam

&> >
Building area Hatching area within part Contour of the hatching area

Figure 2.68: PBF-EB heating and melting stagesof; (a) preheating (b) melting:
Hatch scanning, (c) melting: Contour scanning with multiple beams [253].

In the PBF-EB contouring stage, there are two strategies: single-beam (Non-
multispot) and multi-beam (Multispot-Multibeam) [27]. With the single-beam
strategy, contouring creates a continuous melting pool that progresses around the
frame of the part. The scanning speed of the beam is calculated with a speed
function algorithm, considering the beam current, defocus, and speed function
effects. When wusing multiple beams, several melting pools are active
simultaneously, making it faster due to the absence of movement during the

progression [27].

In multi-beam contouring, in Figure 2.69 (b), since there is less movement of the
beam, it is faster than single-beam contouring [27]. Multi-beam contouring creates
layer contours by dividing them into shorter segments, focusing on the outer edges
of the part. After each focus, it sequentially focuses on the next section almost
simultaneously. Various parameters in this method include the number of focuses,
focusing time, overlap of focuses (in mm), contouring beam current (in mA), and

defocus of the beam (in mA) [27].
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#  Scanning direction

Figure 2.69: (a) Single-beam and (b) multi-beam illustration. Arrows indicate the
scanning direction [27].

Williams discovered that when the scanning speed and scanning distance were both
reduced on the Arcam S12 using Ti6Al4V material, the pore size decreased [27].
Additionally, in Figure 2.70, it is evident that changes in machine scanning settings
affect pore ratio and distribution [27]. The Arcam standard scanning method is
performed with two fundamental parameters. The defined two-dimensional
boundaries of the geometry are first traced using the contour scanning parameter.
Subsequently, the region between contours is filled in a zigzag pattern through the
part's internal scanning method. Irregular pores are observed towards the parts
where contour scanning has been done, and this irregularity may be attributed to
the Arcam Multibeam feature, causing an imbalance due to the simultaneous

activation of numerous melt pools [27].

In the same study, the effects of energy density on porosity were also investigated
[27]. Increasing energy density leads to the formation of larger and deeper melt
pools, allowing trapped gas bubbles to escape through repeated melting in the
interpass areas and reducing pore formation. Energy density can be increased by
increasing the beam power, reducing the line offset, or decreasing the scanning

speed. The individual effects of these parameters may vary; for example, reducing
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the scanning speed is more effective on porosity compared to reducing the line

offset [27].
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Figure 2.70: Pore densities and distributions obtained through 3D XCT scanning in
different process modes (coded as C0-C7) [27].

The production of support structures at different angles and diameters was
examined under different parameters [27]. As presented in Figure 2.71, when
contour scanning is not performed, the production capability of geometric elements

in the part is lower [27]. Additionally, as shown in Figure 2.72, when the build
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angle is high and contour scanning is not performed, and the energy density is
reduced, dimensional error rates decrease due to the thermal insulating properties
of the powder [27]. It has been observed that in structures with a larger diameter
(diameter 10 mm, compared to 2 mm), the error rate is lower. For negative angled
structures, although reducing energy density yields better dimensional results, it
leads to an increase in the number and sizes of pores. These pores can be

eliminated through the HIP process [27].

(b)

Figure 2.71: Support structures; a) without contour scanning and b) when contour
scanning is enabled [27].
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Figure 2.72: a) Support structure example and (b) error rate between the model and
the produced part according to the part thickness [27].
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Scanning strategy also affects surface roughness. In Figure 2.73, three-dimensional
surface examples taken for single-beam and multi-beam strategies are shown [259].
The color variation indicates the peaks and valleys on the surface. A worse surface
is obtained with multi-beam at the same process parameters. However, while the
multi-beam strategy causes high surface roughness, it simultaneously improves
geometric accuracy. Surface roughness can be reduced by increasing the number of
active and overlapping spots. In the single-beam strategy, the anisotropic surface
structure is formed due to the large melt pool. Surface roughness is 30% higher in

the direction perpendicular to the production than in the horizontal direction [259].

Figure 2.73: Three-dimensional surface measurement of parts produced with; (a)
single beam and (b) multi-beam strategies under the same parameters. The arrow
direction indicates the production direction [259].

Process parameters can cause significant variations in the microstructure and
mechanical properties of a part [27], [253]. The grain structure, texture and size of
the same material can be altered with different parameters. As shown in Figure
2.74, increasing the scanning speed for Ti6Al4V leads to an increase in the cooling
and solidification rate, resulting in a reduction in the thickness of acicular a plates

[27].
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Figure 2.74: The change in the thickness of acicular a plates with scan rate [27].

The thickness of o lamellae increased with the increase in energy density in
Ti6Al4V. This resulted in an increase in tensile and yield strength (Figure 2.75)
[253]. In another study, an increase in scanning speed led to a faster cooling rate,
resulting in a decrease in columnar structure and the presence of fine a phase

particles [27].
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Figure 2.75: The variation in a-lamella thickness with energy input for Ti6Al4V
material [253].

Decreasing scan speed increases the heat input per unit area [262]. This leads to
the enlargement of the melting pool and deformation. However, excessively
increasing the scan speed may result in the inability to melt the powder and the
formation of unmelted powder pools within the part [262]. In a study conducted
with Ti6Al4V-ELI it was observed that as the scan speed increased, production
closer to part tolerances was achieved [27]. For the PBF-EB process, a 60 kV
acceleration voltage, 5 mA current, 100 pm scan distance, and 50 pm layer
thickness were used. Scan speeds of 0.1, 0.5, 1, 1.5, 2, and 3000 mm/s were tested.
Figure 2.76 shows images of the produced samples from different observation
directions. In these images, the deformation caused by the increased heat input due

to the reduced scan speed is clearly visible on the first sample [27].
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Figure 2.76: Perpendicular and parallel to the build direction views of samples
produced at different scanning speeds [27].

DeRoy et al. conducted a comprehensive literature review, examining different AM
methods, materials, types of errors that can occur in different methods, and the
effects of different parameters on part quality [249]. The study also investigated the
manufacturability of different materials using AM. As a result of the research, a
process map was established. Figure 2.77 graphically shows the variation in part
quality based on beam current and scanning speed for the PBF-EB process with
Ti6Al4V material [249]. According to Figure 2.77, samples with volumetric
porosity greater than 1% were observed in productions with low linear heat input.
Additionally, metallographic examinations of samples with high linear heat input
showed decreases in aluminum content. On the upper surfaces of samples where

linear heat input exceeded 300 J/mm, swelling was observed. According to these
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results, the suitable operating range for beam current and scanning speed is in the
region where linear energy is between 100 and 200 J/mm [265]. When it is desired
to increase the production speed by increasing the scanning speed, the pore

structure below 1% can be improved with the HIP process [266].
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Figure 2.77: Process map for Ti6Al4V [249].

In a study investigating the effects of process parameters on surface roughness,
eight samples were produced from Ti6Al4V material using two different scanning
speeds, two different beam currents, and two different focus offsets, as shown in
Table 2.15 [267]. According to the results, the parameter with the greatest impact
on surface roughness is the focus offset value. Increasing the offset value increases
roughness and also leads to a decrease in part density. Additionally, it was
observed that increasing beam current and decreasing scanning speed also result in

an increase in surface roughness [267].
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Table 2.15: The process parameters used in experimental design [267].

B Be: Offset
: Number | Beam Beam Offset eam eam >
Sample current speed focus
of current speed focus ,
number . (mA) (Imm's) (mA)
replicates ; - ~ -
Coded values Experimental values
1 3 -1 -1 -1 3 3000 0
2 3 +1 -1 -1 10 3000 0
3 3 -1 +1 -1 3 6000 0
4 3 +1 +1 -1 10 6000 0
5 3 -1 -1 +1 3 3000 25
6 3 +1 -1 +1 10 3000 25
7 3 -1 +1 +1 3 6000 25
8 3 +1 +1 +1 10 6000 25

The effects of electron beam at different focus distances on the material have been
investigated [27]. When the beam focus is away from the production surface, the
electron beam diameter increases, reaching its minimum level when the focus point
is on the production surface. As the diameter of the electron beam decreases, the
energy density increases [27]. This increases the amount of evaporated material
and the size of the melt pool. Additionally, due to the focused beam, if a sufficient
cooling rate cannot be achieved, it deviates from directed cooling, leading to the
formation of dendrite arms around the particles. This results in the formation of
smaller particles, as shown in Figure 2.78 [27]. When the focus diameter is smaller,
the higher energy density leads to an increase in the amount of evaporated material,
causing an increase in the vapor pressure in the melt pool. As a result, the melt pool
becomes irregular, leading to surface fluctuations and an increase in trapped gas
beneath the surface, reducing the process window. In Figure 2.79, process maps
created based on speed and power can be seen for Inconel 718 at two different

focus diameters [27].
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Figure 2.78: The particle width variation at two different beam diameters (400 and
500 um) [27].
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Figure 2.79: Process maps obtained from studies conducted at different scan
(deflection) speeds for Inconel 718; (a) defocused electron beam (beam diameter of
500 um), (b) focused electron beam (beam diameter of 400 um) [27].

2.5.5.5 Part Location and Orientation

The location and orientation of the part within the build area also affect the
microstructure [27]. The temperature is higher in the center of the build area,

resulting in slower cooling. Parts placed on the outer side are expected to have a
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finer-grained microstructure and higher mechanical properties compared to parts on

the center [27].

To investigate the impact of part placement in the build area on the mechanical
properties of Ti6Al4V, parts were positioned in various regions of the build area in
both horizontal and vertical orientations, as shown in Figure 2.80 [27]. The study
assumed that the temperature is higher near the center of the build area and
decreases towards the outer regions. Consequently, it was anticipated that parts on
the outer side would have a finer-grained microstructure and better mechanical
properties. However, the analysis of the obtained data revealed that, contrary to
expectations, the mechanical properties of parts in the inner region were better.
Nevertheless, the differences in mechanical properties between the parts were
relatively low, suggesting that they might be attributed to measurement

uncertainties [27].
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Figure 2.80: The schematic representation of samples produced in a study
examining part orientation and position [27].
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The size of the part can influence the cooling rate and, consequently, the
microstructure [27]. It was observed that the variation in mechanical properties for
Ti6Al4V parts of different sizes produced with the same parameters was small,
with a 1% change for UTS and a 2% change for yield strength. No significant
variation were observed in the elongation at break and the amount/size of a and 3

lamellae thickness [27].
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CHAPTER 3

EXPERIMENTAL PROCEDURE

This chapter presents experimental procedures and techniques utilized during
secondary treatments and characterization of PBF-EB fabricated Ti48 AI2Cr2Nb
alloys

3.1 Starting Materials

The pre-alloyed gas atomized Ti48 A12Cr2Nb powders were supplied from Praxair
S.T. Technology, Inc., USA. Chemical composition of the powders given in Table
3.1 has been reported by Praxair S.T. Technology, Inc. Elemental percentages of
Al, Cr, Nb, Fe and Ti had been measured by inductively coupled plasma mass
spectrometry (ICP-MS) while inert gas fusion and combustion methods had been

used to analyze O, N, H and C, respectively.

Table 3.1: The chemical composition of Ti48A12Cr2Nb powders supplied by
Praxair S.T. Technology, Inc.

Al Cr Nb Fe C 0] N H Ti
33.500  2.800 4.800 0.080 @ 0.009 | 0.010 | 0.010 @ 0.002 Balance

The powder size distribution (PSD) is given in Figure 3.1 and D10, D50, and D90
values are provided in Table 3.2. Microtrac Flowsync Particle Size and Shape
Analyzer Device was used to analyse powder size and its distribution. This analysis
employed the laser diffraction method following the guidelines outlined in ASTM
B822 [270].
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Various techniques utilized for measuring metal powder density in additive

manufacturing are outlined in ASTM F3049 [271]. One such method involves the
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Figure 3.1: PSD analyze of Ti48 A12Cr2Nb powders.

Table 3.2: D10, D50 and D90 values of Ti48 AI2Cr2Nb powders.

D10 D50 D90

57.77Tum 90.07 pm 139.70 um

20
18

- 16

- 14

12

%C hannel

use of a Hall flowmeter, a density characterization technique specified in ASTM

B212 [272]. This method calculates the apparent density of powders based on the

mass of free-flowing powders in a container with a specific volume [272].

Tapped density, another crucial density parameter, was determined according to

ASTM B527 by mechanically tapping a powder container at a rate of 100 to 300

taps per minute [273]. The ratio of tapped density to apparent density yields the

Hausner Ratio, a key indicator of powder flowability. A Hausner ratio exceeding

1.25 indicates poor flowability, while ratios surpassing 1.40 imply non-flowing

powders [274], [275].
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The Hall Flowmeter, in accordance with ASTM B213, was also employed to assess
powder flowability by measuring the time required for 50 grams of powder to flow
through the Hall Funnel [276]. Table 3.3 provides the values for apparent density,
tapped density, Hausner Ratio, and Hall Flow Rate for gas-atomized
Ti48 A12Cr2Nb powders.

Table 3.3: Powder flow characterization of Ti48AI2Cr2Nb powders.

Apparent Density g/cm’ 2.11
Tapped Density g/cm’ 2.50

Hausner Ratio 1.18
Hall Flow Rate (s/50g) 43.44

Figure 3.2 (a) displays a scanning electron microscopy (SEM) image of the
powders utilized in the PBF-EB productions, captured at lower magnification. The
powders exhibited high sphericity which is a characteristic attributed to the gas
atomization powder production method. In Figure 3.2 (b), a closer examination
reveals irregular-shaped particles in specific regions, deviating from the expected
spherical shape. Additionally, small satellite particles were observed, attached to

the main powder particles.

In Figure 3.2 (c), the X-ray diffraction (XRD) pattern of the Ti48A12Cr2Nb virgin
powder is presented. The XRD analysis confirmed the presence of two constituent

phases: TiAl (y) and TizAl (o).
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Figure 3.2: SEM images illustrating: (a) the overall appearance of powders at lower
magnification, (b) irregularly shaped powders and satellites, and (c) the XRD
pattern of Ti48 AI12Cr2Nb powder.

3.2 Electron Beam Powder Bed Fusion Fabrication

Ti48AI2Cr2Nb alloy specimens were manufactured using the Arcam A2X Electron
Beam Melting (PBF-EB) machine located at TUSAS Engine Industries Inc. in
Eskisehir, Turkey. This machine operates in a vacuum and uses electrons with a 60
kV accelerating potential as energy source. Its capacity to reach temperatures up to

1100 °C makes it well-suited for material development and research activities

[277].
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The machine, which has a tungsten filament cathode, allows for adjustable beam
currents ranging from 1 to 50 mA. The maximum beam scan speed is 8000 m/s.
During the build process, the chamber pressure is maintained at a minimum of 5 x
10 mbar, with a typical build pressure of 2 x 10 mbar [277]. Table 3.4 provides
the technical data for the A2X machine, and Figure 3.3 shows the A2X.

Table 3.4: Arcam A2X machine technical data [278].

Maximum build size 200 mm x 200 mm x 380 mm
Maximum beam power 3 kW
Cathode type Tungsten filament
Beam current 1 -50mA
Maximum beam scan speed 8000 m/s
Minimum chamber pressure 5x 10™ mbar
Typical build pressure 2 x 107 mbar
Process temperature range 600 — 1100 °C

Figure 3.3: Picture of the Arcam A2X machine [278].
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In this study, a layer thickness of 90 um was chosen for each layer in the PBF-EB
process, while maintaining a process temperature of approximately 1060 °C. The
selection of a 90 pum layer thickness was based on its proportionality to the grain
size of the powders, which had a D50 value of 90.86 um. To effectively sustain the
high process temperature throughout the build, a smaller build platform with
dimensions of 150 mm x 150 mm in the 2D plane was utilized. It is noteworthy that
only a 135 mm x 135 mm area was scanned by electron beams, intentionally
leaving 15 mm safety margins from the edges. This safety margin is essential to
prevent loose powders from negatively charging when situated right next to the

build platform.

The initial step in the PBF-EB fabrication process is preheating, aimed at
establishing a uniform heat environment and ensuring mechanical anchoring of
parts through sintered powders. Sintering in PBF-EB serves not only to prevent
part swelling but also to enhance both thermal and electrical conductivity
throughout the powder bed. This mechanism is crucial for efficiently averting
powder explosions caused by repulsive negative forces generated from the electron
beam. In the case of Ti48AI2Cr2Nb manufacturing, the process temperature was
set at 1060 °C. To optimize conductivity and achieve the desired temperature, a
maximum beam current of 45 mA, variable scan speeds ranging from 150,000 to
350,000 mm/s, focus offsets of 40 and 50 mA, and average currents of 20 and 30
mA were used during preheating stage. These parameters were applied with 5-time

repetitions for each layer before the bulk melt scanning process started.

In PBF-EB technology, an advantageous approach involves employing a variable
function resulting from the scan line size, especially for materials with well-
established process parameters. Typically, the beam current is directly proportional
to the scan line size (hatch), increasing with larger scan line sizes up to a certain
maximum beam current value. This relationship defines the scan speed with
varying beam current, ensuring equal scanning time for different hatches. This
function, known as the speed function, proves valuable in optimizing productivity

after standard parameter determination. However, it is noteworthy that in this
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study, constant beam current and scan speed were utilized to produce of

Ti48 A12Cr2Nb samples.

The production of Ti48A12Cr2Nb alloy has not been standardized yet in the Arcam
A2X system by the company. Consequently, various process variables were
explored to produce Ti48AI2Cr2Nb, aiming to investigate their effects on bulk
density. Following parameter trials on 20 mm x 20 mm x 20 mm cubes, the PBF-
EB "melt theme process variables" that yielded the highest density, were identified.
These process parameters are summarized in Table 3.5, were employed to produce

the samples in this study.

Table 3.5: PBF-EB melt theme process variables used in this study.

Parameter Value
Beam Current (mA) 12
Scan Speed (mm/s) 1600
Line Offset (mm) 0.200
Line Energy (J/mm)  0.450
Area Energy (J/mm®)  2.25

In Figure 3.4 shows the machine temperature log extracted from the Arcam A2X
build file of mechanical test specimens, each with a length of 100 mm.. A
thermocouple, positioned beneath the build platform, continuously measures and
monitors the temperature. The temperature values depicted in Figure 3.4 are the
temperature values of the layers adjacent to the build platform, representing the
temperatures of initially produced layers. Consequently, the powder bed
temperature for the upper layers was approximately 1000 - 1100 °C during the
local melting of the samples. In other words, the melted Ti48AI2Nb2Cr material
rapidly cools down to 1000 - 1100 °C. Throughout the 22-hour production time,
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the initially produced layers, bottom sections of built alloys, gradually cool down

to 880 °C.
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Figure 3.4: Arcam A2X temperature log for the mechanical test samples.

To investigate the tensile behavior of specimens fabricated parallel to the build
direction (referred to as Z-direction samples), cylindrical test samples with a
diameter of 16 mm and a height of 110 mm were produced, as depicted in Figure
3.5. These samples were vertically oriented to align with the build direction.
Additionally, blocks measuring 16 x 110 x 110 mm in XYZ dimensions were
manufactured using PBF-EB. Subsequently, these blocks were cut perpendicular to
the build direction by utilizing wire EDM. As a result, rectangular prism test
samples with dimensions of 16 x 110 x 15 mm in XYZ were obtained, facilitating
the examination of the tensile behavior in specimens fabricated perpendicular to the
build direction (referred to as XY-direction samples). Figure 3.5 (b) illustrates the

configuration of these XY-direction samples.

134



( a) z-axis

Building | Observation
direction || : directions
§ Perpendicular
= : section ‘
=
z
-
o
£
>

x-axis/” | Horizontally Built (XY)

Figure 3.5: (a) Schematics illustrating horizontally and vertically built tensile test
samples along with the observation directions for microstructural examinations,
and (b) as-built samples on the building plate, with emphasis on the XY -direction
samples to indicate the cutting direction.

3.3  Post Processing: Hot Isostatic Pressing

Hot isostatic pressing (HIP) is a widely employed technique to enhance the density
of PBF-EB as-built parts. It is important to note that HIP not only serves as a
densification method but also plays a crucial role in stabilizing the mechanical
properties of the parts. A challenge associated with additive manufacturing is the
relatively inferior fatigue properties compared to those produced through
conventional methods, primarily due to the layered microstructure. HIP has been
extensively utilized to improve fatigue properties, especially for critical
components in dynamic aero-engine applications, such as turbine blades [21], [293]

~ [295].

In this study, Ti48AI2Cr2Nb as-built specimens were subjected to HIP using
American Isostatic Pressing AIP6-30H equipment. In the HIP process, heating and

cooling rates were set at 10 °C/min, and the utilized HIP parameters are given in
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Table 3.6. In the subsequent sections, specimens treated with HIP are referred to as

"HIPed".

Table 3.6: HIP parameters of Ti48Al12Cr2Nb alloy produced by PBF-EB.

Temperature 1200 °C
Time 2h
Pressure 100 MPa
Atmosphere Argon

3.4  Post Processing: Conventional Annealing Heat Treatment

The conventional annealing heat treatment of the samples was performed using the
Nabertherm VHT 40/22-GR H2 furnace at temperatures of 1200 °C and 1400 °C.
Specifically, two different process temperatures were applied to achieve a duplex
or duplex-like microstructure at 1200 °C and a fully lamellar microstructure at
1400 °C. In accordance with the Ti-Al binary phase diagram (given in Figure 2.7),
1200 °C corresponds to the y + a phase region, while 1400 °C corresponds to the o
phase regions for the composition of the alloy given in Table 3.1. To prevent
oxidation of samples, both types of conventional annealing heat treatments were
conducted under high vacuum (10° mbar), and the samples were cooled under
vacuum in the furnace down to room temperature. The conditions of both
conventional annealing heat treatments are summarized in Table 3.7. In the
subsequent sections, the heat treatments conducted at 1200 °C and 1400 °C were

labelled as HT1 and HT2, respectively.
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Table 3.7: Conventional annealing heat treatment conditions.

Heat Treatment 1 (HT1) Heat Treatment 2 (HT2)

Temperature 1200 °C 1400 °C
Time 2h 2h
Atmosphere Vacuum Vacuum
Heating Speed 10 °C/min 10 °C/min

3.5  Structural and Chemical Analysis

Various characterization techniques were employed on both the as-built and post-
processed specimens. This section will provide comprehensive details about all the
experimental methods used for structural and chemical characterization of the

samples.

3.51 Density Measurement

Density and porosity measurements of the PBF-EB fabricated as-built and post
processed specimens were conducted following Archimedes' principle in
accordance with ASTM B311 [287]. To enhance the accuracy of bulk density
evaluation, , 2 mm thick layer was removed from surface sections of 20 mm x 20
mm x 20 mm cubic samples (as shown in Figure 3.5 (a)) using wire electrical
discharge machining (EDM). This process aimed to eliminate surface defects

potentially caused by sintered powders and contour roughness.

Bulk densities of the as-built samples were then measured on surface layer cut
samples of 16 mm x 16 mm x 16 mm dimesions after cleaning all EDM-cut
surfaces using sandblasting. Each cube underwent three measurements, and the

arithmetic averages were taken to determine the final density.
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3.5.2 Computed Tomography Scans

A micro-focus RX Solutions Easytom 230 X-ray computed tomography (XCT)
device was used to perform computed tomography measurements. The XCT scans
were conducted at 230 kV accelerating voltage, a 120 mA tip current, and 1440
images per scan conditions. During the scanning process, a 2 mm physical copper
filter was used. The scan resolution varied between 15 and 30 um. The resulting
2D images were reconstructed to provide 3D volumes, which allowed for the
examination of defect volume and distribution within the samples. The
reconstructed 3D volumes were analysed using the VG Studio MAX 3.2 software.
The algorithm of the software was used for porosity distribution analysis, allowing
the detection of any porosity or inclusions in the samples [297]. XCT analysis was
performed on both XY- and Z-direction of as-built, HIPed, HT1 and HT2
processed samples to evaluate the impact of building direction and secondary

processes on porosity and the presence of internal defects.

353 Thermal Expansion Measurements

The Linseis L75 Platinum Horizontal H1600 Dilatometer was utilized to assess the
thermal expansion behavior of PBF-EB fabricated Ti48AI2Cr2Nb samples.
Cylindrical samples, measuring 25 mm in height and 5 mm in diameter, underwent
cyclic heating and cooling up to 1000 °C and 27 °C, respectively. Three heating and
cooling cycles were executed with 10 °C intervals under a helium atmosphere for
each sample. A heating rate of 0.5 °C/min was applied until reaching 200 °C, and
then it was maintained at 3 °C/min between 200 and 1000 °C. The cooling rate was
fixed at 3 °C/min for the temperature range of 1000 — 27 °C. The pushrod tip was

held at a 0.5 mN contact force throughout the experiment.
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3.54 X-ray fluorescence Analysis

X-ray fluorescence (XRF) analysis, according to ASTM E539 [298], was
conducted using Zetium PANalytical having 2.4 kW to evaluate the chemical
composition of a 120 mm long and 30 mm diameter as-built sample, as illustrated
in Figure 3.6. Five cross-sections were taken perpendicular to the build direction

and at leasts three XRF measurements were carried out in each section.

Top

B
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Figure 3.6: A sketch of XRF measurement sample that shows sectioning planes.

3.5.5 X-Ray Diffraction Analysis

X-ray diffraction (XRD) was conducted to investigate the phase constituents of as-
built, HIPed, HT1, and HT2 samples. Prior to the XRD analysis, all specimens

underwent grinding using SiC papers. The Bruker D8 Advance Eco device was
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employed to acquire XRD patterns, utilizing Cu-Ka radiation (A = 1.5406 A). The
analysis involved continuous scanning at 40 kV over the 20 range of 15° to 90°,

with a fixed scan speed set of 0.1°/min.

3.5.6 Metallographic Examinations

For microstructural assessments, the specimens underwent an initial mechanical
grinding process using SiC papers up to a 2000 grit size to achieve smoother
surfaces and eliminate any potential oxide layers. Subsequently, the specimens
were polished using diamond pastes containing diamond particles with sizes of 6
pm, 3 um, and 1 um. Following the polishing step, the specimens were etched for
10-15 seconds in Kroll's Reagent (refer to Table 3.8 for details). After etching, the
specimen surfaces were thoroughly rinsed with diluted water and ethanol. Finally,

the specimens were dried using hot air.

Table 3.8: The constituets of Kroll’s reagent.

Components Volume
Hydrogen fluoride (HF) 2 ml
Nitric acid (HNO3) 6 ml
Distillated water (H,0) 92 ml

Microstructural observations were conducted using both a digital optical
micrograph (Huvitz HDS-5800) and a scanning electron microscope (SEM) (Nova
NanoSEM 430, FEI), operated at an accelerating voltage of 20 kV. Topographical
and quantitative examinations were performed using the SEM, which was equipped
with an energy dispersive X-ray spectroscopy (EDS) analysis system. To obtain
average atomic and weight percentages of the elements, a minimum of ten EDS
analyses were conducted. Microstructural examinations were carried out on cube

shaped samples, as schematically illustrated in Figure 3.5 (a), with dimensions of
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20 mm x 20 mm x 20 mm. These cubes were sectioned parallel (Z-axis) and
perpendicular (XY-axis) to the build direction, enabling the examination of

microstructural variations depending on the build direction.

3.5.7 Electron Back Scatter Diffraction

The Electron backscatter diffraction (EBSD) technique was employed to observe
and assess microstructural details, including grain morphology, misorientation, and
crystallographic texture of the as-built, HIPed, HT1, and HT2 samples in the
parallel to the built direction section (Z-direction). The samples were initially
ground using SiC papers up to a 2500 grit size and then polished using oxide
polishing suspension (OP-S) from Struers Inc. For EBSD analysis, a Zeiss Merlin
field emission gun (FEG) SEM with an accelerating voltage of 15 kV, a beam
current of 6.0 nA, and a working distance of 14 mm was utilized. The SEM was
equipped with an EDAX/TSL EBSD system and a Hikari EBSD camera. EBSD
maps, covering an area of 160 x 160 um on a hexagonal grid 7 with a step size of
0.5 um, were obtained. The raw EBSD data were analyzed using TSL-OIM
Analysis v7.3.1 software. For texture analysis, the generalized spherical harmonic
series expansion method of Bunge [288] was employed. The harmonic series were
expanded to a rank (L) of 34, and Gaussian smoothing with a half-width of 5° was
applied.

3.5.8 Thermodynamic Modelling Studies

The thermodynamic calculations for the Ti—Al binary and Nb/Cr modified Ti—Al-
Cr-Nb quaternary phase systems were performed under equilibrium conditions
using the computational thermodynamic method with the TCTI database in
Thermo-Calc software. Initially, standard atmospheric pressure was introduced to
the software to calculate equilibrium conditions in both binary and quaternary

systems. Subsequently, a pressure input value of 100 MPa was added to simulate
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the conditions during hot isostatic pressing (HIP). Equilibrium phase fractions were
calculated at room temperature, 1200 °C, and 1400 °C. Finally, Scheil simulations

were implemented for both the binary and quaternary systems.

3.6 Mechanical Characterization

3.6.1 Microhardness

The Innovatest Falcon 501 V2 microhardness device was employed with a load of
100 g for 10 seconds to determine the Vickers hardness of the specimens. Prior to
the microhardness measurements, specimens underwent etching to reveal the

microstructure specifically.

3.6.2 Tensile Tests

Room and elevated temperature tensile tests were conducted in accordance with
ASTM E8/E8M and E21 standards, respectively [289], [290]. A single type of
PBF-EB fabricated, and subsequently machined tensile test specimen was used for
both room and elevated temperature tensile tests. The dimensions of the tensile test

samples were as follows:

e 36 mm gage length,
e 6 mm diameter,
e 12 mm at both ends to fix the specimen to the holding grips (refer to Figure
3.7 and Figure 3.8).
The 100 kN capacity Zwick/Roell Z100 Testing Machine, equipped with a clip-on
extensometer for contact measurement, was employed with a constant crosshead
speed of 0.5 mm/min to determine the stress-strain behavior at room and elevated
temperature tensile testing. For elevated temperature tensile tests, a furnace was

directly mounted around the crossheads of the Zwick/Roell Z100.
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Tensile yield strengths were determined using the 0.2% offset method. The elastic

modulus of the specimens was calculated from the slopes of the linear regions of

the stress-strain diagram.
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Figure 3.7: A picture of room and elevated temperature tensile test specimen.
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Figure 3.8: A technical drawing of room and elevated temperature tensile test

specimen.
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CHAPTER 4

RESULTS AND DISCUSSION

In this chapter, experimental findings including structural analyses, microstructural
evaluations and mechanical property examinations and discussions are given in

detail.

4.1 Porosity and Density Investigations

The average density for both XY- and Z-direction as-built samples was calculated
as 3.94 g/cm? using Archimedes' principle. After HIP, the density increased to 3.96
g/cm? for both XY- and Z-direction samples, while HT1 and HT2 did not alter the
as-built density, remaining at 3.94 g/cm? for both XY- and Z-direction

A micro-focus RX Solutions Easytom 230 X-ray computed tomography (XCT)
device was employed to examine the porosity of both the as-built and post-
processed samples. The analysis involved 3D scanning of the gage length of the
tensile test specimens, as shown in Figure 4.1. No longitudinal gaps or cavities
indicative of joining, melting, and lamination defects were observed in any of the
samples. All identified defects took the form of spherical-shaped pores.
Consequently, all defects detected by the XCT device were considered as spherical

pores.

For the as-built XY sample, the total pore amount was 0.60% (Figure 4.1 (a)),
while it was 0.63% in the as-built Z-sample (Figure 4.1 (b)). Furthermore, the
largest pore size in the XY-direction was measured as 0.563 mm, and in the Z
sample, the largest pore size was determined to be 0.667 mm. The XCT device's
resolution allows the measurement of porosity down to 15 and 30 pm. Therefore,

pores smaller than 15-30 pm in the samples were not included in the calculations.

145



The XCT examinations revealed that the errors and pore amounts in both the XY-
and Z-directions were similar. Consequently, it was concluded that porosities were

randomly distributed throughout the samples, independent of the building direction.

HIPing was found to be effective in decreasing the porosity of both XY and Z-built
samples. According to XCT measurements, the initial porosity (0.60%) in XY-
direction as-built samples reduced to 0.07% after HIPing. However, the effect of
HT1 and HT2 on the porosity of the samples was negligible. The porosity content
of the HT1 and HT2 processed XY-direction samples was around 0.62% and
0.59%, respectively, which is close to that of the as-built samples.

In Z-direction built samples, the initial porosity (0.63%) was found to be similar to
XY-direction HIPed samples, with a reduced value of 0.07%. However, similar to
the XY-direction, the effect of HT1 and HT2 on the porosity of the Z-direction
samples was negligible. The porosity content of the HT1 and HT2 processed

samples was around 0.61% and 0.62%, respectively.
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Figure 4.1: XCT reconstructed images that show the spatial distribution of pores in
the tensile test samples of; (a) as-built in XY-direction, (b) as-built in Z-direction.
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4.2 Thermal Expansion Measurements

The dilatometer measurements conducted on the PBF-EB as-built Ti48AI2Cr2Nb
samples in the XY- and Z-directions between 27 °C and 1000 °C are illustrated in
Figure 4.2. Notably, no significant difference was observed in the coefficient of
thermal expansion (CTE) values between the XY and Z samples. At 30 °C, the
CTE value for the XY-direction sample was measured as 9.83x10°/K, while for the
Z-direction sample, it was measured as 9.89x10/K. At the highest temperature of
the measurement (1000 °C), the CTE value was 13.06x10/K in the XY-direction,
and it was 13.05x10/K in the Z-direction.

It was observed that the CTE values were not dependent on the manufacturing
direction in PBF-EB, as seen in Figure 4.2. The CTE values measured at
increments of 10 °C are presented in Table A.5.1 for the samples in both XY- and

Z-directions.
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Figure 4.2: CTE values varying at different temperatures for XY- and Z-direction
samples.
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4.3 Chemical Composition Measurements

The averages of XRF results obtained from five different build heights, as shown in
Figure 3.6, are presented in Table 4.1. According to XRF measurements, it is
evident that the aluminum content varies, particularly across the build height. For
the cylindrical specimen with a height of 120 mm, the average aluminum content in
sections A, B, and C, taken from the upper and middle parts of the specimen, were
found to be 33.234 + 0.057, 33.036 + 0.121, and 33.310 + 0.135 wt.%,
respectively. In the lower sections D and E of the specimen, the aluminum content
was determined to be 32.831 + 0.098 and 32.889 + 0.076 wt.%, respectively. The
aluminum content in sections D and E was below the specimen's average of 33.060

+0.208 wt.%.

As shown in the temperature log in Figure 3.4, following the melting, the
temperature rapidly drops to around 1000 - 1100 °C. During the PBF-EB process
of the samples, as the build height increases, the temperature in the lower layers
decreases to as low as 880 °C. This indicates that the aluminum loss is more
pronounced in the lower regions of the specimen exposed to higher temperatures
for a longer duration compared to the upper regions. The phenomenon of
approximately 1 wt.% aluminum loss (evaporation) due to electron beam
interaction has been investigated by Knorlein et al. [305]. According to Wartbichler
et al., an increase in the line energy during the PBF-EB process leads to a higher

aluminum evaporation [306].

Table 4.1: XRF measurements (wt.%) of Ti48A12Cr2Nb as-built sample.

Al Cr Nb Fe Ti
33.060 £ 0.208 | 2.616 £0.054 | 4.926 £ 0.055 | 0.076 = 0.004 A Balance
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4.4 X-Ray Diffraction Analysis

The X-Ray Diffraction (XRD) patterns in Figure 4.3 were obtained by conducting
room temperature XRD analyses on the perpendicular and parallel sections of the
PBF-EB as-built Ti48AI2Cr2Nb samples. It was observed that the as-built samples

in perpendicular and parallel sections comprised only y-TiAl and o,-Ti3Al phases.
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Figure 4.3: XRD patterns obtained from the as-built sample in perpendicular and
parallel to build direction sections.

The XRD patterns presented in Figure 4.4 were obtained through room temperature
XRD analyses on the PBF-EB as-built, HIPed, HT1, and HT2 processed
Ti48 A12Cr2Nb samples. As revealed in Figure 4.3, since the same phases appeared
in both sectioning planes, the XRD patterns seen in Figure 4.4 were obtained from
sections parallel to the manufacturing direction. It was determined that as-built,
HIPed, HT1, and HT2 processed samples consisted y-TiAl and a,-TizAl phases.
The preheating temperature around 1060 °C (as indicated in the temperature log
shown in Figure 3.4) and a cooling rate of 10°-10° K/s [307], [308] favored the
formation of y and o, in the as-built sample. The presence of y and o, phases after

PBF-EB production has been previously reported by Youn et al [309]. Further heat
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treatments and HIP did not result in the development of any phases other than y and

.

The y phase possesses a face-centered tetragonal (fct) L10 ordered structure within
the P4/mmm space group, and it remains homogeneous at room temperature for
aluminum contents ranging between 48 - 53 at.% in the binary Ti-Al system [1],
[2], [291], [292]. On the other hand, the a, phase exhibits a hexagonal D019
ordered structure belonging to the P63/mmc space group, and it remains
homogeneous at room temperature for aluminum contents between 21 - 35 at.% in
the binary Ti-Al system. The o, phase maintains its ordered structure up to 1180 °C
before transforming into a disordered hcp o phase for 32 at.% aluminum content

[1],[2], [291], [292].
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Figure 4.4: XRD patterns obtained from the as-built, HIPed, HT1 and HT2
processed samples in parallel to build direction.

The a,-TizAl phase exhibits a hexagonal D019 ordered structure belonging to the

P63;/mmc space group, with lattice parameters a= 0.58 nm and c= 0.48 nm,
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resulting in a c/a ratio of 0.8. The o,-Ti3Al phase remains homogeneous at room
temperature for aluminum contents between 21-35 at.%. It maintains its ordered
structure up to 1180 °C before transforming into a disordered hcp a-phase for 32
at.% aluminum content. Further heating leads to the transformation of hcp a phase

into a bee B Ti phase [1], [291].

The y-TiAl phase has a face-centered tetragonal (fct) L10 ordered structure
belonging to the P4/mmm space group, with lattice parameters a= 0.40 nm and c=
0.41 nm, resulting in a c/a ratio of 1.02. As aluminum content decreases, the c/a
ratio approaches 1, and the structure becomes ordered fcc [2]. The y-TiAl phase
remains homogeneous at room temperature for aluminum contents between 48 — 53

at.% [11, [291], [292].

XRD analysis confirmed that the a, phase of the HT2 sample exhibited higher peak
intensity at 36, 42, and 54° 20 angles. Additionally, the a, phase peaks at 26 and
71° for the HT2 sample were not distinguishable for the as-built, HIPed, and HT1
processed samples. Phase fractions, determined through Rietveld refinement, are
presented in Table 4.2. The o, phase fractions for the as-built, HIPed, HT1, and
HT?2 processed samples were found to be 1.45 wt.%, 3.64 wt.%, 2.27 wt.%, and
4.24 wt.%, respectively, with the balance being the y phase. The a, phase fraction
is higher in the HIPed sample (7.1 wt.%) compared to the PBF-EB as-built
condition (4.8 wt.%), as noted by Cakmak et al. in their XRD analysis [193].
However, the increase in a, content in the HIPed sample, which shares the same
process temperature as HT1, has not been reported in previous studies. It was
observed that a pressure of 100 MPa at 1200 °C caused the a, phase to increase by
1.37% compared to HT1.
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Table 4.2: Phase fractions obtained by rietveld refinement.

As-built HIP HT1 HT2
o (Wt.%) 1.45 3.64 2.27 4.24
Y (Wt.%) 98.55 96.36 97.73 95.76

4.5  Metallographic Examinations

4.5.1 Microstructural Evaluations on of As-Built Samples

The microstructures of the as-built samples were analyzed in cross-sections
perpendicular and parallel to the building direction. Sections were obtained from
three different heights, and their microstructures were examined in both
perpendicular and parallel observation planes to the build direction. As discussed in
Chapter 3.2, the samples were manufactured at a preheat temperature of 1060 °C
during PBF-EB production. As the production height increases in PBF-EB, the first
produced layers are consistently exposed to high temperatures due to the

subsequent melting layers, as well as longer preheating exposure times.

Grain growth was observed in the lower and middle layers, which were exposed to
high temperatures for a long duration, while a finer microstructure was observed in
the upper layers, which were exposed to high temperatures for a short duration and
thus cooled rapidly. As depicted in the microstructures presented in Figure 4.5 (a)
and (b), it was determined that the microstructures in both perpendicular and
parallel directions to the build direction, taken from the upper parts of the
Ti48AI2Cr2Nb as-built sample, were finer than those taken from the middle
(Figure 4.5 (c) and (d)) and lower (Figure 4.5 (e) and (f)) sections. However, it was
observed that the grain sizes did not consistently increase from the uppermost

section to the bottom. The largest grains were observed in the region between the
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middle and lower sections. The microstructure was relatively finer in the lower
section due to the faster heat transfer in this section, which was solidly attached to

the production platform.

100 pm

Figure 4.5: Optical micrographs of as-built Ti48Al12Cr2Nb samples produced via
PBF-EB. The images captured in various sections: (a) Upper section in the
perpendicular direction, (b) upper section in the parallel direction, (c) middle
section in the perpendicular direction, (d) middle section in the parallel direction,
(e) lower section in the perpendicular direction, and (f) lower section in the parallel
direction, all at a magnification of 500x.

154



The microstructures of the middle section of as-built samples were also examined
in cross-sections perpendicular and parallel to the building direction in detail, and
the corresponding microstructures are illustrated in Figure 4.6. Two distinct
microstructures were observed upon changing the observation direction, as
depicted in Figure 4.6. In cross-sections perpendicular to the building direction
(Figure 4.6 (a) and (c)), layer traces were not clearly discernible. However, when
observing cross-sections parallel to the building direction (Figure 4.6 (b) and (d)),

layer trace formation at a 90° angle to the building direction was evident.

In both observation directions, spherical pores were detected, consistent with
observations from XCT examinations Figure 4.1). The average diameter of the
pores measured in perpendicular and parallel cross-sections was similar, with
values of 48 + 37 pm and 50 £+ 29 pum, respectively. The spherical shape of the
pores suggests that gases trapped within the powders during gas atomization were

likely released during the PBF-EB manufacturing process, as also indicated in [20].

Higher magnification backscattered electron SEM images in cross-sections
perpendicular and parallel to the building directions are shown in Figure 4.6 (e) and
(f), respectively. The as-built microstructure in both observation directions revealed

a bimodal structure with fine and coarse grains.

Figure 4.3 displays XRD patterns in two directions, revealing identified peaks only
for the o, and y phases. The microstructure in both orientations exhibits a duplex-
like structure consisting of y/a, lamellae and equiaxed y grains. Grain growth
appears to have occurred in regions with lower amounts of o, as the lower layers
underwent annealing at high temperatures during PBF-EB. However, in regions
with a higher amount of a,, grain growth was hindered, possibly due to their

pinning effect on y grains (highlighted areas in Figure 4.6 (e) and (f)).

In areas with a lower a, content, y grains undergo coarsening as grain boundaries
were not pinned during prolonged intrinsic annealing, leading to abnormal grain
growth, also known as discontinuous grain growth or secondary recrystallization

[310]. Furthermore, in cross-sections parallel to the building direction, it was
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observed that fine regions formed sandwiched (or banded) structures between the
coarse grains. These coarse regions are commonly referred to as y bands, given the
limited presence of the a, phase within the coarse grain area, as mentioned in [20] -
[23]. On the other hand, in perpendicular cross-sections, the coarsened grains did

not form a banded structure in any particular direction.

X
1, x

! 20 pm

Figure 4.6: Optical micrographs of two different observation directions; in cross-
sections at 50x; (a) perpendicular and (b) parallel to building direction, at 200x; (c)
perpendicular and (d) parallel to building direction. Backscattered electron SEM
images at 2500x in cross-sections; () perpendicular and (f) parallel to building
direction.
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The y bands observed in the microstructures shown in Figure 4.5 (b), (d), and (f)
were further analyzed in the SEM images presented in Figure 4.7, focusing on the
Z-direction as-built sample. EDS measurements were conducted at the points
marked in yellow in Figure 4.7 (a) to identify any variations in chemical
composition between the coarse bands and the fine region. Measurements were
performed at points A, B, C, G, H, and I for coarse colonies, while points D, E, and

F were analyzed for fine lamellae.

Figure 4.7: Secondary electron SEM images taken from parallel observation
direction in as-built sample that shows; (a) duplex microstructure at 1500x, (b) fine
lamellae + equiaxed grains separated by coarse colonies at 5000x, (c¢) EDS
elemental maps obtained from the coarse and lamellar regions.

EDS analyses were conducted at nine different yellow points in Figure 4.7, and the
results are provided in Table 4.3. In measurements A, B, C, located in the coarse-
banded region shown in Figure 4.7 (a), the average aluminum content was found to

be 32.41 wt.%. Similarly, in measurements G, H, I, performed in another coarse-
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banded region illustrated in Figure 4.7 (a), the average aluminum content was
determined to be 32.37 wt.%. Notably, measurements D, E, F, taken from a
different region, exhibited an average aluminum content almost 1 wt.% lower than

that of both the A, B, C and G, H, I regions, with values of 31.28 wt.% on average.

The titanium content was observed to be approximately 1 wt.% higher in the D, E,
F region. This discrepancy in chemical composition between the coarse and banded
grains (A, B, C, and G, H, I regions) and the fine-grained regions (D, E, F regions)
was evident. Additionally, noteworthy findings from the EDS analyses indicated
that the aluminum content of the powder material, as stated in Table 3.1, was 1.1%
higher than that of the coarse region and 2.2% higher than that of the lamellar
region, respectively. This suggests that the amount of aluminum, characterized by
its low melting and evaporation temperature, decreases upon interaction with the

electron beams in PBF-EB technology.

Figure 4.7 (b) highlights the coarse and fine regions separated by dashed yellow
lines. It was found that the coarse y colonies along the cross section in the parallel
observation direction sample were oriented perpendicular to the production
direction in the form of bands at regular intervals. EDS mapping in Figure 4.7 (c)
reveals the absence of elemental segregation at the interface of the coarse bands
and the fine grains. The banded nature in parallel section microstructures can be
attributed to process related uneven aluminum distribution because of aluminum
loss during PBF-EB production, as indicated by EDS measurements in both coarse
and fine regions shown in Figure 4.7 (a). This aluminum loss is associated with the
formation of a banded microstructure. Wartbichler et al. revealed that the increase
in aluminum evaporation is correlated with a rise in the o, phase content,
depending on PBF-EB parameters [306]. This phenomenon, along with the
elevated aluminum concentration of the y phase in thermodynamic equilibrium at
the PBF-EB operating temperature, leads to abnormal grain growth in regions with
a lower concentration of a,, where the impact of second-phase particles on grain

boundary movement is diminished [306].
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Table 4.3: EDS analysis of as-built sample in parallel to build direction at nine
different points showed in Figure 4.7 (a).

Weight% Atomic%
Al Cr Nb Ti Al Cr Nb Ti
A 32.27 2.62 4.94 60.17 | 46.79 | 1.97 | 2.08 | 49.15
B 32.32 2.66 5.20 59.81 | 46.90 | 2.01 | 2.19 | 48.90
C 32.63 2.88 5.22 59.27 | 47.28 | 2.17 | 2.19 | 48.37
Average 32.41 2.72 5.12 59.75 | 46.99 | 2.05 | 2.15 | 48.81
D 31.32 2.81 5.01 60.86 | 45.72 | 2.13 | 2.12 | 50.03
E 31.11 2.72 5.22 60.95 | 4550 | 2.06 | 2.22 | 50.22
F 31.40 2.81 5.37 60.42 | 45.87 | 2.13 | 2.28 | 49.72
Average 31.28 2.78 5.20 60.74 | 45.70 | 2.11 | 2.21 | 49.99
G 31.87 2.63 4.73 60.76 | 4630 | 1.98 | 2.00 | 49.72
H 32.42 2.60 5.02 59.96 | 47.11 1.90 | 2.11 | 48.88
I 32.81 2.68 5.22 59.29 | 4739 | 2.10 | 2.16 | 48.35
Averarge 32.37 2.64 4.99 60.00 | 46.93 | 1.99 | 2.09 | 48.98
4.5.2 Microstructural Evaluations on Post Processed Samples

The parameters given in Table 3.6 and Table 3.7 were employed in processing the
samples with both HIP and conventional annealing processes, respectively. The
objective of the procedure conducted at 1200 °C (HT1) was to subject the samples
to annealing in the y + a region, whereas the purpose of the treatment at 1400 °C
was to anneal the samples in the single a region, thereby ensuring the development
of diverse microstructures. Additionally, to observe the effect of a 100 MPa

pressure on the microstructure, HIP was applied at 1200 °C.

In Figure 4.8, optical microscope images taken at 200x magnification depict
samples in the parallel and perpendicular observation directions. The yellow-
circled regions in Figure 4.8 indicate the presence of pores in the samples. As

demonstrated in Figure 4.8 (a) and (b), the as-built specimens initially contained
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spherical-shaped pores. Following HIP treatment at 1200 °C, 100 MPa, and 2
hours, it was observed that the pores in the as-built microstructure were eliminated
(Figure 4.8 (c¢) and (d)). However, after HT1 and HT2 treatments, it became
evident that the pores were not adequately removed, as clearly seen in Figure 4.8

(e), (f) and Figure 4.8 (g), (h) respectively.

It was determined that specimens subjected to HIP, HT1, and HT2 exhibited a
duplex microstructure consisting of equiaxed y and y/a, lamellae, similar to the as-
built condition. In the perpendicular observation direction, illustrated in Figure 4.8
(a), (c), and (e) for as-built, HIPed, HT1 and HT2 processed samples respectively,
coarse colonies were observed randomly dispersed within the fine region.
However, this pattern differed in the parallel observation direction, as illustrated in
Figure 4.8 (b), (d), and (f) for as-built, HIPed, HT1 and HT2 processed samples,
respectively. Particularly, it was noted that the banding in the HT1 processed
sample in Figure 4.8 (¢) resembled that in the as-built sample Figure 4.8 (b). In the
parallel observation direction of the HIPed sample (Figure 4.8 (c)), banding was
nearly dispersed, with coarse colonies occasionally aligning perpendicular to the
production direction. HT2 annealing resulted in a fully lamellar microstructure
consisting of y/0, lamellae in both perpendicular (Figure 4.8 (g)) and parallel
(Figure 4.8 (h)) observation directions. Another notable observation in the HT2

sample was the complete disappearance of banding in both examination directions.
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Figure 4.8: PBF-EB fabricated Ti48 AI2Cr2NDb alloy optical micrographs at 200x
magnification. As-built sample in the observation direction of; (a) perpendicular
and (b) parallel. HIPed sample in the observation direction of; (c) perpendicular
and (d) parallel. HT1 processed sample in the observation direction of; (e)
perpendicular and (f) parallel. HT2 processed sample in the observation direction
of; (g) perpendicular and (h) parallel.
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In Figure 4.9, secondary electron SEM images are presented for as-built, HIPed,
HT1 and HT2 processed samples, illustrating their sections in the perpendicular
and parallel observation directions. The larger images in Figure 4.9 were captured
at a magnification of 500x using secondary electron imaging, while the small
squares located on the left side of each image have a magnification of 2500x to
provide a more detailed visual representation. It was observed that the duplex-like
microstructure, consisting of y and a, phases, in the as-built sample (Figure 4.9 (a)
and (b)) was retained after HIPed (Figure 4.9 (c) and (d)) and HT1 (Figure 4.9 (e)
and (f)) samples. However, after HT2 treatment, a fully lamellar microstructure
formed as shown in Figure 4.9 (g) and (h). This occurred when the Ti48AI2Cr2Nb
material slowly cooled from the single-phase a region after heating up to 1400 °C,
leading to the subsequent growth of lamellae consisting of y and o, phases within

the prior a phase regions.

It was observed from the SEM images in Figure 4.9 (c) for the HIPed and Figure
4.9 (e) for the HT1 processed perpendicular sectioned samples, as well as in Figure
4.9 (d) for the HIPed and Figure 4.9 (f) for the HT1 processed parallel sectioned
samples that the temperature of 1200 °C used for both processes was not sufficient
to alter the y colonies and 7y/o, lamellae, thereby maintaining the duplex
microstructure. However, Figure 4.9 (d) revealed a distinct microstructural
characteristic in the HIPed sample, wherein banded y grains were observed to be
separated. This separation was in contrast to the microstructure of the HT1 sample,
as shown in Figure 4.9 (f). Coarse y colonies were observed in both perpendicular
and parallel sections of all samples except for the HT2 sample. The both build
directions exhibited a duplex-like microstructure consisting of coarse y colonies
and fine lamellae in the as-built, HIPed, and HT1 samples. Minor grain growth was
observed in the y colonies of the HIPed and HT1 samples compared to the as-built

sample, as will be further discussed in the section presenting the EBSD results.

A fully lamellar microstructure was not observed until the heat treatment
temperature was raised to 1400 °C. A subsequent cooling rate of 5 °C/min was

applied after holding the sample at 1400 °C for 2 hours. During slow cooling from
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the single o phase region, y and o, lamellae developed within the prior a
boundaries for both perpendicular and parallel observation directions, as shown in
Figure 4.9 (g) and Figure 4.9 (h), respectively. The lamellar colony size was
measured 186.7 pm + 41.6 pm and 192.0 pm + 45.5 pm for perpendicular and
parallel observation direction samples, respectively. Platelets of the y and a, phases
formed during the o — a + y — a, + v phase formation sequence for the both
building directions. The formation of y lamellae initiated in the o + y two-phase
region. At the eutectoid temperature, the o — o, ordering reaction initiated, leading
to an increase in the volume fraction of the y phase. The development of a lamellar
microstructure is desirable when the Ti48AI2Cr2Nb alloy is subjected to stress at
elevated temperatures. Therefore, in order to increase the creep strength after PBF-
EB production, a heat treatment above the o transition temperature should be
employed to achieve the microstructure shown in Figure 4.9 (g) and Figure 4.9 (h)

[190], [296].

Spherical pores were observed in both the XY- and Z-directions of the as-built,
HT1, and HT2 samples in Figure 4.9. Despite the low pore ratio in the PBF-EB as-
built samples, complete elimination of spherical pores could not be achieved. It
was noted that the pores were effectively eliminated through the HIP process.
However, after heat treatments at 1200 °C (HT1) and 1400 °C (HT2) without

applying pressure, the pores were not completely eliminated.
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Figure 4.9: PBF-EB fabricated Ti48 AI2Cr2Nb alloy secondary electron SEM
images. As-built sample in; (a) perpendicular and (b) parallel observation direction.
HIPed sample in; (¢) perpendicular and (d) parallel observation direction. HT1
processed sample in; (e) perpendicular and (f) parallel observation direction. HT2
processed sample in; (g) perpendicular and (h) parallel observation direction.
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To gain a clearer understanding of the banded structure in parallel observation
directions, a more in-depth examination was conducted on samples exhibiting a
duplex-like microstructure, including as-built, HIPed, and HT1 processed
specimens. Figure 4.9 presents optical micrographs and SEM images of as-built,
HIPed, and HT1 processed samples observed in parallel section. All samples
exhibited a duplex-like microstructure consisting of y colonies and y/a, lamellae,
suggesting that this structure persisted after both HIPing and HT1 processing.
Notably, Figure 4.9 (b) and (e) revealed a unique microstructural feature in the
HIPed sample, where the banded structure in y grains began to diminish,
distinguishing it from HTed samples (Figure 4.9 (c) and (f)). In HT1 processed
samples, coarse y colonies aligned perpendicular to the building direction, forming
a banded structure similar to that of the as-built sample. The impact of the building
direction on the microstructure was less evident in the HIPed samples, with coarse
colonies showing no distinct banded structure. Minor grain growth was observed in
the coarse colonies of the HIPed and HTed samples compared to the as-built
sample, as discussed further in section 4.6 on Electron Backscattered Diffraction

Evaluation.

_ As-Built [ HIP . HT

20 pm

Figure 4.10: Optical microscope images taken from cross-sections parallel to
building directions in; (a) as-built, (b) HIPed, and (c) HT1 processed conditions.
Secondary electron SEM images taken from identical sections in; (d) as-built, (e)

HIPed, and (f) HT1 processed conditions.
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The influence of the production direction on the microstructure was eliminated in
the HT2 processed samples. In both perpendicular and parallel observation
direction samples, there were no visible coarse y colonies, and the microstructure
consisted of a, and y lamellae as seen in Figure 4.9 (g) and (h). The microstructure
of the HT2 processed sample in the perpendicular observation direction was
examined in detail in Figure 4.11 to elaborate the effect of the HT2 process. Figure
4.11 (a) presents bright particles distributed throughout the dark structure on the
less etched surface. Figure 4.11 (b) shows the bright particles located between vy
and a, lamellae. In Figure 4.11 (c), EDS analyses were conducted on the bright
particle labeled as -+ and its neighboring dark region which was labeled as 2.
The elemental distribution of particle "1" was found to be an average of 61.89 wt.%
(51.72 at.%) Ti, 29.51 wt.% (43.78 at.%) Al, 6.23 wt.% (2.69 at.%) Nb, and 2.36
wt.% (1.82 at.%) Cr. The dark region labeled as "2" exhibited an average elemental
distribution of 61.85 wt.% (51.35 at.%) Ti, 30.01 wt.% (44.24 at.%) Al, 5.39 wt.%
(2.31 at.%) Nb, and 2.75 wt.% (2.10 at.%) Cr. Accordingly, it was found that the
bright particle contained 0.84 wt.% more Nb compared to the neighboring dark
region. In Figure 4.11 (d), the EDS map presented the elemental distribution of the
region shown in Figure 4.11 (c). It was observed that the amount of aluminum was
lower in the o, lamellae dispersed between the y phase. Additionally, it was
determined that the bright particle exhibited Nb microsegregation. The previous
study has identified the formation of particles with Nb microsegregation within the
fully lamellar microstructure of Ti48AI2Cr2Nb alloy produced by plasma melting
[309]. Furthermore, it is known that Nb microsegregation occurs in titanium
aluminides with high Nb content [311]. In our study, the as-built duplex-like
microstructure resulting from PBF-EB production was transformed into a fully
lamellar structure through the HT2 process. It was found that the HT2 process

caused Nb microsegregation.
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Figure 4.11: Secondary electron SEM images of parallel observation direction of
HT?2 processed sample. (a) Less etched surface to represent bright particles, (b) the
bright particles located between the y/a, lamellae, (c) EDS point analyses regions,

(d) EDS mapping obtained from the lamellar region.

4.6 Electron Backscattered Diffraction Evaluation

The phase maps of the as-built, HIPed, HT1, and HT2 samples are depicted in
Figure 4.12 to assess the distribution of y and a, phases in the parallel to build
direction section. In the phase maps, red areas represent the a, phase, while the
remaining regions consist of the y phase. The as-built sample, illustrated in Figure
4.12 (a), exhibited a composition of 1.7% a, phase and 98.3% vy phase. The rapid
cooling rate in the PBF-EB process resulted in a y grain size of approximately 4.27
+ 2.82 um, while the average grain size for the o, phase was approximately 1.32 +

0.28 pm in the as-built sample.

The o, phase content increased to 3.1% after the samples underwent HIPing,
aligning with the Rietveld analysis results indicating an increase in o, phase
content due to HIPing. In the as-built sample, the a, phase primarily formed in
finer-grained regions and was rarely observed in the banded coarse areas. However,

in the HIPed sample, the banded microstructure almost disappeared, resulting in a
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more uniform distribution of the a, phase compared to the as-built sample. Fine a;
grains with an average grain size of 2.23 + 0.91 um formed at the relatively coarse
y grain boundaries, as shown in Figure 4.12 (b). HIPing led not only to an increase
in the a, phase content but also in the average grain size of y grains to 17.90 +
12.71 um. The vy grain size increased almost four times, while the size of the a;
phase increased 1.5 times for HIPed samples compared to the PBF-EB as-built

condition.

It was found that the amount of a, phase remained the same, at 1.7%, as in the as-
built sample when HT1 was applied, as indicated in the phase map shown in Figure
4.12 (c). The o, phase was identified in the finer y-phase regions, and its presence
hindered additional grain growth during HT1, exerting a pinning effect. However,
in the as-built sample, the banded y grain regions experienced further coarsening
during HT1, as the o, phase was nearly absent in this region. Consequently, a more
pronounced banded structure emerged in the microstructure of the HT1 processed
samples, exhibiting two distinct regions comprising coarse and fine grains. HT1
caused a slight increase in y grain size to 5.42 = 3.48 um, while the average size for

oy phase was 1.23 £ 0.29 pm.

HT2 was conducted well above the o transition temperature, resulting in a fully
lamellar microstructure upon slow cooling. The lamellar microstructure illustrated
in Figure 4.12 (d) occurred after HT2 performed above the a single-phase region
transition temperature. HT2 led to an enormous increase in the content of a, phase.
The HT2 processed sample contained 9.0% a, and 90.8% 7y phases. It was found
that both y and o, grain sizes coarsened following HT2. The average grain size
increased to 72.7 + 35.43 um for y and to 4.4 + 1.98 um for o, grains due to slow

cooling done in the furnace.
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Figure 4.12: Phase maps of; (a) as-built, (b) HIPed, (c) HT1 and (d) HT2 processed
samples in parallel observation direction.

The image quality and grain boundaries (IQ-GBs) maps are shown in Figure 4.13
along with the misorientation angle fractions of the as-built, HIPed, HT1, and HT2
processed samples. In Figure 4.13, low angle grain boundaries (LAGBs) are
characterized by blue lines for 5 — 15°, while high angle grain boundaries (HAGBs)
are represented by black lines for 15 —90°. On the other hand, red lines correspond
to v phase twin boundaries with a 60° misorientation angle. The misorientation
distribution of the as-built sample mainly consisted of HAGBs with a rate of
77.1%. The fraction of HAGBs increased to 80.8%, 95.3%, and 98.2% for the
HIPed, HT1, and HT2 samples, as shown in Figure 4.13 (b), (c), and (d),

respectively. As thermal treatment was applied, LAGBs conversely tended to
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decrease due to the reduction in the dislocation density. LAGBs generally consist
of more sub-structures formed by the rearrangement of dislocations [302], hence it
is normal to expect a lesser amount of LAGBs in the HIPed, HT1, and HT2
samples when compared to the as-built condition. Twin boundaries, illustrated by
the red lines in IQ-GB maps in Figure 4.13, were observed for all of the samples.
Twin boundaries favor the material strength and the resistance to intergranular
degradation [303]. Twin boundary fractions on (111) for the as-built sample,
HIPed, HT1, and HT2 samples were 0.123, 0.177, 0.157, and 0.372, respectively. It
can be summed up that the twin boundary fraction increased with the increment of
heat treatment temperature. On the other hand, the twin boundary fraction of the
HIPed sample increased more even if the treatment temperature was similar to
HT1. The twin boundary fractions of the HT2 sample were more than 3 times
higher when compared to the as-built sample. It is clear that the amount of a;
phase, which was formed along with y lamellae, increased as a result of slow
cooling after the heat treatment at 1400 °C. Therefore, the twin boundary fraction
on (111) for the HT2 sample showed a tendency to increase with increasing o,

content at the grain edges next to non-recrystallized regions.
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Figure 4.13: 1Q-GBs maps of; (a) as-built, (d) HIPed, (¢) HT1, and (d) HT2
processed samples in parallel observation direction.
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The crystallographic texture of the parallel to build direction sections of the as-
built, HIPed, HT1, and HT2 samples is revealed in the inverse pole figure (IPF)
maps shown in Figure 4.14 (a), (b), (c), and (d), respectively. The as-built, HIPed,
and HT1 samples exhibited a duplex-like microstructure, characterized by the
presence of coarse, equiaxed grains and fine lamellae consisting predominantly of y
phases. In addition to the lamellar region, fine o, grains were also observed along
the grain boundaries of the y phase, mainly in the HIPed samples. These o, grains
formed at the interfaces between the coarse, equiaxed y grains, contributing to the
duplex microstructure. The presence of fine a, grains along the grain boundaries
indicates a localized precipitation of the a, phase in these regions. In contrast to the
as-built, HIPed, and HT1 samples, the HT2 sample exhibited a distinct
microstructure where o, and y grains grew within the prior o grains, forming thin
lamellae. The parallel to build direction sections of the as-built, HIPed, and HT1
samples contain mainly fine lamellae alternating with coarse y grains, while the

HT2 sample only exhibits a lamellar microstructure.
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Figure 4.14: IPF maps of; (a) as-built, (b) HIPed, (c) HT1, and (d) HT2 processed
samples in parallel observation direction.

The crystallographic orientations of the samples produced in their as-built state,
after HIP, following the first heat treatment (HT1), and after the second heat
treatment (HT2) are depicted in the inverse pole figures (IPFs) in Figure 4.15 (a),
(b), (¢), and (d) respectively. The prevalent texture in all samples is the <001>//BD
(BD: Building Direction). The IPFs reveal a distinct cube texture in the as-built
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sample, where <001> aligns parallel to the building direction, corresponding to the
heat flux direction in the PBF-EB process. HT1 significantly enhanced the <001>
texture, increasing its intensity by 65.2% compared to the as-built sample.
However, HIP seems to have introduced some degree of randomization in the
crystallographic texture. Thus, while HT1 promotes the cube texture, HIP tends to
diversify it. Conversely, HT2 annealing resulted in a substantial increase of both
the <001>//BD texture and its intensity. The intensity of the <001>//BD texture
became more than four times higher than that of the as-built sample. It is evident
that elevating the annealing temperature contributes to an increased PBF-EB
texture. HIP was identified as the sole effective method for diminishing the

textured structure arising from the heat flux direction in PBF-EB.
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Figure 4.15: IPFs of; (a) as-built, (b) HIPed, (c) HT1 and (d) HT2 processed
samples in parallel observation direction.

The kernel average misorientation (KAM) maps for the sections parallel to the
build direction of the as-built, HIPed, HT1, and HT2 processed samples are
illustrated in Figure 4.16 (a), (b), (c), and (d), respectively. KAM is a technique
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used to quantify the local grain misorientation within a microstructure, providing
insights into the distribution of deformation and plastic strain within a material.
Higher KAM values indicate regions of elevated plastic strain and increased
dislocation density [304]. The KAM maps utilize a rainbow scale, where blue and

red represent the minimum and maximum misorientation (0 — 5°), respectively.

In Figure 4.16 (a), the PBF-EB as-built sample displays higher KAM values
compared to the heat-treated and HIPed samples. The KAM maps of the HIPed and
HT1 samples (Figure 4.16 (b) and (c), respectively) reveal blue regions indicative
of recrystallized grains. Notably, despite both being treated at 1200 °C, the KAM
value of the HIPed sample is higher than that of the HT1 sample, suggesting that
the pressure applied during HIP hindered the recrystallization process, leading to

the formation of a, precipitates at the y grain boundaries.

Moreover, in Figure 4.16 (d), the KAM map for the HT2 sample indicates a more
pronounced dislocation density along the a, lamellae. These maps highlight that the
precipitation of the a, phase significantly contributes to reducing the amount of

recrystallized grains during the thermal treatment.
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Figure 4.16: KAM maps of; (a) as-built, (b) HIPed, (c) HT1 and (d) HT2 processed
samples in parallel observation direction.

The rapid cooling rate experienced during the solidification process in PBF-EB
leads to local strain inhomogeneity, resulting in a high dislocation density. Grain
orientation spread (GOS) measures the average misorientation angles with respect
to the mean orientation of the grains [304]. The GOS maps, labeled with a rainbow
scale where blue and red colors represent minimum and maximum GOS angles,
display a similar trend to the KAM for the as-built, HIPed, HT1, and HT2
processed samples in Figure 4.17 (a), (b), (c), and (d), respectively.

In Figure 4.17 (a), the PBF-EB manufacturing process resulted in a higher GOS
value for the as-built condition compared to the subsequent HIP, HT1, and HT2
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processes. The higher GOS value observed in the as-built sample was attributed to
the rapid solidification rate and the associated high temperature gradient
encountered during PBF-EB production, leading to a heterogeneous microstructure

with a higher degree of misorientation among neighboring grains.

Similar to KAM maps, more o, precipitates distributed at the y boundaries caused
fewer blue regions, indicating higher GOS angles after the HIP (Figure 4.17 (b))
compared to HT1 (Figure 4.17 (c)). The HT1 sample exhibited more blue regions
in the GOS map compared to the as-built condition, despite having the same o,
fraction (1.7%). This suggests that the dislocation density in the as-built condition
was significantly higher, independent of the a, ratio. The fully lamellar HT2
sample had a higher GOS value mainly due to the higher a, fraction, as illustrated

in Figure 4.17 (d).

177



Max i :
431687 60 pm

Figure 4.17: GOS maps of; (a) as-built, (b) HIPed, (c) HT1 and (d) HT2 processed
samples in parallel observation direction.

The recrystallization fraction of the as-built sample was 74.5%. This proportion
grew to 80.5%, 99.4% and 99.9% after HIP, HT1 and HT2 processes, respectively.
The KAM and GOS maps show that the HT1 treated sample achieved full
recrystallization. In contrast, the HIPed sample had a greater misorientation angle,
which was most likely caused by isostatic pressing, resulting in dynamic
recrystallization. The HIPed sample's grain coarsening resulted in a decreased
recrystallization fraction, with coarser grains leading to a higher misorientation

angle.
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4.7 Mechanical Evaluations

4.7.1 Microhardness Measurements

To assess the mechanical response of both the coarse equiaxed and fine lamellar
regions, microhardness measurements were carried out on the etched surface of the
parallel observation direction of the as-built sample. The indentation marks in the
microstructure are illustrated in Figure 4.18. Specifically, four measurements in
Figure 4.18 (a) — (d) were taken from regions with coarse grains along the build
direction, while another four measurements in Figure 4.18 (¢) — (h) were taken
from the fine region. The microhardness values for the PBF-EB as-built sample are
given in Table 4.4. The hardness of the coarse grains in the as-built sample was
observed to be lower (272.38 £ 20.92 HVO0.1) compared to the fine regions (370.83
+ 24.52 HVO0.1). As shown in the Figure 4.6 (b) and (d), fine region are separated
by coarse y bands that are aligned perpendicular to the building direction in the
parallel observation direction. The y phase fraction was determined to be 98.55%
using the Rietveld refinement method (Table 4.2) and 98.2% in the EBSD phase
map (Figure 4.12 (a)) in the as-built sample. Therefore, it was determined that both
coarse grains and fine grains primarily contained the y phase, while the a, phase
was present in the form of fine lamellae. It is known that the yield strength of the a,
phase is higher than that of the y phase [1]. However, the 98 HVO0.1 hardness
difference between coarse and fine grains cannot be solely attributed to the amount
of o, in the lamellar region. The abundance of high-angle grain boundaries
(HAGBs) within the lamellar region consisting of fine grains also contributes to the
increase in hardness. The discrepancy in hardness between coarse y grains and y/a2
lamellae led to a variation in mechanical properties, serving as a point of crack

initiation during uniaxial tensile tests, as further discussed in Chapter 4.7.2.
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Figure 4.18: Microhardness indentation marks; in y grains form the; (a)
measurement 1, (b) measurement 2, (c) measurement 3, (d) measurement 4 and in
ap + v lamellae from the; () measurement 5, (f) measurement 6, (g) measurement

7, (h) measurement 8.
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Table 4.4: Microhardness values of PBF-EB as-built sample.

2
272.38 +£20.92
3 264.53
4 246.94
5 390.02
6 356.09
370.83 £24.52
7 344.01
8 393.18

4.7.2 Tensile Tests

Tensile tests were performed at room temperature (RT) and elevated temperatures
(600, 700, 800 and 850 °C) on Ti48AI2Cr2Nb as-built samples produced by PBF-
EB. HIPed and heat treated samples were tested at RT, 700 and 800 °C.

4.7.2.1  Tensile Tests of As-Built Samples

4.7.2.1.1 Tensile Test Results of As-Built Samples

Table 4.5 and Figure 4.19 present the results of tensile tests conducted on as-built
samples produced in the XY-direction. The average yield strength (YS) and
ultimate tensile strength (UTS) of Ti48AI2Cr2Nb as-built sample were 560.63 +
33.85 and 636.87 + 42.43 MPa, respectively, with an elongation (El.%) value of
1.67 £ 0.53% at room temperature (RT). At 700 °C, YS and UTS values were
476.02 £ 12.34 and 571.58 = 7.14 MPa, respectively, while the E1.% was 2.50 +
0.00. The XY-direction sample retained its brittle character up to 800 °C. In the
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800 °C tensile tests, the average YS and UTS of XY samples were 437.61 + 1.58
and 568.64 + 3.68 MPa, respectively, with an ElL% of 54.17 + 4.39%. The
elongation value increased approximately 22 times from 700 to 800 °C, while the
yield strength decreased by 8% and the tensile strength by 0.5%. The results
suggest that the PBF-EB as-built Ti48AI2Cr2Nb sample in the XY-direction

undergoes a ductile transition between 700-800 °C.

In the tensile tests conducted on as-built samples at RT and 700 °C, it was observed
that the Z-direction samples underwent premature failure, exhibiting an average
UTS of 501.50 £ 122.75 and 563.17 + 64.20 MPa at RT and 700 °C, respectively,
with minimal elongation. These samples failed before reaching the yield point,
displaying an extremely brittle behavior. At 800 °C, the Z-direction sample
demonstrated 10 + 8.36% elongation before fracture, with a UTS of 559.00 + 48.17
MPa and YS of 423.52 + 8.80 MPa. The notably different mechanical response at
800 °C was attributed to the ductile transition of the Ti48 A12Cr2Nb sample in the
Z-direction in the 700-800 °C range.

Table 4.5: Tensile test average results of as-built Ti48 AI12Cr2Nb samples.

Test Temperature 0.2% YS Elongation
°C) UTS (MPa) (MPa) (%)
g RT 636.87 £42.43  560.63 + 33.85 1.67+0.53
s 700 571.58 £7.14  476.02 + 12.34 2.50 +0.00
0]
8=
g 800 568.64+3.68  437.61 £ 1.58 54.17 +4.39
<
501.50 £

= - -
g RT 122.75
o 700 563.17 + 64.20 - 1.50 +0.92
£
N 800 559.00 £48.17 423.52+8.80 10.00 + 8.36
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Figure 4.19: Temperature dependent yield strength, tensile strength and elongation
values of as-built samples.

4.7.2.1.2 Tensile Test Fracture Surfaces of the As-Built Samples

Figure 4.20 depicts SEM images of the fracture surfaces of the PBF-EB as-built
XY- and Z-direction samples. The fracture surfaces resulting from the tensile tests
at room temperature and 700 °C were notably flat and brittle, featuring
transgranular cracks and interlamellar separation in both building directions.
However, on the fracture surfaces of XY and Z samples tested at 800 °C, increased
ductility was evident, illustrated by the cup-and-cone formation. Notably, the

presence of pores on the fractured surfaces of all samples was observed.
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Figure 4.20: SEM images of fracture surfaces of as-built PBF-EB fabricated in XY-
direction; (a) room temperature, (b) 700 °C, (c) 800 °C and in Z-direction; (d) room
temperature, (¢) 700 °C, (f) 800 °C tensile test specimens.

The fracture surface of the as-built XY-direction specimen tested at room
temperature is illustrated in Figure 4.21. In Figure 4.21 (a), the region where the
fracture initiated and propagated rapidly is depicted. This region exhibits
transgranular cracks and flat surfaces, characteristic of brittle fracture. Figure 4.21
(b) zooms in on one of the cracks present on the surface. EDS measurements
conducted on both the left (marked as 1 in Figure 4.21 (¢)) and right (marked as 2
in Figure 4.21 (d)) sides of the crack revealed a 2.53 wt.% higher aluminum
content on the right side and a 3.83 wt.% higher titanium content on the left side of

the crack.
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Figure 4.21: SEM images of the fracture surface from room temperature tensile
tests on the as-built XY-direction specimen at; (a) 250x, (b) 5000x magnification,
along with EDS analysis for (c) the left side (marked as 1) and (d) the right side
(marked as 2) of the crack.

The fracture surface of the Z-direction as-built specimen tested at room
temperature is depicted in Figure 4.22. In Figure 4.22 (a), the region where the
fracture initiates is shown. Traces extending from the rupture initiation site to the
forward region of the surface indicate catastrophic fracture propagation. Pores are
also observed on the fracture surface, and the main fracture mechanism involves
transgranular cracks and extremely flat surfaces. EDS analysis was conducted for
one of the cracks appearing on the surface (Figure 3.21 (b)). The aluminum content
was found to be 10.17 wt.% lower on the left side (marked as 1 in Figure 4.22 (c))
than on the right side (marked as 2 in Figure 4.22 (d)) of the crack. Additionally,
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the amount of titanium was 11.85 wt.% higher on the left side. It was determined
that the cracks on the fracture surface of the Z-direction as-built sample propagated

through regions with different chemical compositions, resulting in a brittle fracture.

¥ Crack initiation -2 ¢

g

500 pm . : " A QIR

. Al 21.00+1.14 = Al 31.17+ 1.65
Cr 2724021 = Cr 2.59 +0.36
Nb 3284078 = Nb 5.07 £ 1.06
o Ti 73.01£227 a Ti 61.16 + 1.85
- n .

E x E i

- ¥ Nb = "

. "" o o . o\ A c

1.00 2.00 3.00 4.00 5.00 6.00 7.00 8.00 keV g 1.00 2.00 3.00 4.00 5.00 6.00 7.00 8.00 kev
BN NN NS NN NN NN NN NN NSNS NN NN NN EEEEEEEEEEEES

Figure 4.22: SEM images of the fracture surface from room temperature tensile
tests on the as-built Z-direction specimen at; (a) 250x, (b) 5000x magnification,
along with EDS analysis for (c) the top side (marked as 1) and (d) the bottom side
(marked as 2) of the crack.

Figure 4.23 presents optical microscope images of the cross-sections of the room
temperature tensile test fracture surfaces for both as-built XY- and Z-direction
samples. The specimens were sectioned perpendicular to the fracture planes and
then prepared metallographically, as detailed in Chapter 3.5.6, to obtain these

optical microscope images. The intersection between the black regions and the
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sample surfaces on the left side of the images indicates the fractured regions in

Figure 4.23.

Upon closer examination, it was observed that the coarse y grains were not
dispersed at regular intervals in the XY samples, as shown at different
magnifications in Figure 4.23 (a) — (d). In contrast, the Z-direction samples,
depicted in Figure 4.23 (e) — (h), exhibited y bands that extended parallel to the
fracture surfaces. The optical microscope study also revealed that subsurface cracks
in PBF-EB as-built Z-direction samples propagated between coarse y and fine
regions. This investigation highlights that the banding observed in the Z-direction
samples during PBF-EB production contributed to premature failure, as elaborated

in Chapter 3.7.2.1.

60 pm

Figure 4.23: Cross section optical micrographs of room temperature tensile test
fracture surfaces for PBF-EB fabricated Ti48 AI2Cr2Nb as-built samples in XY-
direction at; (a) 50x, (b) 100x, (c) 200x, (d) 500x magnifications and in Z-direction
at; (a) 50x, (b) 100x, (¢) 200x, (d) 500x magnifications.

SEM images of the cross-section of the as-built room temperature tensile testing Z-
direction specimen are given in Figure 4.24. In Figure 4.24 (a), it is observed that
the y grains exhibit a banded structure, appearing almost like a line. It's noteworthy

that the banded structure observed is perpendicular to both the direction of tensile
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testing and the PBF-EB build plane, which is parallel to the fracture surface. Figure
4.24 (b) presents a composite image obtained by superimposing SEM images taken
at 1000x magnification with showing the direction of sub-surface crack
propagation. The crack was observed to propagate parallel to the fracture surface at
the interface where the coarse y grains are separated from the fine lamellar region.
The crack progressed rapidly along the coarse y grains during the tensile test,
leading to premature failure in the as-built samples produced in the Z-direction.
Figure 4.24 (c) illustrates the presence of a crack that separates the coarse and fine
regions. EDS analyses were performed on the zones labeled as 1 and 2,
corresponding to the lamellar and coarse regions, respectively. These analyses
enabled the determination of the elemental composition on both sides of the crack.
The aluminum content in Zone 1 was found to be 2.22 wt.% lower than in Zone 2,
while the titanium content in Zone 2 was 1.71 wt.% lower. This difference in
aluminum and titanium content between the coarse y grains and the fine (lamellar
v/0, + equiaxed y) region contributed to variations in the mechanical properties, as
evidenced by the hardness measurements provided in Table 4.4. The premature
failure observed in the as-built Z-direction sample can be attributed to the
orientation of the coarse y grains perpendicular to the direction of tensile testing.
Furthermore, EBSD analysis revealed that the as-built Z-direction sample exhibited
higher KAM (Kernel Average Misorientation) and GOS (Grain Orientation Spread)
values compared to the other samples, providing additional evidence for the

premature failure in the Z-direction.
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Figure 4.24: Secondary electron SEM images of the cross section of as-built Z-
direction room temperature tensile test specimen revealing; (a) sub-surface crack
path at a magnification of 1000x, (b) coarse grains aligned parallel to fracture
surface at a magnification of 250x, (¢) crack zone at a magnification of 2500x.

Figure 4.25 presents optical micrographs of the cross sections for the fracture
surfaces of the as-built samples after tensile tests conducted at 700 and 800 °C. The
microstructure of the XY-direction samples tested at 700°C (Figure 4.25 (a) and

(b)) was found to be similar to the microstructure observed in the room temperature
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tests shown in Figure 4.23 (a) and (d). However, at 800 °C (Figure 4.25 (c) and
(d)), elongated grains in the tensile direction was observed, indicating a ductile
transition. The average elongation at 800 °C was 54.17 &+ 4.39%, while at 700 °C, it
was 2.50 + 0.00% for XY-direction samples. This ductile transition at 800°C is

associated with the microstructures illustrated in Figure 4.25 (c) — (d).

In contrast, no elongated grains were observed in the fracture surface
microstructure of Z-direction samples at both 700 °C (Figure 4.25 (e) and (f)) and
800 °C (Figure 4.25 (g) and (h)). This lack of elongation suggests premature
failure, similar to what occurs at room temperature. However, it must be noted that
the subsurface cracks between coarse y and fine (lamellar y/o, + equiaxed v)
regions observed in the room temperature microstructures (Figure 4.23 (e) - (h))

did not occur at 700 and 800°C, as illustrated in Figure 4.25 (e) and ().

Figure 4.25: Cross-sectional optical micrographs of PBF-EB fabricated
Ti48 A12Cr2Nb as-built samples in the XY-direction for; (a) 700 °C tensile test
fracture surface at 50x, (b) 700 °C tensile test fracture surface at 500x, (¢) 800 °C
tensile test fracture surface at 50x, (d) 800 °C tensile test fracture surface at 500x,
and in the Z-direction for; (e) 700 °C tensile test fracture surface at 50x, (f) 700 °C
tensile test fracture surface at 500x, (g) 800 °C tensile test fracture surface at 50x,
(h) 800 °C tensile test fracture surface at 500x.
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4.7.2.2 Tensile Tests of HIPed Samples

4.7.2.2.1 Tensile Test Results of HIPed Samples

Table 4.6 and Figure 4.26 present the tensile test results for XY-direction PBF-EB
manufactured and subsequently HIPed samples. The average yield strength (YS) of
the XY-direction produced HIPed sample was 504.96 + 17.39 MPa, and ultimate
tensile strength (UTS) was 561.03 + 28.23 MPa, with an elongation (E1.%) value of
2.19 + 0.45% at room temperature (RT). At 700 °C, YS and UTS values were
453.50 £+ 34.65 and 536.47 = 50.01 MPa, respectively, while the E1.% was 3.13 +
0.88. This sample maintained its brittle behavior up to 800 °C. In the 800 °C tensile
tests, the average YS of XY samples was 418.50 = 21.92 MPa, UTS was 527.75 +
9.55 MPa, and the E1.% was 34.50 + 3.00%. Graphs illustrating Y'S, UTS, and EL.%
values of XY-direction produced HIPed samples are provided in Figure 4.26. The
increase in elongation from 700 to 800 °C indicates a ductile transition temperature
between 700-800 °C for XY-direction PBF-EB manufactured and then HIPed
Ti48AI2Cr2Nb.

In the tensile tests conducted at RT on HIPed samples, it was observed that the Z-
direction samples did not experience premature failure, unlike the as-built test
specimens. The average YS of Z-direction produced HIPed sample was 514.49 +
6.1 MPa, and UTS was 551.81 + 13.76 MPa, with an E1.% value of 2.29 + 0.13% at
room temperature. At 700 °C, YS and UTS values were 446.50 = 2.12 and 537.00
+ 41.01 MPa, respectively, while the El.% was 3.75 + 0.00. The Z-direction
produced HIPed sample maintained its brittle character up to 800 °C with a slightly
lower elongation. In the 800 °C tensile tests, the average YS and UTS of Z samples
were 390.13 = 27 and 515.20 + 17.00 MPa, respectively, while the E1.% was 17.50
+ 7.00%. Graphs containing YS, UTS, and EL.% values of Z-direction produced
HIPed samples are given in Figure 4.26. Raising from 700 to 800 °C, the E1.% of
the material increased approximately 4.67 times, while the YS decreased by 12.6%
and the UTS by 4.1%. According to these values, it was determined that Z-
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direction PBF-EB produced and then HIPed Ti48AI2Cr2Nb has a ductile transition

temperature between 700-800 °C.

Table 4.6: Tensile test average results of HIPed Ti48 AI2Cr2Nb samples.

Test Temperature 0.2% YS Elongation
oo UTS (MPa) i) A
561.03 £
5 RT st 504.96+17.39 219+ 0.45
Q
2 700 3647+ 4535013465 313088
S 50.01
S
< 800 527754955 418.50+21.92  34.50 = 3.00
55181 ¢
. RT P 51449461  229+0.13
3 700 31004 44650+2.12  3.75+0.00
£ 41.01
N 515.20 +
800 > 390.13+27  17.50+7.00
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Figure 4.26: Temperature dependent yield strength, tensile strength and elongation
values of HIPed XY-direction samples.

4.7.2.2.2 Tensile Test Fracture Surfaces of the HIPed Samples

Figure 4.27 (a) shows that the fracture surface of the XY-direction specimen tested
at room temperature was flatter than those tested at 700 (Figure 4.27 (b)) and 800
°C (Figure 4.27 (¢)). The dimple formation increased as the tensile test temperature
increased for XY-direction samples. This is also confirmed by the tensile
elongation values shown in Table 4.6. The tensile elongation of HIPed XY-
direction specimens at 700 °C was 3.13 + 0.88%, while at 800 °C it was quite
ductile with 34.50 + 3.00%. This value was 2.19 + 0.45% at room temperature for
the HIP applied XY-direction specimen. y banding was seen on the room

temperature (Figure 4.27 (d)) and 700 °C (Figure 4.27 (e)) tensile test fracture
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surfaces of the HIP applied Z-direction samples. The fracture surfaces were flatter
in the Z-direction compared to the XY-direction samples, implying that the fracture
initiated from the y bands oriented perpendicular to the production direction. As
presented in Table 4.6, the tensile elongation of the HIP applied Z-direction
specimens was 2.29 + 0.13% at room temperature and 3.75 + 0.00% at 700 °C. As
a result of the 800 °C tensile test, the tensile elongation was 17.50 £ 7.00%, which
was well below the XY-direction. In addition, as seen in Figure 4.27 (f), the
fracture surface was quite flat and dimple-free compared to the XY-direction
sample. No pores were found on any of the HIP-applied sample fracture surfaces in

either the XY-direction or the Z-direction as seen in Figure 4.27.
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Figure 4.27: SEM images of the fracture surfaces of XY-direction HIPed samples

after tensile tests at; (a) room temperature, (b) 700 °C, (c) 800 °C and Z-direction

HIPed samples after tensile tests at; (d) Room temperature, (¢) 700 °C, (f) 800 °C
tensile test specimens.

The fracture surfaces of the HIPed XY- and Z-direction specimens tested at room

temperature are shown in Figure 4.28 and Figure 4.29, respectively. In addition to
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transgranular cracks, intergranular cracks were observed in samples from both
build directions. The aluminum content difference on either side of the crack in
Figure 4.28 (b) for the XY sample was 2.77 wt.%, while in the Z sample in Figure
4.29 (b), it was 9.68 wt.%. This phenomenon was consistently observed in samples

that underwent HIP after fabrication in both XY- and Z-directions. Unlike the other

samples, no pores were found on the fractured surfaces of the HIPed samples.
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Figure 4.28: SEM images of the fracture surface from room temperature tensile

tests on the HIPed XY-direction specimen at; (a) 250x, (b) 5000x magnification,

along with EDS analysis for (c) the right side (marked as 1) and (d) the left side
(marked as 2) of the crack.
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Figure 4.29: SEM images of the fracture surface from room temperature tensile

tests on the HIPed Z-direction specimen at; (a) 250x, (b) 5000x magnification,

along with EDS analysis for (c) the left side (marked as 1) and (d) the right side
(marked as 2) of the crack.

In Figure 4.30, cross-sectional optical microscope images of the room temperature
tensile test fracture surfaces for HIPed XY- and Z-direction samples are presented.
Both YS and El.% were nearly identical for XY- and Z-direction samples, although
anisotropy in the microstructure was not completely eliminated after HIPing.
During the room temperature tensile test, a crack (clearly visible in Figure 4.30 (h))
was observed between the coarse y and fine regions in the subsurface of the Z-
direction sample. However, unlike the as-built Z-direction sample, room
temperature tensile tests did not result in premature rupture. In Figure 4.30 (a) —

(d), it was found that the crack proceeded by cutting through both coarse and fine
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grains vertically when the cross section of the fracture surface in the XY-direction
was examined. On the other hand, in Z-direction samples, shown in Figure 4.30 (e)
— (h), the crack progressed at the coarse y and fine grain interfaces. Upon
examining the fracture surfaces in Figure 4.30, it was observed that there were no
pores in either the XY or Z-direction sample. Although the anisotropy in the
microstructure was not completely removed by HIP, it was seen that the pores were

eliminated.

[ oo v | 60 um

Figure 4.30: Cross section optical micrographs of room temperature tensile test
fracture surfaces for PBF-EB fabricated Ti48 A12Cr2Nb HIPed samples in XY -
direction at; (a) 50x, (b) 100x, (c) 200x, (d) 500x magnifications and in Z-direction
at; (a) 50x, (b) 100x, (c) 200x, (d) 500x magnifications.

Figure 4.31 presents optical micrographs of the cross sections for the HIPed sample
fracture surfaces after tensile tests at 700 and 800 °C. The fracture surface
microstructure of the XY-direction samples tested at 700°C (Figure 4.31 (a) and
(b)) was found to be similar to the room temperature test microstructure shown in
Figure 4.30 (a) and (d). However, as shown in Figure 4.31 (c¢) and (d), it was
observed that the grains elongated in the tensile direction as the test temperature
increased to 800 °C. The EL.% at 800 °C was 34.50 + 3.00%, while the average
elongation at 700 °C was 3.13 + 0.88% in the tensile tests for XY-direction

samples. The ductile transition occurring at 800 °C was correlated with the
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microstructures illustrated in Figure 4.31 (c) — (d). On the other hand, elongated
grains were not found in the fracture surface microstructure for Z samples at 700°C
(Figure 4.31 (e) and (f)). There was a slight grain deformation observed along the
tensile test direction when the tests were done at 800 °C, as illustrated in Figure
4.31 (g) and (h). The elongation value for the Z-direction at 800°C (17.50 + 7.00%)
was almost half of that for the XY-direction sample at 800°C (34.50 = 3.00%).
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Figure 4.31: Cross-sectional optical micrographs of PBF-EB fabricated
Ti48 A12Cr2Nb HIPed samples in XY-direction for; (a) 700 °C tensile test fracture
surface at 50x, (b) 700 °C tensile test fracture surface at 500x, (c) 800 °C tensile
test fracture surface at 50x, (d) 800 °C tensile test fracture surface at 500x and in Z-
direction for; (e) 700 °C tensile test fracture surface at 50x, (f) 700 °C tensile test
fracture surface at 500x, (g) 800 °C tensile test fracture surface at 50x, (h) of 800
OC tensile test fracture surface at 500x.

4.7.2.3  Tensile Tests of HT1 Processed Samples

4.7.2.3.1 Tensile Tests of HT1 Processed Samples

Table 4.7 and Figure 4.32 present the tensile test results of 1200 °C for 2 hours
heat-treated (HT1) samples following XY-direction PBF-EB manufacturing. The
average yield strength (YS) and ultimate tensile strength (UTS) of HT1 XY
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material were 540.00 + 4.24 and 598.18 = 1.22 MPa, respectively, while the
elongation (EL.%) was 2.50 = 0.00% at room temperature (RT). At 700 °C, YS and
UTS values were 457.75 + 3.18 and 546.14 + 13.87 MPa, respectively, while the
El% was 3.75 + 0.00. It was observed that the sample maintained its brittle
character up to 800 °C. In the 800 °C tensile tests, the average YS of XY-direction
samples was 414.00 £ 18.38 MPa, UTS 499.78 + 55.47 MPa, while the El.% was
26.88 + 14.23. Graphs containing YS, UTS, and EL.% values of HT1 processed
XY-direction samples are given in Figure 4.32. Raising from 700 to 800 °C, the
YS, UTS, and EL.% of the sample increased approximately 7.17 times, while the
YS decreased by 15.2% and the UTS by 8.8%. According to these values, it was
determined that XY-direction PBF-EB produced and HTI1 processed
Ti48 A12Cr2Nb has a ductile transition temperature between 700-800 °C.

In the tensile tests conducted at RT on HT'1 processed samples, it was observed that
the Z-direction samples did not experience premature failure, unlike the as-built
test specimens. The average YS of HT1 processed Z-direction sample was 474.58
+ 21.23 MPa, and the average UTS was 532.25 + 32.42 MPa, while the E1.% was
2.40 £ 1.32% at room temperature. At 700 °C, YS and UTS values were 457.85 +
17.18 and 516.40 + 39.03 MPa, respectively, while the E1.% was 2.50 = 0.00. It
was observed that the Z-direction sample maintained its brittle character up to 800
°C with a slightly low elongation. In the 800 °C tensile tests, the average YS and
UTS of Z-direction samples were 394.85 + 18.17 and 515.59 + 1.77 MPa,
respectively, while the E1.% was 12.50 + 7.07%. Graphs containing YS, UTS, and
EL% values of HT1 processed Z-direction samples are given in Figure 4.32.
Raising from 700 to 800 °C, the YS, UTS, and El.% of the material increased
approximately 5 times, while the YS decreased by 13.8% and the UTS by 0.16%.
According to these values, it was determined that PBF-EB produced and HT]I
processed Ti48AI2Cr2Nb in the Z-direction has a ductile transition temperature
between 700-800 °C.
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Table 4.7: Tensile test average results of HT1 processed Ti48AI2Cr2Nb samples.

Test Temperature 0.2% YS Elongation
°C) UTS (MPa) (MPa) (%)
- RT 598.18 £ 1.22 540.00 £4.24 2.50+0.00
S 14 +
S 700 >46.14 45775+ 3.18 3.75+0.00
5 13.87
? 499.78 +
>_‘ .
@ 800 5547 414.00 £ 18.38  26.88 £ 14.23
53225+
= RT 3040 47458 £21.23 240+ 1.32
5 700 S1640% 4576541718 2.50+0.00
2 39.03
N 800 51559+ 1.77  394.85+18.17  12.50+7.07
B vs-xy [ ] ys-z —[]=— EL%- XY
[ ] uTs-XY B urs-z - H- EL%Z
700 20
HT1
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Figure 4.32: Temperature dependent yield strength, tensile strength and elongation
values of HT'1 processed samples.
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4.7.2.3.2 Tensile Test Fracture Surfaces of HT1 Processed Samples

The tensile test fracture surfaces of the HT1 applied XY- and Z-direction
specimens, as seen in Figure 4.33 (a) and Figure 4.33 (d), respectively, were quite
flat. As a result of the room temperature tensile tests, no dimple was observed in
either the XY-direction or the Z-direction. As presented in Table 4.7, the room
temperature tensile elongation of the HT1 applied sample was 2.50% in both XY-
and 2.40% in the Z-direction. The flat regions on the fracture surface of the Z-
direction (Figure 4.33 (e)) specimen, were seen along with a relatively more ductile
fracture was observed after the tensile tests of the XY-direction (Figure 4.33 (b))
specimen at 700 °C. In addition, y bands were also seen on the fracture surface of
the Z-direction sample after the 700 °C tests. At 700 °C, the tensile elongation in
the XY-direction was 3.75 + 0.00%, while in the Z-direction it was 2.50 + 0.00%.
Only the fracture surface of the XY sample at 800 °C showed highly ductile
fracture where the surface is shown in Figure 4.33 (c). While the tensile elongation
of the HT1 applied XY sample was 26.88 + 14.23%, the tensile elongation of the Z
sample (Figure 4.33 (f)) was only 12.50 £+ 7.07% at this temperature. All samples

processed with HT1 had pores on their fracture surfaces.
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Figure 4.33: SEM images of fracture surfaces of XY-direction HT1 samples after

tensile tests at; (a) room temperature, (b) 700 °C, (c) 800 °C and Z-direction HT1

samples after tensile tests at; (d) Room temperature, (e) 700 °C, (f) 800 °C tensile
test specimens.

The fracture surfaces of the HT1 processed XY- and Z-direction specimens tested
at room temperature are displayed in Figure 4.34 and Figure 4.35, respectively.
Clear fracture initiation sites were observed for both HT1 processed samples in
Figure 4.34 (a) and Figure 4.35 (a), indicating a catastrophic failure similar to that
observed in as-built samples. EDS analyses were conducted on both sides of a
crack in the XY- and Z-direction HT1 processed samples, as shown in Figure 4.34
(b) and Figure 4.35 (b), respectively. It was found that the chemical composition on
both sides of the crack was almost similar in both HT1 building directions. In
Figure 4.34 (c) and (d), the aluminum content was measured at 27.42 = 0.72 wt.%
and 28.16 + 0.93 wt.%, respectively, in the HT1 processed XY-direction sample. In
the EDS analyses presented for the HT1 processed Z-direction sample in Figure
4.35 (c¢) and (d), the aluminum content was found to be 28.07 = 0.64 wt.% and
28.47 £ 0.59 wt.%, respectively. After the 1200 °C anneliang heat treatment, it was
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revealed that chemical homogenization was achieved, thus preventing the rapid

propagation of the crack, especially in the as-built Z-direction sample.

Crack initiation
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Figure 4.34: SEM images of the fracture surface from room temperature tensile
tests on the HT1 processed XY-direction specimen at; (a) 250x, (b) 5000x
magnification, along with EDS analysis for (c) the left side (marked as 1) and (d)
the right side (marked as 2) of the crack.
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Figure 4.35: SEM images of the fracture surface from room temperature tensile
tests on the HT1 processed Z-direction specimen at; (a) 250x, (b) 5000x
magnification, along with EDS analysis for (c) the left side (marked as 1) and (d)
the right side (marked as 2) of the crack.

In Figure 4.36, optical microscope images of the cross sections for the room
temperature tensile test fracture surfaces of HT1 processed XY- and Z-direction
samples are displayed. Although the YS was slightly higher for the XY-direction
(540.00 = 4.24 MPa) than the Z-direction (474.58 + 2.23 MPa), the EL.% at break
values were similar for both directions (2.50 £ 0.00% and 2.40 + 1.32% for XY-
and Z-directions, respectively) at room temperature. In Figure 4.36 (a) — (d),
similar to HIPed samples, it was found that the crack proceeded by cutting the
coarse v and fine grains vertically when examining the cross section of the fracture

surface in the XY-direction. On the other hand, in Z-direction samples, shown in
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Figure 4.36 (e) - (h), the crack propagated at the coarse y and fine grain interfaces.

Pores were observed in the regions where the crack propagated.

600 pm . n 300 pm 100 um 60 pm

Figure 4.36: Cross section optical micrographs of room temperature tensile test
fracture surfaces for PBF-EB fabricated Ti48 AI2Cr2Nb HT1 samples in XY-
direction at; (a) 50x, (b) 100x, (c) 200x, (d) 500x magnifications and in Z-direction
at; (a) 50x, (b) 100x, (¢) 200x, (d) 500x magnifications.

Figure 4.37 displays optical micrographs of the cross sections for the fracture
surfaces of HT1 processed samples after tensile tests were conducted at 700 and
800 °C. The fracture surface microstructure of the XY-direction samples tested at
700 °C (Figure 4.37 (a) and (b)) did not differ from the room temperature test
microstructure shown in Figure 4.36 (a) and (d). However, as presented in Figure
4.37 (c) and (d), it was observed that the grains elongated in the tensile direction as
the test temperature increased to 800 °C. While the average elongation at 800 °C
was 26.88 £ 14.23%, the average elongation at 700 °C was 3.75 + 0.00% in the
tensile tests for XY-direction samples. The ductile transition occurring at 800 °C
was correlated with the microstructures illustrated in Figure 4.37 (¢) — (d). On the
other hand, elongated grains were not found in the fracture surface microstructure
for Z-direction samples at 700 °C (Figure 4.37 (e) and (f)). There was a slight grain
deformation observed along the tensile test direction when the tests were done at

800 °C, as illustrated in Figure 4.37 (g) and (h). The elongation value for Z-
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direction at 800 °C (12.50 + 7.07%) was less than half of the XY (26.88 + 14.23%)

direction sample at 800°C.
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Figure 4.37: Cross-sectional optical micrographs of PBF-EB fabricated
Ti48AI2Cr2Nb HT1 processed samples in XY-direction for; (a) 700 °C tensile test
fracture surface at 50x, (b) 700 °C tensile test fracture surface at 500x, (c) 800 °C
tensile test fracture surface at 50x, (d) 800 °C tensile test fracture surface at 500x
and in Z-direction for; (e) 700 °C tensile test fracture surface at 50x, (f) 700 °C
tensile test fracture surface at 500x, (g) 800°C tensile test fracture surface at 50x,
(h) of 800 °C tensile test fracture surface at 500x.

4.7.2.4  Tensile Tests of HT2 Samples

4.7.2.4.1 Tensile Test Results of HT2 Processed Samples

Table 4.8 and Figure 4.38 present the tensile test results of samples heat-treated at
1400 °C for 2 hours (HT2) following the XY-direction PBF-EB manufacturing.
The average yield strength (YS) of HT2 processed XY-direction sample was
372.50 £ 2.12 MPa, and the average ultimate tensile strength (UTS) was 435.75 +
9.19 MPa, while the elongation (E1.%) was 2.09 £ 0.01% at room temperature. At
700 °C, YS and UTS values were 303.55 =+ 11.67 and 389.67 + 28.76 MPa,
respectively, while the El.% was 3.13 + 0.88. It was observed that the sample
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maintained its brittle character up to 800 °C. In the 800 °C tensile tests, the average
YS and UTS of XY-direction samples were 295.25 + 0.07 and 388.50 + 56.92
MPa, respectively, while the E1.% was 4.38 + 0.88%. Graphs containing YS, UTS,
and EL.% values of HT2 processed XY-direction samples are given in Figure 4.38.
Raising from 700 to 800 °C, the YS, UTS, and El.% of the sample increased
approximately 1.4 times, while the YS decreased by 2.7% and the UTS by 0.3%.
According to these values, it was determined that a heat treatment done above the
a-transition temperature did not lead to a ductile transition temperature between

700-800 °C, unlike other samples.

In the tensile tests performed at RT on HT2 samples, the Z-direction samples did
not prematurely fail, unlike as-built test specimens. The average YS of HT2
processed Z-direction material was 362.00 £ 2.12 MPa, the UTS was 405.70 + 9.90
MPa, while the E1.% was 1.73 + 0.10% at room temperature. At 700 °C, YS and
UTS values were 303.00 £ 9.55 and 389.85 + 14.35 MPa, respectively, while the
ElL% was 3.75 + 0.00. It was observed that the sample maintained its brittle
character up to 800 °C with a slightly low elongation. In the 800 °C tensile tests, the
average YS and UTS of Z samples were 298.25 + 1.41 and 358.00 + 3.25 MPa,
respectively, while the E1.% was 3.75 £ 0.00%. YS, UTS, and EL.% values of HT2
processed Z-direction samples are given in Figure 4.38. Raising from 700 to 800
°C, the YS, UTS, and El.% of the sample did not change drastically, while the YS
decreased by 1.6% and the tensile strength by 8.2%. According to these values, it
was determined that a heat treatment done above the a-transition temperature did
not lead to a ductile transition temperature between 700-800 °C, unlike other

samples.
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Table 4.8: Tensile test average results HT2 processed Ti48 AI2Cr2Nb samples.

Test Temperature 0.2% YS Elongation
°C) UTS (MPa) (MPa) (%)
< RT 435.75£9.19 372.50+£2.12 2.09 £0.01
= 389.67 =
.é 700 2876 303.55+11.67 3.13+0.88
o
” 800 295254007 438+0.88
o RT 405.70£9.90  362.00+2.12 1.73+£0.10
o
g 700 38121'835; 303.00£9.55  3.750.00
£ :
N 800 358.00 £ 3.25 298.25+1.41 3.75+£0.00
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Figure 4.38: Temperature dependent yield strength, tensile strength and elongation
values of HT2 processed XY -direction samples.
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4.7.2.4.2 Tensile Test Fracture Surfaces of HT2 Processed Samples

Fracture surfaces of HT2 samples represented in Figure 4.39 differed from all other
samples with very flat surfaces observed at all tensile test temperatures in both XY-
and Z-directions. In addition, the pores on the fracture surfaces were quite high at
all temperatures. Another remarkable point is that the traces of the lamellar
microstructure that emerged after the HT2 annealing were visible on the fracture
surfaces. On the fracture surfaces, translamellar fracture across the lamellea and
interface delamination were detected. Translamellar fracture propagation was
accompanied by simultaneous interfacial delamination. As a result of the tensile
tests of the HT2 specimens at 800 °C, the tensile elongation in the XY-direction
was 4.38 £ 0.88%, while this value was 3.75 £ 0.00% in the Z-direction sample,
where the fracture surfaces are given in Figure 4.39 (c) and Figure 4.39 (%),

respectively.

100 pm £ 5 A 100 pm

100 pm

Figure 4.39: SEM images of fracture surfaces of XY -direction HT2 samples after

tensile tests at; (a) Room temperature, (b) 700 °C, (c) 800 °C and Z-direction HT2

samples after tensile tests at; (d) Room temperature, () 700 °C, (f) 800 °C tensile
test specimens.
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Following the heat treatment at 1400 °C, the microstructure of the samples changed
to fully lamellar, and consequently, the fractured surface texture differed from the
other samples. The fracture surface of the HT2 processed XY- and Z-direction
samples tested at room temperature is shown in Figure 4.40 and Figure 4.41,
respectively. EDS analyses were performed on both sides of a crack in the XY- and
Z-direction, as illustrated in SEM images in Figure 4.40 (b) and Figure 4.41 (b),
respectively. It was found that the chemical composition on both sides of the crack
was similar in the HT2 processed XY building direction. In the EDS measurement
of the crack of the HT2 processed XY-direction sample, the aluminum content was
found to be 32.37 £ 0.71 wt.% and 32.01 = 0.97 wt.% on the left (marked as 1) and
right (marked as 2), respectively, as shown in Figure 4.40 (c) and (d). On the
contrary, in the EDS analyses presented for the HT2 processed Z-direction sample
in Figure 4.41 (c) and (d), the aluminum content slightly differed from each other,
with values of 30.10 + 1.08 wt.% and 27.79 + 0.96 wt.%, respectively.
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Figure 4.40: SEM images of the fracture surface from room temperature tensile
tests on the HT2 processed XY -direction specimen at; (a) 250x, (b) 5000x
magnification, along with EDS analysis for (c) the left side (marked as 1) and (d)
the right side (marked as 2) of the crack.
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Figure 4.41: SEM images of the fracture surface from room temperature tensile
tests on the HT2 processed Z-direction specimen at; (a) 250x, (b) 5000x
magnification, along with EDS analysis for (c) the left side (marked as 1) and (d)
the right side (marked as 2) of the crack.

In Figure 4.42, optical microscope images depict the cross-sectional views of
fracture surfaces from room temperature tensile tests on HT2 processed samples in
the XY- and Z-directions. Comparing YS and ElL% values, the XY-direction
exhibits slightly higher performance (YS: 372.50 + 2.12 MPa, E1.%: 2.09 £ 0.01%)
compared to the Z-direction (YS: 362.00 £ 2.12 MPa, E1.%: 1.73 = 0.10%) at room
temperature. In the fracture surface images shown in Figure 4.42 (a) — (h), a
distinctive behavior is observed—unlike the as-built, hot isostatic pressing (HIPed),
and HT1 samples—where the crack propagates similarly in both XY- and Z-
directions, cutting fine o, + y grains vertically. As detailed in Chapter 0, the heat
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treatment at 1400 °C results in the dissolution of the duplex microstructure in the
Ti48 AI2Cr2Nb sample's a phase. Subsequent slow cooling facilitates the formation
of a, + y lamellae within primary a grains, eliminating microstructural anisotropy
in the XY- and Z-direction samples. Consequently, a comparable fracture
mechanism is observed in both directions, demonstrating the impact of the heat

treatment on the microstructure.
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Figure 4.42: Cross section optical micrographs of room temperature tensile test
fracture surfaces for PBF-EB fabricated Ti48 A12Cr2Nb HT2 processed samples in
XY-direction at; (a) 50x, (b) 100x, (¢) 200x, (d) 500x magnifications and in Z-
direction at; (a) 50x, (b) 100x, (c) 200x, (d) 500x magnifications.

Figure 4.43 presents optical micrographs capturing the cross-sectional views of
fracture surfaces from HT2 processed samples after undergoing tensile tests at 700
and 800 °C. The microstructure of fracture surfaces in the XY-direction samples at
700 °C (Figure 4.43 (a) and (b)) closely resembles that of Z-direction samples
depicted in Figure 4.43 (e) and (f). Additionally, comparable grain elongation is
evident in both XY- and Z-direction samples as the test temperature increases to
800 °C, as shown in Figure 4.43 (c), (d), (g), and (h). Despite the temperature rise
to 800 °C, the average elongation at this temperature remains distinct for XY (4.38
+ 0.88%) and Z (3.75 + 0.00%) direction samples. Notably, there is no discernible

ductile transition even at 800 °C for any of the samples due to the fully lamellar
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microstructure and Nb microsegragation as detailed in Chapter 3.7.2.4. This
consistency in the tensile test results aligns with the absence of elongated grains

observed in Figure 4.43 (c), (d), and (g), (h).
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Figure 4.43: Cross-sectional optical micrographs of PBF-EB fabricated
Ti48 AI2Cr2Nb HT2 processed samples in XY-direction for; (a) 700 °C tensile test
fracture surface at 50x, (b) 700 °C tensile test fracture surface at 500x, (c) 800 °C
tensile test fracture surface at 50x, (d) 800 °C tensile test fracture surface at 500x
and in Z-direction for; (e) 700 °C tensile test fracture surface at 50x, (f) 700 °C
tensile test fracture surface at 500x, (g) 800 °C tensile test fracture surface at 50x,
(h) of 800 °C tensile test fracture surface at 500x.

4.7.2.5 Overview of Tensile Tests

The temperature dependent ultimate tensile strength, yield strength, and elongation
values are presented in the column graphs illustrated in Figure 4.44. Additionally,
stress-strain curves obtained at 25 °C, 700 °C, and 800 °C are shown in Figure 4.45
for both XY and Z built direction samples. The average UTS and YS of the as-built
material in XY-direction at room temperature were 636.87 + 42.43 MPa and
560.63 + 33.85 MPa, respectively. The avarage elongation value of this sample at
room temperature was 1.67 £ 0.53%. At 800 °C, the average UTS and yield
strength of the XY samples were 568.64 + 3.68 MPa and 437.61 + 1.5 MPa,
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respectively, with an elongation value of 54.17 = 4.39%. Comparing the results
between 700 °C and 800 °C, the elongation value increased by approximately 22
times while the yield strength decreased by 8% and the UTS decreased by 0.5%. It
was determined that the PBF-EB as-built Ti48AI2Cr2Nb material undergoes a
ductile transition between 700-800 °C, which is consistent with the transformation

temperature reported as 750 °C in other studies [1], [28].

However, the as-built Ti48AI2Cr2Nb samples manufactured in the Z-direction
exhibited premature failure with inconsistent results. This means that some samples
failed before reaching the yield point and exhibited an extremely brittle behavior
throughout the testing. The average ultimate tensile strength (UTS) and yield
strength (YS) for XY-direction samples were 636.87 + 42.43 MPa and 560.63 +
33.85 MPa, respectively, with an elongation percentage (EL.%) of 1.67 + 0.53%. In
contrast, Z-direction samples experienced premature failure, displaying an average

UTS of 501.50 + 122.75 MPa with a very low amount of elongation.
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In the Z-direction samples, the alignment of the y-bands was perpendicular to the
loading direction. It was found that the orientation of y bands perpendicular to the
tensile testing direction in the Z sample, as shown in Figure 4.6 (b) and (d), caused
crack initiation. The examinations have revealed that during PBF-EB production, y
colonies tend to coarsen due to the influence of high process temperatures.
Simultaneously, the a, phase present in the fine regions exerts a pinning effect on
the y grains, inhibiting their growth. As a result, a sandwich-like structural
development comprised of coarse y bands and fine regions has evolved in the Z-
direction sample. Furthermore, a difference in aluminum content of approximately
~Iwt.% has occurred between the coarse y bands and the fine region. The ~98
HVO0.1 hardness difference between the coarse and fine regions led to the initiation
of fracture at the interface between the less resistant y phase and the fine region.
The difference in chemical composition (presented in Figure 4.7) and hardness

(illustrated in

Figure 4.18) between the coarse y bands and fine lamellae regions contributes to
early fracture in PBF-EB fabricated Z-direction as-built sample. The high
dislocation density and internal strain, as revealed by the Grain Orientation Spread
(GOS) and Kernel Average Misorientation (KAM) values in Figure 4.16, also

contributed to the brittleness of the as-built samples.

Previous studies have also demonstrated the mechanical behavior differences
between the XY- and Z-directions of the PBF-EB processed Ti48 AI2Cr2Nb alloy.
Todai et al. suggests that as-built samples oriented at a 45° angle with the build
platform exhibit optimal tensile ductility and strength combination with respect to
XY- and Z-direction. This orientation is associated with y phase banding that is
perpendicular to the production direction [23]. Lin et al., has found a difference of
30 MPa in the yield strengths between the XY- and Z-directions in samples that
have been subjected to a heat treatment at 1260 °C to obtain a duplex
microstructure. It should be noted that tensile testing has not been performed on the

as-built samples in this study [196].
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In the tensile tests conducted at room temperature, presented in Figure 4.45 (a), for
the HIPed XY alloy, the UTS and YS were found to be 561.03 + 28.23 MPa and
504.96 + 17.39 MPa, respectively, while the tensile elongation was 2.19 + 0.45%.
After the application of HIP treatment, it was observed that the samples in the Z-
direction did not undergo premature fracture, as observed in the as-built samples.
The UTS and YS for the Z-direction HIPed samples were 551.81 + 13.76 MPa and
514.49 + 6.1 MPa, respectively while the tensile elongation was 2.29 + 0.13%. The
disparity in UTS between the XY- and Z-direction HIPed samples was only 9.22
MPa and a similar difference of 9.53 MPa was observed in the yield strength at
room temperature. Furthermore, there was a slight change of 0.1% in tensile
elongation when the tests were performed for the Z-direction samples at room
temperature. For samples produced in both XY- and Z-directions, the tensile and
yield strengths experienced drastic alteration of 65.18 MPa and 65.42 MPa,
respectively, for the HT1 samples. It was found that the duplex-like microstructure
in the as-built sample persisted after the HIP and HT1 processes, see Figure 4.9.
After the HT1, y banding continued in the Z-direction sample while banding almost
vanished in both the XY- and Z-directions of HIPed sample. It was observed that in
the HIPed sample, the Z-direction exhibited randomly distributed equiaxed coarse y
colonies instead of banding. It was determined that the elimination of banding due
to HIP resulted in similar mechanical behavior in both the XY- and Z-directions.
These results indicate that the HIP treatment was a highly effective secondary
treatment method to reduce the dependence on the build direction in the
mechanical properties of PBF-EB manufactured Ti48AI2Cr2Nb material. It helped
to reduce the anisotropy and improve the homogeneity of the mechanical properties
between the XY- and Z-direction samples. Seifi et al. have also been reported that
HIP is an effective method for reducing the variation in compression test results

among the samples, resulting in a yield strength difference of 5 MPa [21].

In the tensile tests conducted on the XY-direction HT1 samples at room
temperature (Figure 4.45 (a)), the UTS was measured as 598.18 = 1.22 MPa and
the YS was 540.00 = 4.24 MPa. The El.% was found to be 2.50 + 0.00%. The
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average UTS of the Z-direction HT1 processed samples was 532.25 + 32.42 MPa
and the YS was 474.58 + 2.23 MPa. The El.% measured for these samples was
2.40 + 1.32%. It can be observed in Figure 4.44 (a) that the UTS of HT1 and HIPed
samples in the XY-direction decreases by 8.7% and 4.4% respectively when the
test temperature was raised to 700 °C from room temperature. Similarly, in Figure
4.44 (b) it is shown that the YS decreased by 15.2% for HT1 and 10.2% for HIPed
samples in the XY-direction at 700 °C compared to room temperature tests. At 800
°C, the UTS decreased by 16.4% for HT1 and 5.9% for HIPed samples in the XY-
direction compared to room temperature tests. Additionally, it was found that the
YS of HT1 and HIPed XY-direction samples decreased by 30.4% and 17.1%
respectively at 800 °C compared to room temperature tests. Furthermore, the E1.%
values of HT1 and HIPed samples at 700 °C increased by 1.25% and 0.94%
respectively compared to room temperature tests. At 800 °C, the tensile elongation
was 10.8 times higher for HT1 samples and 15.8 times higher for HIPed samples in
the XY-direction compared to room temperature tests. These results indicate that
the HIPed and HT1 samples exhibit a ductile behavior at 800 °C in XY-direction,

as similar phenomena have been observed in the as-built sample.

There was a 2.7% decrease for HIP and a 3% decrease in UTS for HT1 at 700 °C
when the tensile test results of the Z-direction samples were compared to room
temperature tests in Figure 4.44 (a). The YS of Z-direction samples decreased by
3.5% for HT1 and 13.2% for HIP at 700 °C compared to room temperature as
presented in Figure 4.44 (b). At 800 °C, the UTS of Z-direction samples decreased
by 3.1% for HT1 and 6.6% for HIPed conditions compared to room temperature
tests (Figure 4.44 (a)). When the yield strengths of HT1 and HIPed samples in the
Z-direction were examined at 800 °C (Figure 4.44 (b) and (f)), there was a decrease
of 16.8% for HT1 and 24.2% for HIP compared to room temperature. In HT1 and
HIPed Z-direction samples, the E1.% increased by 0.1% and 1.46%, respectively, at
700 °C and it was 5.2 and 7.9 times higer, respectively, at 800 °C compared to
room temperature. These results indicate that the Z-direction samples also exhibit

increased ductility at 800 °C. The elongation at 800 °C for both HT1 and HIP-
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treated samples in the Z-direction was only half of that observed in the XY-

direction.

The HT2 resulted in a significant decrease in UTS and YS for both XY- and Z-
direction samples compared to the all other samples as shown in Figure 4.44. The
decrease in strength was attributed to the fully lamellar microstructure observed in
Figure 4.9 after HT2. The UTS decreased by 10.6% for XY-direction and 3.9% for
Z-direction samples at 700 °C compared to room temperature tests, as shown in
Figure 4.44 (a). However, the El.% increased by 1.04% for XY-direction and
2.02% for Z-direction samples at 700 °C compared to room temperature tests, as
illustrated in Figure 4.44 (c). At 800 °C, both XY- and Z-direction samples
experienced a decrease in UTS. Similarly, the YS decreased by 20.7% for XY-
direction and 21.4% for Z-direction samples at 800 °C. However, the tensile
elongation increased to 4.38% for XY-direction and to 3.75% for Z-direction
samples at 800 °C. The increase in tensile elongation at elevated temperatures was
relatively small compared to other samples, indicating that the HT2 sample did not
reach the ductile transition at 800 °C. It was found that the fully lamellar
microstructure within the coarse primary o grains and the randomly distributed Nb
microsegregation achieved after the HT2 (shown in Figure 4.11) can contribute to
the preservation of brittleness at higher temperatures. This was contrary to the
statements for as-built, HIPed and HT1 conditions suggesting a ductile behavior at
800 °C. It can be concluded that the HT2 processed Ti48Al2Cr2Nb material is
suitable for higher temperature applications due to its high temperature resistance,

despite its lower strength compared to other samples.
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Figure 4.44: Temperature dependent line graphs of; (a) UTS, (b) YS, (c) EL1.% for
as-built, HIPed, HT1 and HT2 processed samples in both XY- and Z-directions.
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Figure 4.45: Stress-strain curves obtained at; (a) 25 °C, (b) 700 °C, (c) 800 °C for;
as-built, HIPed, HT1 and HT2 processed samples in both XY- and Z-directions.

To analyse the effect of 100 MPa pressure on anisotropic behavior in tensile
characteristics, a deeper analysis was performed comparing HIP and HT1 where
both processes were performed at 1200 °C. It was found that the UTS and YS
values in the XY-direction of the HT1 processed sample were greater, while they
were lower in the Z-direction when the tensile tests of the HT1 processed and
HIPed samples were compared each other. The distribution of bands in both the
XY- and Z-directions following annealing heat treatment was the principal cause of
anisotropy in mechanical properties as discussed earlier. Graphs in Figure 4.46
were plotted to demonstrate anisotropy in the mechanical properties. Figure 4.46
(a) provides the ratio of Z-direction UTS and YS values to the XY-direction. The
same ratio is presented for E1.% in Figure 4.46 (b). In both graphs, the examination
of the XY/Z ratio's deviation from 1 aimed to detail the dependence of mechanical
properties on the manufacturing direction. The XY/Z ratio for the HIP sample was
nearly 1 in both room temperature and 700 °C tensile tests, demonstrating that
anisotropy was almost completely eliminated after HIP. On the other hand, after
the HT1 process the XY-direction UTS, YS, and El.% values were higher than the
Z-direction in both room temperature and 700 °C tensile testing indicating a higher

anisotropy. At 800 °C, all samples ductility fractured with exhibiting an entirely
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different fracture character than at room temperature and 700 °C. As a result of

this, the influence of anisotropy was not evaluated for the 800 °C testing.
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Figure 4.46: Mechanical property anisotropy diagrams of XY/Z ratio for; (a)
XYUTS/ ZUTS and XYYS/ ZYS and (b) XYEl_%/ZEl_%.

4.7.2.6 Overview of Fracture Surfaces

The analysis of fracture surfaces was conducted comprehensively for the samples
tested at room temperature, 700, and 800 °C. The fracture surface of the samples
tested at room temperature are presented in the previous sections. Accordingly, it
was observed that the fracture surfaces obtained from the room temperature tensile
tests were relatively flat and the fractures occurred perpendicular to the direction of
the tensile test. This indicates that the fractures exhibited a highly brittle behavior
independent of the secondary thermal treatment applied. The fracture surfaces of
the as-built samples in the XY- and Z-directions, shown in Figure 4.21 and Figure
4.22 respectively, exhibit traces of crack initiation and catastrophic fracture. Both
XY- and Z-direction samples show highly flat fracture surfaces with the occurrence
of transgranular cracks. In the as-built XY-direction sample presented in Figure

4.21 (b), the aluminum content difference on both sides of the microcrack was
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found to be an average of 9.68 wt.% based on EDS measurements. On the other
hand, the aluminum difference in the microcrack of the as-built Z-direction sample
shown in Figure 4.22 (b) was determined to be an average of 11.85 wt.%. This
finding confirms, as illustrated in Figure 4.24, that the cracks propagate through the
chemical composition difference between the y grains and the fine grains. The
exceptional brittleness observed in the Z-direction sample is attributed to the
aluminum difference at the interface of the coarse y bands and the fine region,

which extend perpendicular to the direction of the tensile test.

In the HIPed samples, shown in Figure 4.28 and Figure 4.29 for the XY- and Z-
directions respectively, the formation of coarse y colonies is observed on the
fracture surfaces. However, in the HIPed sample, unlike the as-built and HT1
samples, the y colonies in the Z-direction sample were almost randomly distributed
throughout the microstructure instead of banding at regular intervals (Figure 4.9
(d)). As shown in Figure 4.28 (c¢) and Figure 4.29 for the high-magnification
microcracks of the HIPed sample in the XY- and Z-directions, respectively,
cleavage occurs between the y grains. The aluminum content on both sides of the
microcrack tips differs by 2.68 wt.% for the XY-direction and 2.77 wt.% for the Z-
direction. The EBSD phase map in Figure 4.12 (b) demonstrates the distribution of
the o, phase along the y grain boundaries. The presence of o, grains at the grain
boundaries of the coarse y grains is responsible for the cleavage on the fracture

surfaces.

The fracture surfaces of the HT1 XY- and Z-direction samples tested at room
temperature are illustrated in Figure 4.34 and Figure 4.35, respectively. In both
HT1 samples, fracture initiation sites were observed clearly, indicating catastrophic
failure similar to the as-built samples. EDS analyses were conducted on both sides
of a crack for the HT1 samples. It was found that the chemical composition on two
sides of the crack was similar for both HT1 building directions. The aluminum
content was determined to be 27.42 + 0.72 wt.% and 28.16 +£0.93wt.% on two sides
of the microcrack in the HT1 XY-direction sample. Similarly, in the HT1 Z-

direction sample, the aluminum content was measured as 28.07 + 0.64 wt.% and
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28.47 £ 0.59 wt.%. The HT1 heat treatment resulted in chemical homogenization,
which effectively inhibited the rapid propagation of the crack especially in the as-

built Z-direction sample.

After the HT2 annealing heat treatment, the microstructure of the samples
transformed into a fully lamellar structure, as observed in Figure 4.9 (g) and (h).
Consequently, the fractured surface texture of the HT2 processed XY- and Z-
direction samples exhibited distinct characteristics with showing crack initiation
from alternating lamellae which was different from the fracture behavior observed
in the other samples. The fracture surfaces of the HT2 samples appeared extremely
flat as shown in Figure 4.40 and Figure 4.41 for XY- and Z-direction samples,
respectively. Fracture surfaces revealed translamellar fractures across the lamellae,
accompanied by concurrent interface delamination. EDS analyses were performed
on both sides of a crack in the HT2 XY- and Z-direction samples. The EDS
measurement of the crack in the HT2 XY-direction sample revealed an average
aluminum content of 32.37 £ 0.71 wt.% and 32.01 + 0.97 wt.% on each side of the
crack. In contrast, the aluminum content slightly differed between the two sides of
the crack in the HT2 processed Z-direction sample, with average values of 30.10 +

1.08 wt.% and 27.79 £ 0.96 wt.%.

Fracture surfaces obtained from the 800 °C tensile tests of the samples are shown
in Figure 4.47. The areas where microcracks occurred on the fracture surfaces were
also examined at higher magnifications and EDS measurements were conducted on
both sides of the microcracks. As a beginning, all samples except HT2 fractured in
a cup and cone formation when the as-built, HIPed and HT1 samples were tested at
800 °C. The fracture surfaces of the 800 °C tensile tests are shown in Figure 4.47,
where all the samples exhibited microvoid coalescence, indicating plastic
deformation except for the HT2 sample. In particular, in the the XY-direction as-
built, HIPed and HT1 samples, as shown in Figure 4.47 (a), (c), and (e)
respectively, irregular-shaped micro cavities were observed on both sides of the
microcracks. In the Z-direction as-built, HIPed and HT1 samples, as shown in

Figure 4.47 (b), (d), and (f) respectively, the presence of y cleavage was noticeable
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besides the ductile fracture. The reason for the Z-direction as-built, HIPed and HT1
samples exhibiting lower elongation compared to the XY-direction at 800 °C, as
previously illustrated in Figure 4.44 (c), was found to be the separation of y
colonies between each other during the tensile tests. The fracture surfaces of the
HT2 samples, shown in Figure 4.47 (g) and (h), exhibited notable differences
compared to all other samples, featuring very flat surfaces at 800 °C in both the
XY- and Z-directions. On these fracture surfaces, traces of the fully lamellar
microstructure (seen in Figure 4.9 (g) and (h)) that emerged after the HT2 heat
treatment were clearly visible. The tensile tests conducted on the HT2 specimens at
800 °C resulted in a tensile elongation of 4.38 + 0.88% in the XY-direction and
3.75 £ 0.00% in the Z-direction with demonstrating the brittle behavior of the

material even at 800°.
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Figure 4.47: SEM images obtained from 800 °C tensile tests of the fracture
surfaces of; (a) as-built sample in XY-, (b) as-built sample in Z-, (¢c) HIPed sample
in XY-, (d) HIPed sample in Z-, () HT1 sample in XY-, (f) HT1 sample in Z-, (g)

as-built sample in XY-, (h) HT2 sample in XY-, (h) HT2 sample in Z-directions.
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4.8 Thermodynamic Modelling Studies

The Ti-Al binary and Nb/Cr modified Ti-Al-Cr-Nb quaternary phase systems are
shown in Figure 4.48 (a) and (b), respectively. To investigate the effect of pressure
on phase transformations, an additional 100 MPa was introduced to the system with
providing the relevant diagrams for Ti-Al binary and Ti—Al-Cr-Nb quaternary
phase systems illustrated in Figure 4.48 (c¢) and (d), respectively. To ensure
consistency between experimental data and modeling studies, the Ti, Al, Cr, and
Nb ratios presented in Table 4.1 were introduced into the ThermoCalc software. As
shown in the phase diagrams in Figure 4.48, the introduction of 100 MPa HIP
pressure increases the eutectoid temperature of the Ti-Al binary system from
1121.19 °C to 1141.48 °C in Figure 4.48 (a) and (c), respectively and the
temperature of the Ti—Al-Cr-Nb quaternary phase system from 1123.91 °C to
1134.54 °C in Figure 4.48 (b) and (d) respectively, compared to the standard
pressure condition. The Nb/Cr modified TiAl alloy containing 33.06 wt.% Al
undergoes L - L+ —>L+a—-a—>a+y—y+p — v+ + o, phase
transformations under standard pressure, while it enters a single y region under 100
MPa pressure, exhibitingL - L+ —->L+a—-a—-a+y—>y+pB—->y—-7+p

— v+ B + o transformations.

The Ti-Al binary system containing 33.06 wt.% Al consisted of y and a, phases at
RT, while at 1200 °C and 1400 °C, it composed of binary y, a and single a,
respectively as seen in Figure 4.48 (a) and (c). The modelling studies revealed that
the Nb/Cr modified Ti-Al system consisted of y, B and o, phases at room
temperature at both standard and 100 MPa pressure, even though the XRD patterns
and EBSD phase maps, illustrated in Figure 4.4 and Figure 4.12, respectively, only
showed y and o, phases for as-built, HIPed, HT1 and HT2 processed samples. v, B
and a, phases have been detected based on ThermoCalc modelling investigations in
another study but they did not find a f phase in the XRD patterns or the EBSD
analysis [193]. In Figures 3.6 (b) and (d), when the B phase at room temperature

was investigated in detail, it was discovered that the software suggested the
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presence of the Cr element only in the  phase, but not in the y and a, phases. The

inconsistency between the modelling and experimental data for the Nb/Cr modified

Ti-Al system indicates a discrepancy although it is known that the Cr element has a

B-stabilizing effect in titanium alloys [299]. The phase system at 1200 °C

corresponds to the intersection zone of the a + B + vy, a + vy, and v + B

transformations in Figure 4.48 (b) and (d). The system was close to the o + y region

in Figure 4.48 (b) while it was in the y + B region in Figure 4.48 (d) with the

increasing transition temperature due to the impact of 100 MPa. The phase system

at 1400 °C corresponds to the single a phase region in Figure 4.48 (b) and (d).
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Figure 4.48: Binary and quaternary phase diagrams of; (a) Ti-Al binary and (b)
Nb/Cr modified Ti—Al-Cr-Nb quaternary phase systems. Binary and quaternary
phase diagrams at 100 MPa for; (c) Ti-Al binary and (d) Nb/Cr modified Ti—Al-Cr-

Nb quaternary phase systems.

When examining the phase ratios in Table 4.9, it is evident that both the Ti-Al and

Ti48AI2Cr2Nb systems exhibit no significant variations in phase constituents at
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room temperature under a pressure of 100 MPa. The effect of pressure becomes
more pronounced at 1200 °C. In the binary system at 1200 °C and standard
atmospheric pressure, the amount of y phase was calculated to be 88.8%, whereas
under 100 MPa pressure, the y phase content increased to 93.6%. In both cases of
the binary system at 1200 °C, only o phase was present apart from y. With the

nmn

introduction of Nb/Cr, the system at 1200 °C, occurring in the "a + B +7v," "o + v,"
and "y + B" triple intersection region, became more complex. It was found that at
1200 °C in the quaternary system, the pressure of 100 MPa favours the formation
of y similarly to the binary system. At standard atmospheric pressure, the y phase
content was 86.6%, while under 100 MPa pressure, it increased to 98.0% at 1200
°C for quaternary systems. Another difference for both quaternary systems at 1200
°C was the phase constituent other than y. The Ti48AI2Cr2Nb alloy at 1200 °C
contains 13.4% a in standard atmosphere, whereas under 100 MPa pressure, it was
determined to contain 2.0% . Modeling at 1400 °C revealed that both binary and

quaternary systems, under standard atmosphere and 100 MPa pressure, include

100.0% a phase.

Table 4.9: Eutectoid temperature and phase constituent versus temperature
relationship in TiAl and Ti48 AI2Cr2Nb systems calculated in ThermoCalc

Software.
Eutectoid Ph.ase Ph.ase Ph.ase
Temperature Constituents | Constituents | Constituents
at RT at 1200 °C at 1400 °C
. . 0
s'gn?llaiti 1121.19 °C v: 84.8% v: 88.8% o 1000%
pressure ' ap: 15.2% a: 11.2%
Ti-Al at 100 1141.48 °C v: 84.9% v: 93.6% a: 100.0%
MPa pressure ] ap: 15.1% a: 6.4%
Ti48A12Cr2Nb v: 87.3% v: 86.6% a: 100.0%
at standard 112391 °C o 1.4% ',13 '4(y
pressure B: 11.3% 012570
Ti48AI12Cr2Nb v: 87.3% v 98.0% a: 100.0%
at 100 MPa 1134.54 °C o 1.4% B ) '00/
pressure B: 11.3% nene
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4.9 Electron Beam Powder Bed Fusion Double-Scan Studies

In Chapter 4.5, the microstructure analysis of as-built Ti48AI2Cr2Nb produced
through PBF-EB fabrication revealed the presence of spherical pores. These pores
are attributed to gases entrapped during the gas atomization process used for
powder production. When electron beams during PBF-EB fabrication melt the
powders, the trapped gases are released, leading to porosity. Figure 4.8 and Figure
4.9 demonstrate that heat treatments alone are insufficient for pore removal. Even
with optimized PBF-EB process parameters, complete elimination of pores is
unattainable. Figure 4.8 (b) and Figure 4.9 (b) emphasise the importance of using
technologies such as HIP to efficiently remove pores generated during PBF-EB

fabrication..

In Chapter 4.7.2, it was observed that Z-direction samples exhibited premature
failure with considerable variability in room temperature results in the as-built
condition. Subsequent application of heat treatments and HIP allowed the
identification of yielding points in Z-direction samples. The anisotropy in
mechanical properties between the XY- and Z-directions was found to be lower in
HIPed samples compared to heat-treated samples (see Figure 4.46). These findings
emphasize the necessity of subjecting PBF-EB-produced Ti48AI2Cr2Nb alloy to
HIP for critical applications like aviation engines. However, the high operational
costs associated with HIP contribute to an increased overall cost of Ti48AI2Cr2Nb
parts produced via PBF-EB. Additionally, each supplementary operation extends

the transition time from design to final part in industrial applications.

In this part of the study, the objective was to diminish the as-built material's
porosity using the PBF-EB process and to effectively acquire tensile test data in the
Z-direction. Selective rescanning of specific regions within the samples was
conducted as a secondary step, employing distinct process parameters after each
layer was exposed to electron beams during PBF-EB fabrication. This technique,
referred to as "double-scan," aimed to remelt designated areas of each layer and

reheat specific regions. The assumption is that this approach will reduce overall

230



operation time and cost by mitigating the necessity for secondary processes like
HIP. Additionally, the potential exists to generate 'microstructural gradient
materials' by rescanning specific sections of the components. This innovative
approach seeks to broaden the application range of the Ti48AI2Cr2Nb alloy
produced via PBF-EB.

A total of 75 cylindrical-shaped tensile specimens were fabricated in the Z-
direction, utilizing three distinct built strategies illustrated in Figure 4.49. To
ensure consistent and reliable tensile test results, 24 sample groups, with a
minimum of 3 samples each employing different scanning strategies, were
manufactured. Each Z-direction tensile specimen was designed with a diameter of
18 mm and a height of 110 mm. To achieve a homogeneous distribution on the
built platform, specimens were randomly arranged, as depicted in Figure 4.49. A
10 mm section from the top of all 110 mm Z-direction cylinders was removed
using wire-EDM. The removed parts of the samples, measuring 18 mm in diameter
and 10 mm in height, were employed for microstructure examinations, while the
remaining samples, with a height of 100 mm, were utilized for tensile tests. Tensile

tests adhered to the methodologies outlined in Chapter 3.6.2.
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Figure 4.49: Top view of Z-direction double-scan tensile specimens; (a) partial

overlap #1, (b) complete overlap and (c) partial

The initial scans for all samples were conducted using the PBF-EB process

and performed areas were applied, as detailed in Table 4.10. In the Partial Overlap

circle and the outer ring were double-scanned at the same speed as the first melted

areas. The relatively low overlap in the production of these samples, as shown in
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overlap #2.

parameters outlined in Table 3.5. However, distinct secondary scanning parameters
#1 PBF-EB production group, depicted in Figure 4.49 (a), the inner circle or outer

ring was initially scanned. For this group, 1 and 0.5 mm regions between the inner

Figure 4.49 (a), resulted in secondary melting occurring in a narrow area.

Nevertheless, a second preheating was achieved across the entire diameter of the 18



mm sample. This approach aimed to establish a transitional microstructure between

the initially melted areas and subsequent ones, as well as the overlap region.

In the fabrication of Double-Scan Complete Overlap samples, illustrated in Figure
4.49 (b), the effect of a secondary hatch exposure with varying scan speeds along
the 18 mm diameter was executed. Specifically, Sample 09 intentionally underwent
no double-scan exposure after the initial scan to facilitate a comparison between
standard PBF-EB production and the double-scan manufacturing strategy. The
Double-Scan Complete Overlap study incorporated a variation in scanning speed
during the secondary exposure for all samples, resulting in different applied area
energies (Ea), as calculated in Equation 1.3. This approach allowed the observation
of whether porosity in the samples could be effectively mitigated with distinct area
energies. The primary objective with the Double-Scan Complete Overlap samples

was to identify the most suitable scanning speed for the overlap region.

In the Double Scan Partial Overlap #2 study, illustrated in Figure 4.49 (c), the
entire surface of the 18 mm diameter sample was initially produced, followed by a
second scan of either the inner circle or the outer ring at varying speeds. This
approach was designed to achieve a transitional microstructure in the inner and
outer regions subjected to the second scan and preheating. Additionally, the study
aimed to identify the most appropriate scanning speed for the partially applied

secondary scanning.
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Table 4.10: Double-scan parameters.

SAMPLE OVERLAP D(S)ngl{; -
GROUP NO DIAMETER SCAN STRATEGY SPEED
(mm)
(mm/s)
1 1 Inner circle scanned first, outer ring 1600
scanned last
5 0.5 Inner circle scanned first, outer ring 1600
scanned last
Double- 3 1 Outer ring S(S:zz;lﬁfl(eidﬁlfst; inner circle 1600
Sca.n Outer ring scanned first, inner circle
Partial 4 0.5 scanned last 1600
Ovell‘lap 5 1 Inner circle scanned first, middle ring 1600
Fio scanned second, outer ring scanned last
j 419gl(1r)e) 6 0.5 Inner circle scanned first, middle ring 1600
A7a ) scanned second, outer ring scanned last
Outer ring scanned first, middle ring
7 1 . . 1600
scanned second, inner circle scanned last
Outer ring scanned first, middle ring
8 0.5 . . 1600
scanned second, inner circle scanned last
9 no overlap no double scan O COTDlE
scan
Double- 10 18 Complete double scan 1600
SIFEL 11 18 Complete double scan 2400
Complet
e 12 18 Complete double scan 3200
Overlap 13 18 Complete double scan 4000
(Figure 14 18 Complete double scan 4800
() 15 18 Complete double scan 5600
16 18 Complete double scan 6400
17 6 Inner circle double scanned 1600
Double 18 12 Outer ring double scanned 1600
Scan 19 6 Inner circle double scanned 3200
gart;al 20 12 Outer ring double scanned 3200
Ve; o 21 6 Inner circle double scanned 4800
(Fi_gure 22 12 Outer ring double scanned 4800
4.49 (0)) 23 6 Inner circle double scanned 6400
24 12 Outer ring double scanned 6400

4.9.1 Double Scan Partial Overlap #1 Studies

Initially, the inner circle with a diameter of 6 mm at the center of Sample 01 was

scanned using the PBF-EB parameters specified in Table 3.5, as depicted in Figure
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4.50. Subsequently, after completing the production of the inner circle, the outer
ring with outer and inner diameters of 18 and 5 mm, respectively, was produced
using the same parameters. Figure 4.50 (a) and (b) illustrate that the overlap region,
scanned for the second time, is distinctly separated from the inner circle and outer
ring. Detailed examinations at higher magnifications (Figure 4.50 (c) and (d))
revealed that the overlap region exhibited finer grains compared to other areas of
the sample. However, investigations indicated that the thickness of the overlap
zone, nominally 1 mm, is approximately 0.3 mm. This phenomenon resulted from
partial grain growth in the region adjacent to the inner circle, influenced by heat

during the subsequent scanning of the outer region.

200 pm

Figure 4.50: Optical micrographs of 01* sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) overlap region at 200x and (d) overlap region at 500x
magnifications.
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For Sample 02, the outer ring was produced following the scanning of the inner
circle, similar to Sample 01. However, in contrast to Sample 01, the inner diameter
of the outer ring for Sample 02 was 5.5 mm, and the thickness of the overlap area
was reduced to 0.5 mm. Figure 4.51 (a) and (b) reveal lack-of-fusion defects and
pores in the overlap region. Additionally, the microstructural transition in the
overlap region is less clearly observable in the images presented in Figure 4.51 (c)

and (d), which depict larger magnifications.

200 pm

Figure 4.51: Optical micrographs of 02" sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) overlap region at 200x and (d) overlap region at 500x
magnifications.

Sample 03 followed a different scanning order, where the outer ring was produced

first, followed by the fabrication of the inner circle. This is in contrast to Samples
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01 and 02, where the inner circle was scanned first. The microstructure of Sample
03 is depicted in Figure 4.52. In this sample, manufactured with an outside-inside
production principle, the thickness of the overlap region was adjusted to be 1 mm.
While the microstructures in Figure 4.52 (a) and (b) exhibit the presence of an
inner circle with a diameter of approximately 6 mm, no apparent microstructural
transition is observed in the overlap region. Moreover, Figure 4.52 (c) and (d), with
larger magnifications, reveal an absence of defects such as lack of fusion and pores

in the overlap region.

200 pm

Figure 4.52: Optical micrographs of 03™ sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) overlap region at 200x and (d) overlap region at 500x
magnifications.
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In Sample 04, produced with an outside-to-inside order, the thickness of the
overlap region between the outer ring and the inner circle was set at 0.5 mm. In the
microstructures shown in Figure 4.53 (a) and (b), pores are notably present,
particularly in the overlap region. However, the amount of unmelted region is less
compared to Sample 02, which also had a 0.5 mm overlap region thickness. This
difference can be attributed to the fact that in Sample 02, the inner circle, produced
first, shrank after solidification, and the 0.5 mm thick overlap was insufficient to
melt some locations. Since the outer ring is produced first in the outside-to-inside
production order in Sample 04, the effect of shrinkage is less pronounced between
the outer and inner regions. Additionally, no distinct transition region is observed

in the microstructures of the overlap region presented in Figure 4.53 (c) and (d).

200 um CEY e 100 pm

Figure 4.53: Optical micrographs of 04" sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) overlap region at 200x and (d) overlap region at 500x
magnifications.
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Sample 05 was manufactured by dividing it into three distinct regions, each with a
1 mm overlap thickness between the inner circle, middle ring, and outer ring. The
manufacturing sequence involved producing the inner circle first, followed by the
middle ring, and finally the outer ring. The inner circle had a diameter of 6 mm, the
outer diameter of the middle ring was set to 12 mm with an inner diameter of 5
mm, resulting in a I mm overlap region with the inner circle. The outer ring had an
outer diameter of 18 mm, an inner diameter of 11 mm, and a 1 mm overlap region
with the middle ring. Figure 4.54 (a) illustrates the overlap region between the
inner circle and the middle ring, while Figure 4.54 (b) represents the region
between the inner circle and the middle ring and between the middle ring and the
outer ring. In Figure 4.54 (¢) and (d), the microstructural transition in the overlap
region is shown at larger magnifications. The production of Sample 05
demonstrated that it is possible to achieve a clear microstructural transition with a 1
mm overlap thickness in fabrications conducted in the inside-outside
manufacturing sequence. It's noteworthy that the number of pores was at its

minimum within the Double-Scan Partial Overlap #01 study for Sample 05.
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Figure 4.54: Optical micrographs of 05" sample that shows; (a) inner circle at 50x,
(b) overlap region and middle ring at 50x, (c) overlap region at 200x and (d)
overlap region at 500x magnifications.

Sample 06, like Sample 05, was composed of three distinct regions and
manufactured in the inside-outside production order. The only difference was the
reduced overlap area thickness of 0.5 mm in Sample 06. The inner circle had a
thickness of 6 mm, the outer diameter of the middle ring was 12 mm with an inner
diameter of 5.5 mm, and the outer diameter of the outer ring was 18 mm with an
inner diameter of 11.5 mm. Figure 4.55 (a) and (b) display overlap regions between
the inner circle-middle ring and middle ring-outer ring, though not as distinctly as
in Figure 4.54 (a) and (b). Optical microscope images in Figure 4.55 (¢) and (d),
taken from the overlap regions and showing larger magnifications, reveal the
absence of a clear microstructural transition in these regions. Additionally, pores

were identified in the overlap areas of Sample 06. In contrast to Sample 05, the
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sample with the highest number of pores in this study was Sample 06. This
suggests that the 0.5 mm overlap thickness was insufficient, and the number of

pores increased as the overlap thickness decreased.

200 pm

Figure 4.55: Optical micrographs of 06™ sample that shows; (a) inner circle at 50x,
(b) overlap region and middle ring at 50x, (c) overlap region at 200x and (d)
overlap region at 500x magnifications.

Sample 07, produced in the outside-to-inside production order, comprised three
regions with a 1 mm overlap thickness between each region. Figure 4.56 (a)
illustrates the transition zone between the inner circle and the middle ring, while
Figure 4.56 (b) displays both the overlap between the inner circle and the middle
ring and the overlap between the middle ring and the outer ring. Although the

regions separated by overlap are clearly visible at lower magnifications, no
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microstructural transition was observed at 200x and 500x magnifications, as
presented in Figure 4.56 (c) and (d), respectively. Additionally, due to the 1 mm

overlap thickness, no unmelted region was observed between the regions.

200 pm

Figure 4.56: Optical micrographs of 07" sample that shows; (a) inner circle at 50x,
(b) overlap region and middle ring at 50x, (c) overlap region at 200x and (d)
overlap region at 500x magnifications.

Sample 08 was composed of three regions—inner circle, middle ring, and outer
ring—with a 0.5 mm overlap thickness between each zone. It was manufactured in
the outside-to-inside production order. Similar to all samples with a 0.5 mm
overlap thickness in the Double Scan Partial Overlap #1 study, pores were present
in the overlap areas. Additionally, a clear transition between the regions was not

observed due to the inadequacy of the 0.5 mm overlap in creating a microstructural
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transition region. Figure 4.57 (a) and (b) depict the inner circle and middle ring,

while Figure 4.57 (c) and (d) show larger magnifications of the transition zones.

Figure 4.57: Optical micrographs of 08" sample that shows; (a) inner circle at 50x,
(b) overlap region and middle ring at 50x, (c) overlap region at 200x and (d)
overlap region at 500x magnifications.

The room temperature tensile test results for the Double Scan Partial Overlap #1
samples are provided in Table 4.11. It is evident that both the tensile and yield
strength of "DS05" were higher than the other samples, attributed to its inner-to-

outer division into three regions scanning strategy with a I mm overlap thickness.

The overall observations from the examination of the Double Scan Partial Overlap

#1 study are as follows:
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ii.

1il.

1v.

Smaller grains were achieved in the overlap region formed by remelting
for the second time.

The transitional microstructure became more apparent as the overlap
region widened from 0.5 mm to 1 mm.

The distinction of the transition zone was less prominent when the outer
ring was produced first. It was noted that the transition region became
clearer when the inner circle was produced first. During PBF-EB
production, the outer ring experiences faster cooling due to the colder
surrounding powders in the powder bed. Conversely, when the inner
circle is produced later, the cooling rate is lower, leading to grain
growth.

Defects such as lack of fusion and porosity were observed when the
thickness of the overlap region was reduced from 1 mm to 0.5 mm.
More defects were particularly found in samples where the inner region
was produced first. It was concluded that a 0.5 mm overlap was
insufficient, resulting from the shrinkage of the melted Ti48AI2Cr2Nb

material during cooling after solidification.
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Table 4.11: Room temperature tensile test results of the double scan partial overlap
#1 samples.

o .
Sample No E (GPa) UTS 0.2% YS  Elongation RA

(MPa)  (MPa) (%) (%)

DS01-2 148.00  560.00 515.00 3.00 3.00
DSO01-3 146.00  535.00 - 2.20 2.00
DS01 Average 147.00 547.50 515.00 2.60 2.50
DS02-1 147.00  590.00 545.00 1.80 3.00
DS02-2 160.00 - - 1.00 1.00
DS02-3 161.00  570.00 525.00 2.20 1.40
DS02 Average 156.00 580.00 535.00 1.67 1.80
DS03-1 147.00  595.00 550.00 1.60 1.40
DS03-2 143.00 - - 2.80 1.60
DSO03-3 158.00  555.00 550.00 2.20 2.00
DS03 Average 149.33  575.00 550.00 2.20 1.67
DS04-1 131.00  530.00 530.00 2.20 1.00
DS04-2 130.00  515.00 515.00 2.60 2.00
DS04-3 170.00 - - 2.60 1.00
DS04 Average 143.67 522.50 522.50 2.47 1.33
DSO05-1 180.00 - - 1.80 0.80
DS05-2 151.00  505.00 495.00 2.80 3.00
DSO05-3 155.00  735.00 685.00 2.80 3.00
DS05-4 138.00  505.00 494.00 1.80 0.40
DSO05-5 129.00  720.00 720.00 1.20 1.40
DSOS Average 150.60 616.25 598.50 2.08 1.72
DS06-1 154.00  540.00 535.00 1.60 1.40
DS06-2 136.00  530.00 525.00 2.20 2.00
DS06-3 147.00 - - 1.80 0.80
DS06 Average 145.67 535.00 530.00 1.87 1.40
DS07-2 131.00  565.00 525.00 2.60 1.40
DS07-3 149.00  570.00 565.00 1.80 1.00
DS07 Average 140.00 567.50 545.00 2.20 1.20
DSO08-1 146.00  535.00 505.00 2.60 1.40
DS08-2 132.00  515.00 505.00 2.80 1.00
DS08-3 150.00  535.00 535.00 1.60 1.20
DS08 Average  142.67 528.33 515.00 2.33 1.20
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4.9.2 Double Scan Complete Overlap Studies

Sample 09, presented in Figure 4.58, was produced without double-scan and served
as a control group. The PBF-EB process parameters outlined in Table 3.5 were
employed in the production of this sample, and no second scanning was performed
on any region afterward. The microstructure and mechanical properties of samples
produced in the same manner as Sample 09 were detailed in Chapter 4.5.1 and

4.7.2.1, respectively.

In the absence of double-scan, the pores formed in the microstructure are clearly
visible in Figure 4.58 (a) at 50x magnification. The duplex-like microstructure,
composed of y/a, lamellae + fine equiaxed y separated by a coarse y colonies with
the typical PBF-EB Ti48AI2Cr2Nb structure, is presented in Figure 4.58 (b), (¢),
and (d) at 200x, 500x, and 1000x magnifications, respectively.

The average maximum pore values reported in the Double-Scan Complete Overlap
Study were determined through pore ratio measurements based on image
processing of optical microscope images captured from the area where pores on the
as-polished surface were most concentrated. The as-polished surface of each
sample was examined at 50x magnification, and pore values were derived from the
average of measurements taken from five different regions. The primary objective
of scanning the entire 18 mm diameter for the second time in this study was to
diminish the need for secondary processes such as HIP by reducing the quantity of
pores present in the single-scanned sample. The porosity amount of sample 09 was

measured to be 0.649%.
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Figure 4.58: Optical micrographs of 09" sample at; (a) 50x, (b) 200x, (c) 500x, (d)
1000x magnifications.

Optical microscope images of Sample 10 are presented in Figure 4.59. The same
PBF-EB parameters as specified in Table 3.5 were applied during the second scan
when producing the 10™ sample. Consequently, a double-scan was conducted over
the entire diameter of the sample at the same scanning speed (1600 mm/s) as the
first scan. Upon examining the microstructure displayed in Figure 4.59, it was
observed that finer equiaxed grains were present compared to Sample 09. The
maximum pore content of Sample 10 was determined to be 0.257%. As evident in
Figure 4.59 (a), which shows the microstructure of Sample 10 at 50x
magnification, the quantity of pores was significantly lower than the sample
without double-scan. The pore value obtained in the 10th sample represented the

lowest amount of pores found in the Double-Scan Complete Overlap Study.
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100 prr

Figure 4.59: Optical micrographs of 10™ sample at; (a) 50x, (b) 200x, (c) 500x, (d)
1000x magnifications.

During the second scanning of Sample number 11, a 50% faster exposure of the
electron beams was executed compared to the first scanning. The double-scan area
energy was also reduced by 50%, as the scanning speed was increased by 50% to
2400 mm/s. The microstructures shown in Figure 4.60 revealed coarser y grains
compared to Sample number 10, although finer grains were observed than in
Sample number 09. Moreover, a slight amount of spherical-shaped pores were
found in the microstructures illustrated in Figure 4.60 (a). The maximum porosity
of the 11th sample was determined to be 0.385%, slightly higher than that of the

10" sample.
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100 prr ; ; 50 um

Figure 4.60: Optical micrographs of 11" sample at; (a) 50x, (b) 200x, (c) 500x, (d)
1000x magnifications.

During the second scan of Sample 12, depicted in Figure 4.61, the scan speed was
doubled (3200 mm/s) in comparison to the initial scan. This adjustment aimed to
reduce the area energy by half and expedite the overall production process.
However, akin to Sample 11, there were fewer coarse y colonies formed compared
to the sample produced without double-scan. Additionally, the quantity of finer
grains was observed to be less than in Sample 10. The pore content of Sample 12

was measured at 0.545% from the as-polished surfaces.
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100 prr 50 um

Figure 4.61: Optical micrographs of 12™ sample at; (a) 50x, (b) 200x, (c) 500x, (d)
1000x magnifications.

Figure 4.62 (a) — (b), (¢) — (d), (e) — (), (g) — (h) illustrate the microstructures of
Samples 13, 14, 15, and 16, respectively. Optical microscope images did not reveal
discernible differences between these samples. In terms of secondary exposure, no
visible alteration in the microstructure was observed when the scanning speed was
2.5 times or higher. This observation was attributed to the insufficient area energy
of the second scan to remelt the material when the scanning speed decreased by
more than 2.5 times. The pore contents for Samples 13, 14, 15, and 16 were

determined to be 0.539%, 0.599%, 0.641%, and 0.582%, respectively.
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Figure 4.62: Optical micrographs of; (a) 13" sample at 50x, (b) 13" sample at
1000x, (c) 14™m sample at 50x, (d) 14™ sample at 1000x, (e) 15™ sample at 50x, (f)
15™ sample at 1000x, (g) 16™ sample at 50x, (h) 16™ sample at 1000x
magnifications.
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The room temperature tensile test results for the Double Complete Overlap samples
are provided in
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Table 4.12. Despite two DS10-1 samples being scrapped during machining and

DS10-3 failed during tensile tests, both the tensile and yield strength of DS10-2

were higher than the other complete overlap samples. The DS10 samples

underwent a complete double scan with the same scan parameters as the first scan.

This likely contributed to a reduction in microspores and an enhancement in

mechanical behavior.

The following conclusions were drawn from the Double Scan Complete Overlap

study:

ii.

iil.

1v.

A decrease in the speed of the secondary scanning corresponded to a
reduction in the amount of pores. Sample 10, with the slowest scanning
speed at 1600 mm/s, exhibited the least porosity (0.257%).

Sample number 09, where no second scanning was applied, displayed
large pores, with a maximum porosity of 0.649%.

Significant reductions in pore amounts were observed only in the 10th
and 11th samples compared to the 09th sample. Pore contents for
samples 12 - 16 ranged between 0.539% and 0.641%.

All samples exhibited a duplex-like microstructure composed of fine
(y/ay lamellae and equiaxed y) and coarse y colonies. However, it was
observed that the amount of coarse colonies decreased with a decrease
in the second scanning speed and an increase in the area energy.
Microstructural refinement was achievable by adjusting the second

scanning process parameters such as scan speed.
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Table 4.12: Room temperature tensile test results of the complete overlap samples.

Sample No E UTS 0.2% YS  Elongation RA
(GPa) (MPa) (MPa) (%) (%)

DS09-1 150.00 - - 1.60 1.00
DS09-2 147.00  530.00 491.00 1.80 2.00
DS09-3 152.00 505.00 477.00 2.80 1.40
DS09 Average 149.67 517.50 484.00 2.07 1.47
DS10-2 147.00 660.00 650.00 1.00 2.00
DS10-3 153.00 - - 2.20 1.00
DS10 Average 150.00 660.00 650.00 1.60 1.50
DSI11-2 145.00 492.00 - 1.00 1.40
DS11-3 133.00 560.00 - 1.20 1.40
DS11 Average 139.00 526.00 - 1.10 1.40
DS12-1 142.00  600.00 575.00 1.60 1.40
DS12-2 147.00 625.00 565.00 1.60 3.00
DS12-3 144.00 570.00 555.00 1.20 1.00
DS12 Average 144.33 598.33 565.00 1.47 1.80
DS13-2 161.00 530.00 - 1.20 1.40
DS13-4 151.00 600.00 540.00 1.20 3.00
DS13 Average 156.00 565.00 540.00 1.20 2.20
DS14-1 142.00  600.00 555.00 2.60 1.00
DS14-2 131.00 535.00 520.00 1.80 1.40
DS14-3 145.00 545.00 530.00 2.60 2.40
DS14 Average 139.33 560.00 535.00 2.33 1.60
DS15-1 151.00 540.00 525.00 2.80 1.40
DS15-2 146.00  540.00 - 1.60 1.40
DS15-3 149.00  520.00 510.00 3.00 2.00
DS15 Average 148.67 533.33 517.50 2.47 1.60
DS16-2 151.00 565.00 500.00 2.20 1.40
DS16-3 156.00 540.00 505.00 2.20 2.00
DS16 Average 153.50 552.50 502.50 2.20 1.70
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4.9.3 Double Scan Partial Overlap #2 Studies

Optical microscope images of the 17th sample are displayed in Figure 4.63.
Following the completion of the first scan over the entire 18 mm diameter of the
sample, only the inner circle with a diameter of 6 mm at the center was subjected to
a second scan with the same process parameters outlined in Table 3.5. The trace of
the inner circle, with a diameter of 6 mm, is distinctly visible in Figure 4.63 (a). In
Figure 4.63 (b), the transition region of the inner circle is illustrated, comprising
extremely fine grains, contrasted with the outer ring, which consists of coarse y
colonies and fine y/a, lamellae. Figure 4.63 (c) illustrates the microstructure of the
inner ring, while Figure 4.63 (d) represents the microstructure of the outer ring,
which was not exposed to electron beams for the second time. Thus, a discernible
microstructural contrast was identified between the outer ring and the inner circle
in a double-scan experiment with a second scan exclusively targeting the inner

circle.
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Figure 4.63: Optical micrographs of 17" sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) inner circle at 1000x and (d) outer ring at 1000x
magnifications.

Initially, the entire diameter of 18 mm was produced, followed by a second scan
specifically targeting the outer ring with an outer diameter of 18 mm and an inner
diameter of 6 mm to manufacture the 18" sample, utilizing the process parameters
outlined in Table 3.5. Figure 4.64 (a) and (b) reveal that no microstructural
transition zone was formed when only the outer ring was subjected to a second
scan, even though the same second scan speed as the 17" sample was employed.
Additionally, no microstructural alterations were observed between the inner circle

and outer ring, as illustrated in Figure 4.64 (c) and (d), respectively.
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Figure 4.64: Optical micrographs of 18" sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) inner circle at 1000x and (d) outer ring at 1000x
magnifications.

When the second scan speed of the inner circle was doubled for the fabrication of
the 19" sample, no transition zones were observed in the microstructures shown in
Figure 4.65 (a) and (b). Additionally, there was no apparent difference between the
microstructures of the inner circle and outer ring, as depicted in Figure 4.65 (c) and
(d), respectively. The same scenario was observed in Sample 20, where the
scanning speed of the outer ring was doubled (Figure 4.66). No microstructural
transitions were identified in either the outer ring or the inner circle of the 20th

sample.
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Figure 4.65: Optical micrographs of 19" sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) inner circle at 1000x and (d) outer ring at 1000x
magnifications.

258



Figure 4.66: Optical micrographs of 20" sample that shows; (a) inner circle at 50x,
(b) overlap region at 50x, (c) inner circle at 1000x and (d) outer ring at 1000x
magnifications.

Figure 4.67 (a) — (b), (c) — (d), (e) — (f), and (g) — (h) display the microstructures of
samples 21, 22, 23, and 24, respectively. While the images at 50x magnification in
Figure 4.67 show the inner circle of the samples, the images at 1000x
magnification represent the overlap regions of each sample. Therefore, the inner
circle is depicted in Figure 4.67 (b) and (d), while the outer ring is illustrated in
Figure 4.67 (d) and (h). However, it was not feasible to discern the differences
between these samples by scrutinizing the optical microscope images. No visible
alterations were observed in the microstructures when the second scanning speed
was 3 times and above. This observation is attributed to the insufficient area energy
of the second scan to remelt the material as the scanning speed decreased by more

than 3 times.
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Figure 4.67: Optical micrographs of; (a) inner circle of 21* sample at 50x, (b) inner
circle of 21% sample at 1000x, (c) inner circle of 22™ sample at 50x, (d) outer ring
of 22™ sample at 1000x, (e) inner circle of 23 sample at 50x, (f) inner circle of
23" sample at 1000x, (a) inner circle of 24* sample at 50x, (b) outer ring of 24*
sample at 1000x.
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The room temperature tensile test results for the Double Scan Partial Overlap #2
samples are presented in
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Table 4.13. It is evident that both the tensile and yield strength of DS17 were the
highest among all double scan samples. This is likely attributed to its high-energy

inner circle double-scan strategy with a 6 mm overlap thickness.

The following conclusions were drawn from the evaluation of the Double Scan

Partial Overlap #2 study:

1. Finer grains were observed to form when only the inner circle with a 6
mm diameter was subjected to electron beam exposure for the second
time.

il. No microstructural transition zone was observed when the outer ring
was chosen as the overlap region.

iil. Scanning the inner circle alone was not only sufficient to create the
microstructural transition zone but also necessary to perform the second
scan with a certain energy density. A microstructural transition was
observed when the second scan was conducted with the same electron
beam speed as the first scan (1600 mm/s), while the same was not

adequate when scanning the outer ring for the second time.
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Table 4.13: Room temperature tensile test results of the double scan partial overlap

#2 samples.
Sample No E UTS 0.2% YS  Elongation RA
(GPa) (MPa) (MPa) (%) (%)
DS17-1 132.00  760.00 710.00 1.80 1.00
DS17-2 118.00 730.00 720.00 1.60 2.40
DS17-3 140.00  745.00 710.00 0.60 1.40
DS17 Average 130.00 745.00 713.33 1.33 1.60
DS18-1 132.00 575.00 570.00 2.80 2.00
DS18-2 151.00 - - 2.60 1.00
DS18-3 145.00 575.00 550.00 2.60 1.40
DS18 Average 142.67 575.00 560.00 2.67 1.47
DS19-1 150.00  520.00 - 2.20 1.60
DS19-2 172.00 580.00 - 1.80 1.40
DS19 Average 161.00 550.00 - 2.00 1.50
DS20-1 152.00 540.00 540.00 1.00 1.40
DS20-2 143.00 560.00 530.00 2.20 2.00
DS20-3 144.00 545.00 - 1.80 1.00
DS20 Average 146.33 548.33 535.00 1.67 1.47
DS21-1 142.00 525.00 - 2.20 0.40
DS21-2 174.00  545.00 545.00 2.60 1.00
DS21-3 162.00 550.00 545.00 2.20 2.00
DS21-4 156.00 540.00 - 1.80 1.20
DS21 Average 158.50 540.00 545.00 2.20 1.15
DS22-1 175.00 535.00 - 2.60 1.00
DS22-2 178.00 535.00 530.00 2.20 1.40
DS22-3 140.00 555.00 550.00 3.00 1.00
DS22 Average 164.33 541.67 540.00 2.60 1.13
DS23-1 161.00 570.00 545.00 1.00 2.00
DS23-2 172.00 510.00 - 1.00 2.00
DS23-3 150.00 555.00 545.00 1.00 0.40
DS23 Average 161.00 545.00 545.00 1.00 1.47
DS24-1 158.00 545.00 535.00 1.00 3.00
DS24-2 141.00  520.00 510.00 0.60 2.00
DS24-3 158.00 515.00 515.00 1.00 1.40
DS24 Average 152.33 526.67 520.00 0.87 2.13
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494 Overview of Double-Scan Studies

Evaluations were conducted on 24 distinct samples comprising PBF-EB scanning
strategies in the double-scan study. The studies were subdivided into three groups
for the production of microstructure and tensile samples through the application of
secondary scans. Given that the primary objective of this study was to mitigate
premature failure in the PBF-EB as-built sample along the production direction,
tests were exclusively carried out on Z-direction tensile samples. Table 4.14
presents the top three specimens with the highest mechanical strength according to

tensile tests in the entire double-scan study.

No premature failure was observed in the DS09 specimens produced as a reference
sample. However, precise data could not be obtained as the as-built Z specimen
failed before reaching the yielding point during the tensile tests in Chapter 4.7.2.1.
DS09 samples were manufactured with the PBF-EB parameters outlined in Table
3.5 and did not undergo any double scan. In comparison to the as-built Z samples
in Chapter 4.7.2.1, DS09 samples produced with the same PBF-EB process
parameters and scanning strategy exhibited superior strength values. As explained
in Chapter 3.2, preheating with lower energy density is applied before the samples
are melted during PBF-EB production. Therefore, secondary preheating is applied
to the samples remelted by double scanning and also to the surrounding areas of the
sample. Although no secondary melting or preheating is applied to DS09, it is
possible that DS09 has been influenced by heat, leading to a change in its
microstructure as if it has been heat-treated due to the preheating applied to the
neighboring samples. DS09 results are not included in Table 4.14 as they do not
represent standard PBF-EB production from a single-step preheat and melt scan

strategy.
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Table 4.14: Room temperature tensile test results for samples that have highest
strength values in double-scan studies.

Sample Test E UTS 0.2% YS Elongation RA
Name Temperature (GPa) (MPa) (MPa) (%) (%)
DS05 RT 150.60 616.25  598.50 2.08 1.72
DS10 RT 150.00 660.00  650.00 1.60 1.50
DS17 RT 130.00 745.00  713.33 1.33 1.60

Figure 4.68 and Figure 4.69 depict the cross-sections parallel to the build direction
(and parallel to the tensile test direction) microstructures of the as-built sample
alongside DSO05, 10, and 17 specimens. As elucidated in Chapter 4.5.1, in the
parallel to the build direction section of the as-built sample, the y bands align
perpendicular to the manufacturing direction, as well as the tensile test direction.
The studies revealed differences in both the aluminum content (see Chapter 4.5.1)
and the hardness (see Chapter 4.7.1) of the y bands compared to the fine region.
During the tensile tests explained in Chapter 4.7.2.1, it was observed that the as-
built samples produced in the Z-direction ruptured from the interface of the coarse

v bands and the fine region.

In the double-scan study, an observation was made that the banding composed of
coarse y grains decreased when examining the microstructures parallel to the
tensile direction of the first three samples with the highest strength at 50x (Figure
4.68) and 200x (Figure 4.69). Consequently, the strength values for DS05, 10, and

17 samples were higher than those of the other double-scanned samples.

The DS05 sample, as illustrated in Figure 4.68 (b) and Figure 4.69 (b), was
produced by dividing it into three separate regions, as outlined in Chapter 4.9.1. A
Imm thick double-scan was applied between the three regions, with the entire
surface preheated before each double-scan. Figure 3.4 illustrates that the
temperature of the sample surface increased above 1060 °C due to the applied
preheating during each double-scan. Consequently, it was observed that the y bands
of the DS0O5 sample were homogeneously distributed compared to the as-built

condition. Additionally, grain coarsening was noted due to the three stepped
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preheating during the electron beam scanning of three stepped melting in DS05

samples.

In the production of the DS10 sample, as depicted in Figure 4.68 (¢) and Figure
4.69 (c), the entire surface of the 18 mm diameter sample was initially scanned, as
detailed in Chapter 4.9.2. Subsequently, a double-scan was performed with a scan
speed of 1600 mm/s across the entire surface. Examination of the DS10 sample at
50x magnification revealed a reduction in the y banding but still present in the
structure (Figure 4.68). Additionally, it was observed that y colonies were
coarsened, similar to DS0S5. The analysis conducted on the DS10 sample indicated
that the second scanning of the entire surface in PBF-EB production increased

strength but did not address the premature failure issue.

In the production of the DS17 sample, as illustrated in Figure 4.68 and Figure 4.69
(d), after initially producing the entire 18 mm surface, the 6 mm diameter center of
the sample was double-scanned using the same PBF-EB parameters, as explained
in Chapter 4.9.3. Microstructure images from the double-scan part of the sample
revealed the removal of y banding. Examinations indicated that there was no
coarsening in the DS17 sample, distinguishing it from the other samples.
Consequently, as presented in Table 4.14, the strength values for DS17 were

superior to all other samples.
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Figure 4.68: Optical microscopy images in parallel to build direction of; (a) as-
built, (b) DS05, (¢) DS10, (d) DS17 samples at 50x magnification.
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Figure 4.69: Optical microscopy images in Z-direction of; (a) as-built, (b) DSOS,
(c) DS10, (d) DS17 samples at 200x magnification.

It is well-established that aluminum evaporation occurs during PBF-EB production
conducted under vacuum conditions. This phenomenon is expected to be more
prevalent in double-scan samples compared to as-built samples. There is a
hypothesis suggesting that the evaporation may be most significant in DS17
samples, particularly where y banding has been completely eliminated. To gain a
more thorough understanding, further examinations of double-scan samples are
recommended, utilizing SEM (Scanning Electron Microscopy), EDS (Energy
Dispersive Spectroscopy), and EBSD (Electron Backscatter Diffraction) analyses.
These advanced techniques can provide detailed insights into the microstructure
and elemental composition of the samples, shedding light on the effects of the

double-scan process and potential aluminum evaporation.

268



CHAPTER 5

CONCLUSION

The main objective of this study was to investigate the effect of secondary

treatments on the room and elevated temperature mechanical properties of

Ti48AI2Cr2Nb alloy via the interactions between the resulting microstructure,

fracture behaviour and crystallographic texture. The key outcomes of the

investigation can be outlined as follows:

1.

The microstructures of as-built cross-sections, both perpendicular and
parallel to the building direction (BD), displayed similar features. In both
orientations, a duplex-like microstructure consisting of y/a, lamellae, fine
equiaxed y grains, and relatively coarse equiaxed y grains was observed.
However, in the parallel-to-build direction cross-section, the as-built
samples exhibited coarse y bands aligned perpendicularly to the PBF-EB
build direction and tensile load direction. This banded microstructure
contributed to the initiation of severe cracks between the coarse y colonies

and the regions containing fine y/a, lamellae as well as equiaxed y grains.

Microhardness measurements indicated a considerable disparity of
approximately ~98 HVO0.1 between the coarse y grains and fine y/a»
lamellae within the Ti48AI2Cr2Nb alloy samples. This notable difference
in microhardness values led to the preferential propagation of cracks
between the weaker y grains and the stronger y/a, lamellae. The significant
contrast in microhardness between these regions played a pivotal role in
influencing the path of crack propagation and, consequently, the overall

fracture behavior of the material.
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3. The examination of the cross-sections of the tensile tested samples provided
more information into the crack propagation mechanism. The cracks were
discovered to originate from locations with a significant difference in
aluminium concentration and mechanical characteristics, notably between
the coarse grains and the fine lamellar region. Cracks were initiated and
propagated by the difference, which produced a zone of concentrated stress.
The catastrophic nature of the fracture became apparent when the banded

microstructure was orientated perpendicular to the tensile test direction.

4. The banded structure became more evident after annealing 1 (HT1) at 1200
°C due to grain coarsening, and the <001> texture observed in as-built
samples intensified. While HIPing at 1200 °C under 100 MPa resulted in
greater coarsening of the microstructure (both y and a, grain sizes), it also
eliminated the texture and banded structure. Annealing 2 (HT2) at 1400 °C,
on the other hand, produced a substantially stronger <001>//BD texture,

almost four times higher than that of the as-built condition.

5. The HIPing process increased the a, phase content from 1.7% to 3.7%, as
revealed by EBSD phase mapping. In contrast, the HT1 process, which was
at the same treatment temperature with HIP, did not exhibit a noticeable
increase in the quantity of a, phase based on EBSD examination. The finer
o, phase in the HT1 processed samples likely exerted a pinning effect,
inhibiting grain growth, particularly in finer microstructure regions.
Elevating the annealing temperature to 1400 °C resulted in a transformation
of the microstructure from duplex-like to fully lamellar. Subsequent cooling
from the 1400 °C processing temperature led to the formation of a, phase,

reaching a content of 9.0% in the HT2 processed samples.
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6. Both HIPing and HT1 processes led to a reduction in dislocation density
and inherent strain, as evidenced by the decrease in the KAM number
fraction and GOS values. The HT1 and HT2 processed samples achieved
full recrystallization, while the recrystallization fraction in the HIPed
sample was 80.5%. Grain coarsening during HIPing resulted in a higher
misorientation angle, contributing to a lower recrystallization fraction. In
addition, HT2 resulted in higher KAM and GOS values compared to HIPed
and HT1 annealed conditions, likely due to an increased presence of a,

lamellae hindering the recrystallization process.

7. The as-built sample exhibited high brittleness in room temperature tensile
tests, exhibiting fracture without yielding in Z-direction (parallel to BD)
tensile test specimens. Subsequent HIP and HT1 processes contributed to
the reduction of KAM and GOS values, resulting in yield strength (YS) of
514.49 + 6.10 MPa and 474.58 + 21.23 MPa, respectively. The strength
variation between HIPed and HT1 samples can be attributed to various
factors, including the elimination of the banded structure, less intensified
texture in <001>//BD, along with higher amount of o, phase and twin
boundary fraction in the HIPed samples. Furthermore, HT2 processed Z-
direction samples exhibited a YS of 362.00 + 2.12 MPa at room
temperature, mainly due to the fully lamellar microstructure consisting of y
+ a, lamellae. The absence of a layered microstructure in HT2 samples led
to a decrease in anisotropy in the mechanical properties between XY- and

Z-directions.

8. The HT1 process, conducted at the same temperature as HIP, led to
incomplete elimination of mechanical anisotropy, with the Z-direction
displaying greater brittleness compared to the XY-direction. The y banding
observed in the Z-direction of the as-built sample remained apparent after

HT]1 treatment. EBSD phase mapping showed a preferential distribution of
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10.

1.

the o, phase in the fine lamellar region, unlike the homogeneous

distribution observed in the HIPed sample.

The as-built, HIPed, and HT1 processed samples, initially found to be
highly brittle in room temperature tensile tests, demonstrated significant
ductility and underwent plastic deformation during tensile testing at 800 °C.
However, the HT2 processed sample did not exhibit ductile fracture
behavior at either room temperature or high temperatures. This behavior
was ascribed to the presence of Nb microsegregation in the HT2 sample.
Despite a one-third decrease in yield strength compared to the as-built
sample, it was observed that the material could still be utilized at 800 °C

after the HT?2 treatment.

Crack propagation in the as-built samples was localized between the banded
structures with the softer and coarser y phase region and the harder and
finer y/a, lamellae region characterized by a contrast in both hardness and
aluminum content. This difference displayed approximately 10 wt.%
variation in aluminum content between these microstructurally distinct
regions. The implementation of post-processing treatments, such as HIPing
or annealing, played a crucial role in minimizing the chemical composition
variation across the fine and coarse regions, ultimately contributing to a

reduction in catastrophic brittle fracture.

In addition to the effect of the secondary treatments, this study also
highlighted the potential for enhancing mechanical performance,
particularly in the Z-direction, through modifications in the PBF-EB
fabrication strategy. The implementation of Double-Scan (DS) studies
aimed to address the premature failure observed in Z-direction samples,

with the objective of mitigating the sandwich-like (banded) structure
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without resorting to post-processing techniques like HIP. Additionally,
these studies were instrumental in reducing the as-built porosity of 0.649%.
Notably, the Double-Scan samples, specifically DSO05, 10, and 17,
demonstrated superior yield and tensile strength compared to other samples.
Furthermore, the Double-Scan samples did not exhibit premature failure, a
significant improvement over the as-built samples manufactured in the Z-

direction.

12. Grain refinement was evident in the rescanned overlap area of the DS05
sample. However, in other regions which were not subjected to a second-
time melting, grain coarsening occurred. This coarsening was attributed to

the cyclic preheating during the further scanning process for each layer.

13. The full double scanning of the entire surface in the 10" DS sample led to
higher strength compared to other complete-ovelap-scanned samples.
However, intrinsic brittleness was not entirely eliminated, and there was a
slight coarsening observed in the y colonies, contributing to premature

failure of some of the samples.

14. DS17 demonstrated the highest yield and tensile strength among the various
double-scan samples. The production of DS17 resulted in no banded
microstructure or coarsening. This suggests that partial double-scanning of
the inner diameter of a cylinder could be an effective method for enhancing

the mechanical properties of PBF-EB-produced Ti48A12Cr2Nb alloy.

The following future studies are recommended to further investigate the effect of
secondary thermal treatments and/or PBF-EB production strategy on the

mechanical properties of Ti48AI2Cr2Nb alloy.
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e More research is needed to understand the mechanism that prevents the
ductile transition in HT2 samples at 800 °C. While HT2 treated samples
exhibit favourable behavior at 800 °C, with room temperature strength ~200
MPa less than the as-built sample in the XY-direction, additional creep tests
are strongly advised to assess its feasibility for elevated temperature

applications.

e The occurrence of the B2 phase was calculated in thermodynamic
modelling studies due to the presence of Cr. However, neither XRD nor
EBSD investigations revealed the presence of the B2 phase. Further
research utilising transmission electron microscopy (TEM) would be
beneficial in order to detect the existence of B2 precipitates and gain a

better understanding of the microstructure.

e HIP appears to be the only method capable of addressing certain drawbacks
arising in PBF-EB production, such as reducing microstructural texture,
eliminating porosity, and decreasing mechanical anisotropy. Therefore, it is
recommended to conduct fatigue tests, especially at elevated temperatures,
to further evaluate the performance and reliability of the material after HIP

treatment.

PBF-EB double-scan production strategy has proven to be an excellent alternative
to traditional post-thermal processes, effectively reducing porosity and increasing
strength, particularly in the Z-direction. However, the potential loss of aluminum
during the second-time melting on previously produced surfaces needs careful
consideration. Conducting a comprehensive analysis using SEM and EBSD would

provide valuable insights into the microstructure of these double-scanned samples.
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APPENDICES

A. Coefficient of Thermal Expansion of Electron Beam Powder Bed Fusion

Fabricated Ti48AI2Cr2Nb

Table A.5.1: Coefficient of thermal expansion of PBF-EB fabricated

Ti48AI2Cr2Nb.
XY Average ’ XY Extrapolated ’ Z Average ‘ Z Extrapolated
Temperature (°C) CTE (10%/K)

30 6.32220 9.83221 6.30209 9.89618

40 7.97353 9.87459 8.00628 9.93491

50 8.63398 9.91698 8.66893 9.97364

60 9.10029 9.95936 9.13123 10.01236
70 9.36921 10.00174 9.39278 10.05109
80 9.57046 10.04412 9.58958 10.08982
920 9.72301 10.08651 9.73855 10.12855
100 9.84217 10.12889 9.85358 10.16727
110 9.96860 10.17127 9.97671 10.20600
120 10.06250 10.21366 10.07215 10.24473
130 10.14435 10.25604 10.15822 10.28345
140 10.22467 10.29842 10.23663 10.32218
150 10.28972 10.34080 10.30142 10.36091
160 10.35222 10.38319 10.36328 10.39964
170 10.41208 10.42557 10.42368 10.43836
180 10.46817 10.46795 10.47723 10.47709
190 10.52365 10.51034 10.53145 10.51582
200 10.56892 10.55272 10.57058 10.55454
210 10.58935 10.59510 10.58712 10.59327
220 10.62700 10.63748 10.62102 10.63200
230 10.67028 10.67028 10.66417 10.66417
240 10.71318 10.71318 10.70788 10.70788
250 10.75463 10.75463 10.75082 10.75082
260 10.79650 10.79650 10.79430 10.79430
270 10.83287 10.83287 10.83293 10.83293
280 10.86867 10.86867 10.86842 10.86842
290 10.90913 10.90913 10.90943 10.90943
300 10.94497 10.94497 10.94597 10.94597
310 10.97863 10.97863 10.98003 10.98003
320 11.01117 11.01117 11.01182 11.01182
330 11.04092 11.04092 11.04118 11.04118
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340
350
360
370
380
390
400
410
420
430
440
450
460
470
480
490
500
510
520
530
540
550
560
570
580
590
600
610
620
630
640
650
660
670
680
690
700
710
720
730
740
750

11.06937
11.09580
11.12570
11.15315
11.18028
11.20703
11.23452
11.26025
11.28537
11.31078
11.33457
11.35827
11.38215
11.40225
11.42655
11.44888
11.47118
11.49737
11.52188
11.54603
11.56947
11.59267
11.61698
11.64190
11.66497
11.68733
11.70960
11.73545
11.76072
11.78768
11.81557
11.84453
11.87302
11.90222
11.93210
11.96225
11.99097
12.01892
12.04710
12.07717
12.10815
12.14108

11.06937
11.09580
11.12570
11.15315
11.18028
11.20703
11.23452
11.26025
11.28537
11.31078
11.33457
11.35827
11.38215
11.40225
11.42655
11.44888
11.47118
11.49737
11.52188
11.54603
11.56947
11.59267
11.61698
11.64190
11.66497
11.68733
11.70960
11.73545
11.76072
11.78768
11.81557
11.84453
11.87302
11.90222
11.93210
11.96225
11.99097
12.01892
12.04710
12.07717
12.10815
12.14108

316

11.06988
11.09633
11.12618
11.15427
11.18162
11.20885
11.23553
11.26160
11.28693
11.31228
11.33637
11.35998
11.38333
11.40397
11.42823
11.45033
11.47295
11.49958
11.52368
11.54813
11.57158
11.59460
11.61927
11.64355
11.66633
11.68835
11.71005
11.73553
11.76045
11.78653
11.81395
11.84260
11.87097
11.90022
11.92973
11.95977
11.98833
12.01612
12.04352
12.07363
12.10398
12.13615

11.06988
11.09633
11.12618
11.15427
11.18162
11.20885
11.23553
11.26160
11.28693
11.31228
11.33637
11.35998
11.38333
11.40397
11.42823
11.45033
11.47295
11.49958
11.52368
11.54813
11.57158
11.59460
11.61927
11.64355
11.66633
11.68835
11.71005
11.73553
11.76045
11.78653
11.81395
11.84260
11.87097
11.90022
11.92973
11.95977
11.98833
12.01612
12.04352
12.07363
12.10398
12.13615



760
770
780
790
800
810
820
830
840
850
860
870
880
890
900
910
920
930
940
950
960
970
980
990
1000

12.17347
12.20550
12.23773
12.27058
12.30312
12.33750
12.37132
12.40552
12.43977
12.47563
12.51282
12.55037
12.58795
12.62568
12.66383
12.70238
12.74122
12.78025
12.82055
12.86093
12.90158
12.94245
12.98305
13.02167
13.06268

12.17347
12.20550
12.23773
12.27058
12.30312
12.33750
12.37132
12.40552
12.43977
12.47563
12.51282
12.55037
12.58795
12.62568
12.66383
12.70238
12.74122
12.78025
12.82055
12.86093
12.90158
12.94245
12.98305
13.02167
13.06268
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12.16800
12.19930
12.23098
12.26358
12.29563
12.32990
12.36393
12.39782
12.43222
12.46807
12.50510
12.54275
12.58037
12.61797
12.65580
12.69383
12.73225
12.77072
12.81037
12.85000
12.89028
12.93130
12.97220
13.01152
13.05288

12.16800
12.19930
12.23098
12.26358
12.29563
12.32990
12.36393
12.39782
12.43222
12.46807
12.50510
12.54275
12.58037
12.61797
12.65580
12.69383
12.73225
12.77072
12.81037
12.85000
12.89028
12.93130
12.97220
13.01152
13.05288
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