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ABSTRACT 

 

MECHANICAL PROPERTIES OF OXIDE DISPERSION 

STRENGTHENED INCONEL 625 ALLOY PRODUCED BY LASER 

POWDER BED FUSION 

 

 

Demirci, Kadir Tuĵrul 

Master of Science, Metallurgical and Materials Engineering 

Supervisor: Prof. Dr. Arcan F. Dericioĵlu 

Co-Supervisor: Dr. Selen Nimet G¿rb¿z G¿ner 

 

 

November 2024, 139 pages 

 

The global energy demand, especially in developing countries, is expected to 

increase by 50% in the coming decades due to improving living standards. Nuclear 

energy, especially produced by Generation IV reactors, will have a crucial role in 

meeting this demand. Among these, molten salt reactors (MSRs) stand out for their 

safety, efficiency, and versatility. However, current structural materials fail under 

the extreme conditions of MSRs, including high temperatures, radiation, and 

corrosive environments. Nickel-based superalloys are promising candidates for these 

challenges due to their high-temperature strength, resistance to radiation and 

corrosion. Oxide dispersion strengthening (ODS) can further enhance these 

properties, while additive manufacturing (AM) offers a sustainable route to produce 

complex ODS alloy geometries. In this study, a new ODS Inconel 625 (IN625) alloy, 

containing 0.3 wt% Y O  and 0.4 wt% Hf has been developed and produced, using 

laser powder bed fusion (L-PBF), which is one of the most important AM methods. 

A production matrix with varying laser power and scan velocity has led to over 

99.9% densification for ODS IN625. Microstructural analysis revealed carbides and 

coarse oxide formations, while nano-oxides were observed using TEM. Two 

different heat treatments containing solutionizing and aging (SA), and direct aging 
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(DA) have been applied to the samples Among heat-treated materials, DA applied 

ODS samples possessed the optimal mechanical properties at both room temperature 

and at 700 ÁC. For comparison, same mechanical tests have been applied on a 

standard IN625 produced by L-PBF, along with a conventionally produced IN625 

rod. 

 

Keywords: Nuclear Energy, Inconel 625, Oxide Dispersion Strengthening, Laser 

Powder Bed Fusion, Mechanical Properties. 
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¥Z 

 

OKSĶT DĶSPERSĶYONU ĶLE G¦¢LENDĶRĶLEN LAZER TOZ YATAK 

F¦ZYONU ĶLE ¦RETĶLMĶķ INCONEL 625 ALAķIMLARININ MEKANĶK 

¥ZELLĶKLERĶ 
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Tez Yºneticisi: Prof. Dr. Arcan F. Dericioĵlu 

Ortak Tez Yºneticisi: Dr. Selen Nimet G¿rb¿z G¿ner 

 

 

Kasēm 2024, 139 sayfa 

 

¥zellikle geliĸmekte olan ¿lkelerde enerji talebinin, yaĸam standartlarēnēn 

y¿kselmesiyle birlikte ºn¿m¿zdeki on yēllarda %50 oranēnda artmasē 

beklenmektedir. ¥zellikle IV. Nesil reaktºrler tarafēndan ¿retilen n¿kleer enerji, bu 

talebin karĸēlanmasēnda kilit  bir rol oynayacaktēr. Eriyik tuz reaktºrleri (MSR), eĸsiz 

g¿venlik, verimlilik ve ­ok yºnl¿l¿k ºzellikleri nedeniyle yeni nesil reaktºrler 

arasēnda ºnemli bir ilgi gºrmektedir. Bununla birlikte, mevcut yapēsal malzemeler, 

y¿ksek sēcaklēklar, radyasyon ve korozif ortamlar gibi MSRôlerin ekstrem 

koĸullarēna dayanamaz. Nikel esaslē s¿peralaĸēmlar, y¿ksek sēcaklēk dayanēmlarē ve 

radyasyon ile korozyon diren­leri sayesinde bu zorluklar i­in g¿­l¿ adaylardēr. Oksit 

dispersiyon g¿­lendirme (ODS), bu ºzellikleri daha da geliĸtirebilirken, eklemeli 

imalat (AM) karmaĸēk ODS alaĸēm geometrilerinin ¿retilmesi i­in s¿rd¿r¿lebilir bir 

yºntem sunmaktadēr. Bu ­alēĸmada, en ºnemli katmanlē imalat (AM) 

yºntemlerinden biri olan lazer toz yataĵē f¿zyonu (L-PBF) kullanēlarak, %0.3 aĵērlēk 

oranēnda Y2O3 ve %0.4 aĵērlēk oranēnda Hf i­eren yeni bir ODS Inconel 625 (IN625) 

alaĸēmē geliĸtirilmiĸ ve ¿retilmiĸtir. Deĵiĸken lazer g¿c¿ ve tarama hēzē deĵerlerini 
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i­eren ¿retim matrisi, ODS IN625 i­in %99.9'dan fazla yoĵunluk elde edilmesini 

saĵlamēĸtēr. Mikroyapēsal analiz, karb¿rler ve iri oksit oluĸumlarēnē ortaya 

­ēkarērken, nano oksitler TEM kullanēlarak gºzlemlenmiĸtir. Numunelere 

­ºz¿nd¿rme ve yaĸlandērma ile doĵrudan yaĸlandērma i­eren iki farklē ēsēl iĸlem 

uygulanmēĸtēr. Isēl iĸlem uygulanmēĸ malzemeler arasēnda, doĵrudan yaĸlandērma 

uygulanmēĸ ODS numuneleri hem oda sēcaklēĵēnda hem de 700 ÁC'de en uygun 

mekanik ºzelliklere sahip olmuĸtur. Karĸēlaĸtērma amacēyla, aynē mekanik testler L-

PBF ile ¿retilmiĸ standart bir IN625 ve geleneksel yºntemle ¿retilmiĸ bir IN625 

­ubuĵa da uygulanmēĸtēr. 

Anahtar Kelimeler: N¿kleer Enerji, Inconel 625, Oksit Dispersiyonlu G¿­lendirme, 

Lazer Toz Yataĵē F¿zyonu, Mekanik ¥zellikler. 

 



 

 

ix 

 

To my dearest family



 

 

x 

 

ACKNOWLEDGMENTS  

 

I would like to express my sincere gratitude to my supervisor Prof. Dr. Arcan 

Dericioĵlu, for his guidance and inspiration during this thesis. I am indebted to my 

co-advisor Dr. Selen Nimet G¿rb¿z G¿ner, for her unwavering support, valuable 

suggestions and dedication throughout this project. I am also thankful to my former 

supervisor, Assist. Prof. Dr. Eda Aydoĵan G¿ngºr, for her guidance and support. 

This work was funded by Turkish Energy, Nuclear and Mineral Research Agency 

under project number A2.H1.P3. I would like to thank project members Assoc. Prof. 

Dr. Erhan Aksu, Ķlhan B¿k¿lmez, Dr. ¥mer Faruk Ko­ and Duygu Tatlēdil for their 

collaboration. 

My special thanks go to my lab mates Aylin Aktaĸ, Yavuz Yēldēz, Berk Tanrēsevdi 

and Hasan Tahsin Ko­, where I consider myself lucky to have worked beside them. 

I am grateful to Ali ¥zalp, for his endeavor on the mechanical testing of samples, 

and to Yeĸim Yal­ēn and Umut Tuka­ for their various yet profound help during this 

study. 

I would like to acknowledge Dr. Murat Tolga Ert¿rk, Dr. S¿ha Tirkeĸ, Dr. ¥zg¿r 

Duygulu and Dr. Se­kin ¥zt¿rk for their assistance with materials testing and TEM 

analyses. 

My heartfelt thanks go to Yeĸim Atak, who has been everything I could ever need, 

whether as a friend, a co-worker, a mentor, or a sister; she has always been there for 

me in every possible way. I would like to thank Deniz and Fadik Nazlē Sara­, for 

their everlasting friendship and for inspiring me in ways they may not even realize.  

Last but not least, to my parents, M¿n¿r and Fatma Demirci; and my brother, Yusuf 

Berker Demirciðyour encouragement has been my strength. This work, and all I 

have ever accomplished, would not be possible without you. I am forever thankful 

for your presence in my life.



 

 

xi 

 

TABLE OF CONTENTS  

ABSTRACT ............................................................................................................... v 

¥Z ........................................................................................................................... vii  

ACKNOWLEDGMENTS ......................................................................................... x 

TABLE OF CONTENTS ......................................................................................... xi 

LIST OF TABLES ................................................................................................... xv 

LIST OF FIGURES .............................................................................................. xvii  

LIST OF ABBREVIATIONS ............................................................................... xxii  

CHAPTERS 

1 INTRODUCTION ............................................................................................. 1 

2 LITERATURE REVIEW .................................................................................. 7 

2.1 Global Energy Demand and Nuclear Energy ............................................. 7 

2.1.1 Overview of Nuclear Energy Generation............................................ 9 

2.1.2 Generation IV Nuclear Reactors ....................................................... 10 

2.1.3 Molten Salt Reactors ......................................................................... 12 

2.1.4 Material Requirements and Candidate Materials .............................. 13 

2.2 Superalloys ............................................................................................... 15 

2.2.1 Nickel-Based Superalloys ................................................................. 16 

2.2.2 Phases in Nickel-Based Superalloys ................................................. 16 

2.2.2.1 ɔǋ and ɔǋǋ Phases ......................................................................... 17 

2.2.2.2 Carbides ..................................................................................... 18 

2.2.2.3 Topologically Close-Packed Phases .......................................... 20 

2.2.2.4 Borides and Nitrides .................................................................. 21 

2.2.3 Strengthening Mechanisms ............................................................... 22 



 

 

xii  

 

2.2.3.1 Solid Solution Strengthening ..................................................... 22 

2.2.3.2 Precipitation Hardening ............................................................. 23 

2.2.3.3 Dispersion Strengthening ........................................................... 24 

2.3 Manufacturing Methods of Superalloys ................................................... 25 

2.3.1 Conventional Manufacturing of Superalloys ..................................... 25 

2.3.2 Additive Manufacturing of Superalloys ............................................ 26 

2.3.2.1 Laser Powder Bed Fusion .......................................................... 27 

2.3.2.2 Electron Beam Melting .............................................................. 29 

2.3.2.3 Directed Energy Deposition ....................................................... 31 

2.3.3 Challenges in the Additive Manufacturing of Superalloys ............... 33 

2.4 Inconel 625 ............................................................................................... 34 

2.4.1 Phases and Heat Treatments .............................................................. 35 

2.4.2 Heat Treatments and Mechanical Properties ..................................... 36 

2.4.3 The Microstructure of Additively Manufactured Inconel 625 .......... 38 

2.5 Oxide Dispersion Strengthening ............................................................... 40 

2.5.1 Oxide Dispersion Strengthening Principles ....................................... 40 

2.5.2 Production Methods ........................................................................... 41 

2.5.3 Nano-Oxide Systems ......................................................................... 43 

2.5.4 Studies Pertaining to Inconel 625 ...................................................... 44 

3 EXPERIMENTAL PROCEDURE .................................................................. 47 

3.1 Starting Materials and Alloy Design ........................................................ 47 

3.2 Mechanical Mixing of Powders ................................................................ 49 

3.3 Laser Powder Bed Fusion of Standard and ODS IN625 Powders ............ 50 

3.4 Heat Treatments ........................................................................................ 51 



 

 

xiii  

 

3.4.1 Solutionizing of the Alloys ............................................................... 52 

3.4.2 Aging Temperature ........................................................................... 53 

3.5 Microstructure Characterizations ............................................................. 54 

3.5.1 Optical Microscopy ........................................................................... 55 

3.5.1.1 Porosity Measurements .............................................................. 55 

3.5.1.2 Microstructural Investigations ................................................... 55 

3.5.2 Scanning Electron Microscopy ......................................................... 56 

3.5.2.1 Microstructural and Compositional Analysis ............................ 56 

3.5.2.2 Texture and Grain Boundary Analysis ...................................... 56 

3.5.3 Transmission Electron Microscopy .................................................. 57 

3.6 Mechanical Properties .............................................................................. 57 

4 RESULTS AND DISCUSSION ...................................................................... 61 

4.1 Ball Milling Parameter Determination ..................................................... 61 

4.2 Parameter Optimization for Laser Powder Bed Fusion ........................... 64 

4.2.1 Standard IN625 ................................................................................. 64 

4.2.2 Oxide Dispersion Strengthened IN625 ............................................. 67 

4.3 Selection of the Heat Treatment Route .................................................... 71 

4.3.1 Solutionizing Temperature ................................................................ 71 

4.3.2 Direct Aging Temperature ................................................................ 75 

4.4 Microstructural Analysis .......................................................................... 80 

4.4.1 Microstructure of As-Built Alloys .................................................... 80 

4.4.2 Microstructure of the Direct Aged Alloys ........................................ 88 

4.4.3 Microstructure of the Solutionized and Aged Alloys ....................... 91 

4.5 Mechanical Properties .............................................................................. 95 



 

 

xiv 

 

4.5.1 Hardness Values ................................................................................ 95 

4.5.2 Tensile Test Results at Room Temperature ....................................... 97 

4.5.3 Tensile Test Results at Elevated Temperature ................................ 100 

5 CONCLUSION ............................................................................................. 107 

5.1 Future Work Suggestions ........................................................................ 109 

REFERENCES ...................................................................................................... 111 

 

 



 

 

xv 

 

LIST OF TABL ES 

TABLES 

Table 2.1 Summary of Gen IV. Reactor Designs [21,22]. ...................................... 11 

Table 2.2 Alloying elements and their effects in nickel-base superalloys [48]. ..... 17 

Table 2.3 Commonly observed phases in nickel-based superalloys, with their lattice 

structure and stoichiometry [47,49,70]. .................................................................. 21 

Table 2.4 Main features of three common AM methods for superalloys [97]. ....... 33 

Table 2.5 The chemical composition of IN625 (in wt%) [124]. ............................. 35 

Table 2.6 Common nano-oxide compounds based on yttrium with their 

crystallographic structure (adapted from [161]). .................................................... 44 

Table 3.1 Elemental composition of the IN625 powders and rod with respect to the 

ASTM-B443 standard specified for wrought IN625 (in wt%). .............................. 47 

Table 3.2 The dimensions of specimens (small-size) used in this study. ............... 58 

Table 4.1 Porosity percent and hardness values of the selected STD IN625 samples 

from the production matrix. .................................................................................... 66 

Table 4.2 Average melt pool dimensions of the selected STD samples. ................ 67 

Table 4.3 Porosity percentage and hardness values of the selected ODS IN625 

samples. ................................................................................................................... 69 

Table 4.4 Average melt pool dimensions of the selected ODS samples................. 70 

Table 4.5 STEM and point EDX analysis of the selected spectrums with their 

elemental amount in wt%. ....................................................................................... 87 

Table 4.6 The average values of the mechanical properties for STD and ODS 

IN625 in AB condition at RT. ................................................................................. 97 

Table 4.7 The average mechanical properties of STD and ODS IN625 in DA 

condition at RT. ...................................................................................................... 98 

Table 4.8 The average mechanical properties of STD, ODS IN625 and IN625 ROD 

in SA condition, at RT. ........................................................................................... 99 

Table 4.9 The average values of the mechanical properties for STD and ODS 

IN625 in AB condition at 700 ÁC. ........................................................................ 100 



 

 

xvi 

 

Table 4.10 The average mechanical properties of STD and ODS IN625 in DA 

condition at 700 ÁC. ............................................................................................... 101 

Table 4.11 The average mechanical properties of STD, ODS IN625 and IN625 

ROD in SA condition at 700 ÁC. ........................................................................... 102 



 

 

xvii  

 

LIST OF  FIGURES 

FIGURES  

Figure 2.1 The global energy consumption shares between 2010 and 2017 

(Adapted from [2]). ................................................................................................... 8 

Figure 2.2 Waste comparison in nuclear and coal-based electricity production [14].

 ................................................................................................................................... 9 

Figure 2.3 Schematic of MSR and its components [25]. ........................................ 12 

Figure 2.4 Operating conditions of several advanced nuclear reactors [29]. .......... 14 

Figure 2.5 The timeline of superalloy development with respect to their UTS. 

(Adapted from [42]). ............................................................................................... 16 

Figure 2.6 GCP phases in superalloys with their lattice structures [55]. ................ 18 

Figure 2.7 The presence of grain boundary carbides, ŭ and ɔǋǋ phases in Inconel 625 

alloy, creep-deformed at 750 ÁC for 300 hours [64]. .............................................. 19 

Figure 2.8 Intermetallic phases observed in a) wrought and b) additively 

manufactured Inconel 718 [68]. .............................................................................. 20 

Figure 2.9 Sheared ɔǋ particles in a single crystal nickel-base superalloy [83]. ..... 24 

Figure 2.10 Dislocation-particle interactions in a) solid solution strengthening and 

b) dispersion and precipitation hardening (adapted from [74]). ............................. 25 

Figure 2.11 Flow chart depicting the manufacturing methods used to produce 

superalloy parts [42]. .............................................................................................. 26 

Figure 2.12 Number of publications through the last two decades on laser (L-PBF) 

and electron (E-PBF) powder bed fusion [94]. ....................................................... 27 

Figure 2.13 Schematic diagram depicting the stages in L-PFB [100]. ................... 29 

Figure 2.14 Schematic representation of the EBM process [106]. ......................... 30 

Figure 2.15 Schematic representation of the DED process [114]. .......................... 31 

Figure 2.16 Weldability assessment diagram for superalloys (adapted from [106]).

 ................................................................................................................................. 32 

Figure 2.17 (a) Bright field and (b) dark field TEM images of Ni2(Cr,Mo) phase 

with ellipsoidal morphology and (c) snowflake morphology [51]. ........................ 36 



 

 

xviii  

 

Figure 2.18 TTT diagram of IN625 (adapted from [51]). ....................................... 37 

Figure 2.19 Microstructures of a) L-PBF and b) DED IN625 in AB condition 

(adapted from [131]). ............................................................................................... 39 

Figure 2.20 The TTT diagram depicting the formation curves of AM IN625 and 

wrought alloy [147]. ................................................................................................ 40 

Figure 2.21 Flow charts comparing the steps of conventional production of ODS 

alloys and AM [161]. ............................................................................................... 42 

Figure 2.22 STEM image showing the nano-oxides in a) AB and b) heat-treated 

ODS IN625, with their atomic fraction [191]. ........................................................ 45 

Figure 3.1 SEM micrograph of IN625 powders. ..................................................... 48 

Figure 3.2 SEM micrographs of a) Hf and b) Y2O3 powders. ................................. 49 

Figure 3.3 a) Ball milling machine and b) zirconia vial with balls inside. .............. 50 

Figure 3.4 Production matrix for the L-PBF of powders. ....................................... 51 

Figure 3.5 The chamber furnace used for the heat treatments. ............................... 52 

Figure 3.6 Heat treatment routes to select optimal solutionizing conditions. ......... 53 

Figure 3.7 Heat treatment routes to select optimal DA conditions. ........................ 54 

Figure 3.8 Cylindrical tensile testing specimen machined according to the ASTM 

E8M standard [195]. ................................................................................................ 57 

Figure 3.9 Cylindric sample after L-PBF production and tensile test specimen. .... 59 

Figure 4.1 SEM micrographs showing the morphology of ball-milled IN625 with 5 

mm balls for 10 minutes at a) 300 rpm b) 400 rpm c) 500 rpm. ............................. 61 

Figure 4.2 SEM micrographs of mechanically alloyed IN625-0.3Y2O3-0.4Hf 

powders with the mixture of 0.5 mm and 1 mm diameter media at 200 rpm, 

showing yttria coating and morphology with respect to the milling time. .............. 63 

Figure 4.3 OM micrographs of STD IN625 samples in as-polished condition, with 

numbers corresponding to those specified in the parameter set of the production 

matrix. ...................................................................................................................... 64 

Figure 4.4 a) Porosity amount and b) hardness values vs. sample number for the 

STD IN625. ............................................................................................................. 65 



 

 

xix 

 

Figure 4.5 Melt pool micrographs of a) Sample #9, b) Sample #13, c) Sample #18 

and d) Sample #20 in etched condition. .................................................................. 67 

Figure 4.6 OM micrographs of ODS IN625 samples in as-polished condition, with 

numbers corresponding to those specified in the parameter set of production 

matrix. ..................................................................................................................... 68 

Figure 4.7 a) Porosity amount and b) hardness values vs. sample number for the 

ODS IN625. ............................................................................................................ 69 

Figure 4.8 Melt pool micrographs of a) Sample #1, b) Sample #7, c) Sample #13 

and d) Sample #21 in etched condition. .................................................................. 71 

Figure 4.9 The hardness of ODS IN625 alloys solutionized at 1100, 1150 and 1200 

ÁC from 10 to 120 minutes. ..................................................................................... 72 

Figure 4.10 OM micrographs of heat-treated and etched ODS IN625 samples, with 

each row corresponding to temperature and each column corresponding to time. . 73 

Figure 4.11 SEM micrograph of the ODS sample solutionized at 1150 ÁC for 60 

minutes. ................................................................................................................... 74 

Figure 4.12 The hardness of the AB ODS alloy and DA ODS IN625 from 2 to 36 

hours at 700 and 800 ÁC. ......................................................................................... 76 

Figure 4.13 SEM Micrographs of DA ODS IN625 at a) 700 ÁC ï 4 h, b) 700 ÁC ï 

6h and c) 800 ÁC ï 6 h, d) 800 ÁC ï 12 h. ............................................................... 77 

Figure 4.14 OM Micrographs of DA ODS IN625 at a) 800 ÁC ï 24 h and b) 800 ÁC 

ï 36h. ....................................................................................................................... 78 

Figure 4.15 OM and SEM Micrographs of DA ODS IN625 at a) and b) 700 ÁC ï 12 

h, c) and d) 700 ÁC ï 24 h, e) and f) 700 ÁC ï 36 h. ............................................... 79 

Figure 4.16 SEM micrographs of a) STD and b) ODS IN625 under low 

magnification. ......................................................................................................... 80 

Figure 4.17 SEM micrographs of a) STD and b) ODS IN625 under high 

magnification, showing cellular and columnar structures. ..................................... 81 

Figure 4.18 BSE SEM micrographs of the ODS IN625 under high magnification, 

showing interdendritic precipitates. ........................................................................ 82 

Figure 4.19 IPF maps of AB a) STD and b) ODS IN625. ...................................... 83 



 

 

xx 

 

Figure 4.20 Pole figures of AB a) STD and b) ODS IN625 for {001}, {011} and 

{111} planes. ........................................................................................................... 83 

Figure 4.21 EBSD grain boundary maps of AB a) STD and b) ODS IN625, with 

the frequency of low and high-angle grain boundaries. .......................................... 84 

Figure 4.22 KAM maps of AB a) STD and b) ODS IN625 alloys. ........................ 85 

Figure 4.23 SEM micrographs showing the presence and chemical composition of 

AB ODS IN625 alloy. ............................................................................................. 85 

Figure 4.24 BFTEM micrographs of ODS IN625 in AB condition, demonstrating 

the presence of nano-oxides around a) dislocation cells and b) the matrix. ............ 86 

Figure 4.25 Histogram of the particle sizes of nano-oxides with their number 

fraction and average size. ........................................................................................ 86 

Figure 4.26 HAADF-STEM micrograph of the ODS IN625 in AB condition, with 

points to be analyzed. .............................................................................................. 87 

Figure 4.27 a) Low and b) high magnification OM micrograph of ODS IN625 in 

DA condition at 700 ÁC for 24 hours....................................................................... 88 

Figure 4.28 SEM micrograph of DA ODS IN625, showing the melt pool 

boundaries. ............................................................................................................... 88 

Figure 4.29 SEM micrograph of DA a), b) ODS IN625 and c), d) STD IN625 

alloys, showing the second-phase particles and their distribution. ......................... 89 

Figure 4.30 SEM - EDX map of the ODS alloy in AB condition. .......................... 90 

Figure 4.31 SEM - EDX map of the DA ODS alloy. .............................................. 91 

Figure 4.32 a) High magnification OM image of as-received IN625 rod and b) low-

magnification OM image of SA IN625 rod. ............................................................ 91 

Figure 4.33 Histogram of the grain sizes with their number fraction and average 

grain size for a) STD IN625, b) ODS IN625 and c) IN625 rod. ............................. 92 

Figure 4.34 SEM - EDX map of the SA IN625 rod. ............................................... 93 

Figure 4.35 High magnification SEM micrographs of IN625 rod from a) grain 

boundary junction and b) within grain. ................................................................... 93 

Figure 4.36 OM micrographs of SA a) STD and b) ODS IN625. ........................... 94 

Figure 4.37 SEM - EDX map of the SA IN625 rod. ............................................... 95 



 

 

xxi 

 

Figure 4.38 The hardness values measured for alloys in AB, DA and SA 

conditions, as well as conventionally-produced as-received (AR) rod. .................. 96 

Figure 4.39 Mechanical properties of STD and ODS IN625, in AB, DA and SA 

conditions, and conventionally produced rod in SA condition, at RT. ................... 99 

Figure 4.40 Stress vs. strain diagram for STD and ODS IN625, in AB, DA and SA 

conditions, and conventionally produced rod in SA condition, at RT. ................. 100 

Figure 4.41 Stress vs. strain diagram for conventionally produced rod, STD and 

ODS IN625 in SA condition at 700 ÁC. ................................................................ 103 

Figure 4.42 Mechanical properties of STD and ODS IN625, in AB, DA and SA 

conditions, and conventionally produced rod in SA condition, at 700 ÁC. ........... 104 

Figure 4.43 Stress vs. strain diagram for STD and ODS IN625, in AB, DA and SA 

conditions, and conventionally produced rod in SA condition, at 700 ÁC. ........... 105 

 



 

 

xxii  

LIST OF ABBREVIATION S 

ABBREVIATIONS 

AB   As-Built 

AM   Additive Manufacturing 

AR   As-Received 

ASTM   American Society of Testing and Materials 

BCC   Body-Centered Cubic 

BD   Building Direction 

BFTEM  Bright-Field Transmission Electron Microscopy 

BSE   Backscattered Electron  

CAD   Computer-Aided Design 

DED   Directed Energy Deposition 

DLD   Direct Laser Deposition 

DLF   Directed Light Fabrication 

DMLS   Direct Laser Metal Sintering 

DSA   Dynamic Strain Aging 

EBDM   Electron Beam Direct Manufacturing 

EBM   Electron Beam Melting 

EBSD   Electron Backscatter Diffraction 

EDX   Energy Dispersive Spectroscopy 

E-PBF   Electron Powder Bed Fusion 

ESR   Electro Slag Remelting 



 

 

xxiii  

EU   European Union 

FCC   Face-Centered Cubic 

Gen. IV   Generation IV 

GFR   Gas-Cooled Fast Reactor  

GIF   Generation IV International Forum  

GMAW  Gas Metal Arc Welding 

HAADF  High-Angle Annular Dark-Field 

HCP   Hexagonal Close-Packed 

HIP   Hot Isostatic Pressing 

IEA   International Energy Agency  

IN625   Inconel 625 

IPF   Inverse Pole Figure 

KAM    Kernel Average Misorientation 

LAGB   Low-Angle Grain Boundaries 

LBM   Laser Beam Melting 

LENS   Laser Engineered Net Shaping 

LFR   Lead-Cooled Fast Reactor  

L-PBF   Laser Powder Bed Fusion 

MA   Mechanical Alloying 

MSR   Molten Salt Reactor 

MUD   Multiple Uniform Density 

ODS   Oxide Dispersion Strengthened 



 

 

xxiv 

ODS-IN625  Oxide Dispersion Strengthened Inconel 625 

OM   Optical Microscopy 

PBF   Powder Bed Fusion 

PLC   Portevin-Le Chatelier 

RT   Room Temperature 

SA   Solutionized and Aged 

SCWR   Supercritical Water-Cooled Reactor 

SE   Secondary Electron 

SEM   Scanning Electron Microscopy 

SFE   Stacking Fault Energy 

SFR   Sodium-Cooled Fast Reactor 

SLM   Selective Laser Melting 

STD IN625  Standard Inconel 625 

STEM   Scanning Transmission Electron Microscopy 

TCP   Topologically Close-Packed  

TEM   Transmission Electron Microscopy 

TTT   Time-Temperature-Transformation 

VED   Volumetric Energy Density 

VHTR   Very High Temperature Reactor  

VIM    Vacuum Induction Melting 

WAAM   Wire Arch Additive Manufacturing 

WEC   World Energy Council



 

 

1 

CHAPTER 1  

1 INTRODUCTION   

With accelerated living standards worldwide, the conflicts on energy demand and 

production methods continue to rise. While natural resources are harmful for the 

environment and becomes limited in availability, the inclination to produce 

electricity using nuclear power has regained attention despite the ongoing debate on 

their potential risks. In the early 21st century, a new generation of nuclear power 

plants (i.e., Generation IV reactors) was proposed, and current research is focused 

on developing structural materials capable of withstanding their demanding 

conditions. Among the next-generation reactors, molten salt reactors (MSRs) come 

to the forefront due to their unique characteristics such as the fuel type, safety, 

sustainability and mobility. In MSRs, nuclear reactions take place within a molten 

salt medium, which can both be used as coolant and fuel. Fissile elements can be 

continuously dissolved into the molten salt and the mode of the reaction can be 

controlled by adjusting the composition of the molten salt, or the amount of the 

solute. In a case of emergency, the molten salt is immediately dumped into a freeze 

plug, offering an unmatched safety for this type of reactors. However, structural 

materials in MSRs experience very high temperatures around 700 ÁC, as well as a 

highly corrosive and irradiating environments. As a result, the number of structural 

materials licensed for MSR applications is scarce to fully incorporate them for 

commercial power production and numerous studies are being conducted to develop 

advanced materials to endure extreme condition they will be facing. 

 

IN625 is a solid solution strengthened nickel-based superalloy, including up to eight 

different elements in its Ni matrix. Owing to their excellent mechanical behavior 

under hostile conditions such as high temperature and corrosion, it has a broad range 

of application areas, such as aerospace, chemical, marine and energy industries. 
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Along with the demanding conditions, the structural components for such industries 

have quite often an intricate shape, which extend their production lead time and 

limits the production methods. Additive manufacturing (AM), in this regard, offers 

significant convenience by reducing the lead times and enabling the production of 

intricate shapes. Several AM methods are commercially used to produce metal parts. 

Among them, L-PBF has attracted the most attention, due to its versatility, 

applicability and high amount of research gap to fully commercialize them. The 

number of studies on the L-PBF of nickel-based superalloys has increased 

exponentially, to fully understand and discover the ways to produce superalloys 

without sacrificing their mechanical properties. IN625 is one of the most studied 

material on L-PBF studies, due to their excellent mechanical properties, as well as 

their suitability for AM. Specifically, owing to the low amount of Al and Ti, IN625 

a highly-weldable alloy, making them compatible with AM methods, where the 

powders are fused together by the application of high amounts of heat. 

 

However, the heat cycles in L-PBF are very different compared to the conventional 

production methods. Specifically, the rapid cooling rates, reaching up to 106 K/s in 

L-PBF, results in a quenched-in state for the elements within IN625 which leads to 

distinct features. This process produces a unique structure with sub-micron dendrite 

arm spacing and often leads to the segregation of Nb and Mo. Additionally, a 

substantial amount of residual stress builds up during the L-PBF process, which 

necessitates the application of specific heat treatments to alleviate it. 

 

Having high number of elements within the composition makes IN625 a highly 

complex alloy in terms of microstructure. In other words, IN625 is capable of 

forming several different phases, presence or absence of which strongly affects the 

mechanical properties. The majority of second-phase particles form after a certain 

type of exposure to heat. For example, primary and second carbides are usually found 

in the microstructure, the former precipitates during solidification, while the latter 

precipitates between a certain temperature ranges over time. The effect of the 
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carbides on the mechanical properties can vary. Due to their irregular shape and 

sizes, their presence is sometimes considered detrimental. However, grain boundary 

carbides suppress the grain growth during recrystallization and inhibit the grain 

boundary sliding and improve the creep properties. On the other hand, ɔǋǋ, the 

strengthening phase, is formed between 650 and 900 ÁC. They are formed because 

of the high Nb content within the microstructure, with the stoichiometry of Ni3Nb 

and ellipsoidal shape. Although their presence strengthens the alloy remarkably, ɔǋǋ 

is a metastable phase, which coarsens and transforms into metastable ŭ phase after 

extended heat exposure. ŭ phases are large and acicular in shape, and they are often 

considered as detrimental since they behave as crack initiation sites while depleting 

the solid-solution strengthening Nb within the microstructure. In some cases, 

however, the co-presence of the ŭ and ɔǋǋ phases are found to enhance the mechanical 

properties. The effect of the depletion of the solid-solution elements from the matrix 

is much more severe when topologically close-packed (TCP) phases form. The most 

common TCP phase seen in IN625 is Laves phase, having the A2B stoichiometry 

with a very irregular shape, which significantly deteriorates the mechanical 

properties. Tailoring and achieving a desired combination of mechanical properties 

requires an extensive knowledge on the phase transformations and kinetics of IN625. 

 

ODS is a strengthening method for advanced alloys to further enhance their 

mechanical properties, where thermally stable nano-oxides are inserted into the 

alloyôs matrix. These nano-oxides hinder the dislocation motion and pin the grain 

boundaries, while remaining stable at very high temperatures. ODS is usually 

implemented by the addition of a certain amount of Y2O3 via conventional powder 

metallurgical methods, to form nano-sized and stoichiometric complex oxides. 

Mechanical alloying by ball milling puts alloy powders into a supersaturated 

position, where yttria is dissolved within the powder. However, this significantly 

distorts the shape of the alloy and decrease their flowability, making it inapplicable 

for L-PBF production. The size and number of nano-oxides depend on the secondary 

element combined with Y. For instance, Y-Al -O oxides are on the order of hundreds 
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of nm in size, while Y-Ti-O and Y-Hf-O oxides are much smaller in size and greater 

in number. External elemental powders may be added before L-PBF to facilitate 

nano-oxide formation and refine their size. A successful ODS for L-PBF necessitates 

satellite formations of nano-oxides on the alloy powder without compromising its 

sphericity, which is only achieved by means of mechanical mixing. 

 

Studies on developing ODS superalloys by means of AM are still in its early stages 

and the number of publications is limited. As such, optimal production parameters 

for ODS superalloys via L-PBF have yet to be fully established. In order words, there 

is still a plenty of room for research to fully optimize and develop strategies for ODS 

and L-PFB to fully incorporate advanced materials for specific applications. 

 

This work aims to develop a new class of ODS IN625, by adding and mixing 0.3 

wt% Y2O3 and 0.4% Hf with IN625 to enhance its properties for use in harsh 

environments. Several different processing parameters were tested, followed by 

comprehensive investigations to optimize the benefits ODS can provide. A standard 

IN625 was also produced after following the same procedure, for a proper 

comparison. The presence of nano-oxides and their impact on the mechanical 

properties both at RT and 700 ÁC have been assessed quantitatively. Solutionizing 

and aging (SA) and direct aging (DA) heat treatments were applied to as-built (AB) 

alloys to observe the mechanical property changes. For SA condition, a 

conventionally rod has also been subjected to this heat-treatment for comparison. 

Consequently, superior mechanical properties have been obtained for ODS alloys, 

while ductility is increased.  

 

This thesis consists of five chapters, starting with a brief information on the energy 

demand and the relation between IN625, L-PBF production and ODS. The 

introductory information has been extensively elaborated in the Chapter 2, following 

a top-down approach on superalloys, the common phases observed, production 

methods, strengthening mechanisms, IN625, ODS, and recent studies on ODS 



 

 

5 

IN625, with a comprehensive review of the latest literature. Chapter 3 details the 

experimental procedures used in this study, from starting materials to mechanical 

property assessments, including the optimization of mechanical mixing, L-PBF 

production, and heat treatments. In Chapter 4, the results of the study, which includes 

the effects of different parameters, the selection of optimal conditions, and the 

characterization of the alloys, are presented. Both quantitative and visual data are 

provided, with a more focus on the detailed characterization of the AB alloys. This 

thesis sheds a light on the improvement of the mechanical properties of the ODS 

alloys thoroughly, after concluding remarks and suggested future work in Chapter 5.  
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CHAPTER 2  

2 LITERATURE REVIEW  

2.1 Global Energy Demand and Nuclear Energy 

The focus on energy conservation and consumption has become increasingly 

important in the 21st century [1]. The World Energy Council (WEC) anticipates the 

global energy demand to rise by 45 to 60% by 2060. In the European Union (EU) 

alone, the energy demand is estimated to increase by nearly 20% by 2030. The 

International Energy Agency (IEA) projects that the use of primary energy sources 

will grow to 334 million barrels per day in oil equivalent, which is 1.5 times more 

than in 2000 [2ï5]. The rising living standards and economic growth trigger this 

energy demand, especially in developing countries. According to the Paris Climate 

Agreement, the rise in global temperature aimed to be kept under 2Á C, and the 

energy demand contradicts the reduction of CO2 emissions to alleviate global 

warming [6ï8]. Carbon-based fuels (i.e., oil, coal and natural gas) still have the most 

outstanding share in fulfilling the global energy demand within the last decade, 

which is outlined in Fig. 2.1. This demand is expected to increase further with global 

economic growth, technological development, and societal progress. Moreover, the 

decline of fossil fuel reserves, as well as their negative environmental impact, 

highlights the need for cleaner energy alternatives. Currently, renewable energy 

sources (i.e., nuclear, solar, hydropower and wind) hold great promise for meeting 

future energy needs while reducing CO2 emissions and mitigating the effects of 

climate change [6,8ï10]. While renewables are crucial in shifting to low-carbon 

energy production, they are inadequate to meet rising energy demand. 
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Figure 2.1 The global energy consumption shares between 2010 and 2017 

(Adapted from [2]). 

Nuclear energy, among other renewables, prevails as a vital alternative for future 

power generation, mainly because it does not emit CO2, operates safely, and 

generates vast amounts of electricity from a single plant. In fact, nuclear energy 

comes after hydroelectric power as a source of clean electricity. Although there are 

ongoing debates regarding the risks of nuclear power in terms of nuclear accidents 

and radioactive waste management, nuclear energy is still considered one of the most 

viable options for meeting global energy demand and reducing reliance on fossil 

fuels [11ï13]. A comparison of the products generated from electricity production 

through coal and nuclear reactions is illustrated in Fig. 2.2. 
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Figure 2.2 Waste comparison in nuclear and coal-based electricity production [14]. 

2.1.1 Overview of Nuclear Energy Generation 

Nuclear energy simply utilizes the energy released from the nucleus of atoms, which 

can be produced via fission and fusion reactions. In fission reactions, the nucleus of 

a heavy, unstable atom is split into smaller parts by a chain reaction, where 

significant energy is released. In fusion reactions, conversely, combining the nuclei 

of two lighter atoms releases an even more substantial amount of energy. However, 

all of todayôs nuclear power plants are based on the nuclear fission of uranium and 

plutonium [15ï17]. The implementation of nuclear energy began in the mid-20th 

century, with countries such as the United States, the United Kingdom, Russia, and 

France leading the commercialization of first-generation nuclear power plants. 

Significant advancements in nuclear energy technology occurred between 1970 and 

1985 [13]. However, the global perspective on nuclear energy changed abruptly, 

after the well-known Chernobyl accident in 1986 [18]. After the incident, many 

countries have phased out nuclear energy development, and the number of nuclear 

power plants built has considerably dropped. Nevertheless, the development of 

nuclear energy has persisted despite the implementation of stricter safety policies by 

many nations and organizations. The peril of climate change, energy security 
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problems, and unstable fossil fuel prices compel many nations to reconsider nuclear 

energy as an option. Eventually, new roadmaps to handle both sides of this 

discrepancy have been set within the last decade. Currently, nuclear reactors in use 

are classified as generation II and III reactors. Research and development efforts, 

however, are focused on licensing generation IV (Gen. IV) nuclear reactors, which 

have all attributes of the former generation reactors [15,19ï21]. 

2.1.2 Generation IV Nuclear Reactors 

Gen. IV reactors are defined as advanced nuclear reactors of the following decades 

in which enhanced safety, efficiency and sustainability are provided. Also, important 

issues from previous generations, such as waste management and proliferation 

resistance, are intended to be minimized [22]. At the beginning of the 21st century, 

six different reactor technologies were introduced by the Generation IV International 

Forum (GIF), which are outlined in Table 2.1.  

  



 

 

11 

Table 2.1 Summary of Gen IV. Reactor Designs [21,22]. 

System 
Neutron 

Spectrum 
Coolant 

Outlet 

Temperature 

Fuel 

Cycle 

Size 

(MW e) 

Very High 

Temperature 

Reactor 

(VHTR) 

Thermal Helium Up to 1000 Open 250-300 

Gas-Cooled 

Fast Reactor 

(GFR) 

Fast Helium 850 Closed 1200 

Sodium-Cooled 

Fast Reactor 

(SFR) 

Fast Sodium 500-550 Closed 

50-150 

300-1500 

600-1500 

Lead-Cooled 

Fast Reactor 

(LFR) 

Fast Lead 480-570 Closed 

20-180 

300-1200 

600-1000 

Molten Salt 

Reactor (MSR) 

Thermal 

or fast 

Fluoride 

salts 
700-800 Closed 1000 

Supercritical 

Water-Cooled 

Reactor 

(SCWR) 

Thermal 

or fast 
Water 510-625 

Open or 

closed 

300-700 

1000-

1500 

 

Among six Gen. IV nuclear reactors proposed, MSRs come to the forefront due to 

their unique attributes, such as unmatched safety, high thermal efficiency, and 

utilization of various fuel types.  
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2.1.3 Molten Salt Reactors 

MSRs are reactors with a fast or thermal neutron spectrum that are cooled by means 

of molten salts with graphite as moderator. The fact that molten salts can also be 

used as fuels makes MSRs have distinct properties from the other Gen. IV reactors, 

where solid fuels are used. A eutectic mixture of fluorides of fissile elements (e.g., 

UF4) and carrier salts (e.g., LiF ï BeF2) is prepared to form the fluid [23,24]. The 

heat is generated through the nuclear reactions in the reactor core and transferred to 

the heat exchanger by the fuel salt. While the fuel salt returns to the reactor core for 

further reactions, the heat in the heat exchanger is transferred by coolant salt to a 

steam or gas cycle to generate electricity [25]. A schematic illustration depicting the 

working principle of the MSR is illustrated Fig. 2.3. 

 

Figure 2.3 Schematic of MSR and its components [25]. 

Molten salts are considered highly promising in future nuclear applications, as they 

offer a safe, more efficient, and sustainable means of electricity generation. The most 

significant characteristics that make MSRs attractive are as follows; 
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¶ Among the other coolants used in conventional nuclear power plants, molten 

salts possess the greatest heat capacity which allows MSRs to be operated at 

atmospheric pressure. 

¶ Molten salts have higher boiling points and low vapor pressures, which 

allows reactions to take place at higher temperatures and improves efficiency. 

¶ Molten salts are chemically inert, and the possibility of a catastrophic failure 

due to a reaction with air and water is highly unlikely.  

¶ Nuclear meltdown will not be the case since the fuel mixture is a molten fluid. 

Nevertheless, in any case of an accident, fuel is immediately drained to the 

emergency tanks to be frozen. 

¶ Unlike conventional reactors, where the fuel is removed and processed 

separately, on-line fuel processing is possible in MSRs. 

Despite all the novelties MSRs offer, it is important to note that the operating 

conditions of MSRs are extremely hostile. Specifically, service temperatures higher 

than 700 ÁC, along with the use of corrosive molten salts and excessive neutron 

irradiation, significantly limit the range of suitable materials [23,26ï28]. Thus, the 

unavailability of the structural materials for specific components keeps MSRs from 

being officially licensed. 

2.1.4 Material Requirements and Candidate Materials 

The expected characteristics from Gen. IV reactors, including MSRs, are typically 

exceptional toughness at elevated temperatures, structural integrity against 

irradiation-induced defects (e.g., void swelling) and chemical compatibility with the 

coolant and fuel. In MSRs, the highly corrosive nature of molten salts becomes more 

severe at higher temperatures and with fission by-products [28ï30]. This is 

demonstrated by a three-axis chart including the service temperature, irradiation 
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damage and corrosion susceptibility shown Fig. 2.4, where the working 

environments of present and future nuclear reactor types are compared. 

 

Figure 2.4 Operating conditions of several advanced nuclear reactors [29]. 

Common materials for corrosive environments (e.g., stainless steel) are not 

applicable in MSRs due to the high solubility of oxide layer-forming elements in 

molten salt [31]. To this end, studies are focused on altering the fluorine potential of 

molten salt by the addition of metallic elements [32]. Additionally, structural 

components are coated with metals insensitive to molten salt corrosion [33]. Another 

important issue for structural materials in MSRs is their susceptibility to high 

temperature He embrittlement at grain boundaries. The formation and growth of He 

bubbles at grain boundaries significantly reduce the materialôs creep strength and 

ductility. To mitigate this, the dispersion of fine particles and the formation of 

dislocations and twins were employed to capture He bubbles [29,34ï36]. Ultimately, 

proposed and studied materials for MSR applications are nickel-based superalloys, 

graphite, ceramics and refractory alloys, owing to their ability to withstand harsh 

environments MSRs have [30]. Among these materials, nickel-based superalloys 

have been considered the most viable option due to their excellent intrinsic 

mechanical properties at elevated temperatures, as well as their corrosion and 

irradiation resistance. 
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2.2 Superalloys 

Superalloys are a class of special types of alloys composed of many elements, mostly 

based upon Group VIIIB (i.e., Fe, Ni and Co). They are designed to maintain their 

mechanical properties under extreme conditions such as high temperatures, corrosive 

environments and high neutron flux. Under such conditions, the mechanical 

properties of typical titanium alloys and steel begin to deteriorate (i.e., after 540Á C). 

However, superalloys are capable of retaining their integrity at service temperatures 

up to 1000 ÁC, making them ideal for numerous application areas, including aircraft 

components, gas turbines, and plant equipment for chemical, nuclear and marine 

industries [37ï40]. Prominent mechanical properties of superalloys at elevated 

temperatures are superior strength, creep, wear, oxidation and erosion resistance, 

along with good surface stability [41]. Superalloys have a face-centered cubic (FCC) 

austenite matrix that contains several elements like chromium, and small additions 

of Al , Nb, Ta, Ti, Mo and W can be made to tailor the desired properties. Superalloys 

are mainly classified as nickel, iron-nickel and cobalt-based superalloys. Although 

pure iron and cobalt exhibit a body-centered cubic (BCC) and hexagonal close-

packed (HCP) lattice structure, respectively, at low temperatures, they transform into 

FCC structure at high temperatures. Austenite stabilizers can also be added to these 

elements to retain the FCC structure at low temperatures. On the other hand, nickel 

has an FCC lattice structure up to its melting point [37,38,40,42]. Among others, 

nickel-based superalloys have been the main focus of studies due to their versatility, 

lower cost and various strengthening mechanisms [43,44]. The dominance of nickel-

based superalloys is chronologically shown in Fig. 2.5. 
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Figure 2.5 The timeline of superalloy development with respect to their UTS. 

(Adapted from [42]). 

2.2.1 Nickel-Based Superalloys 

Nickel-based superalloys are very complex alloy systems that usually contain around 

ten alloying elements, with nickel as the solute [45]. Due to their diverse 

compositions, nickel-base superalloys are capable of forming very intricate 

microstructures. Their excellent strength under harsh service conditions stems from 

at least one of the three strengthening mechanisms, namely, solid solution 

strengthening, precipitation hardening and carbide precipitation at grain boundaries 

[46]. 

2.2.2 Phases in Nickel-Based Superalloys 

There are several different phases in nickel-base superalloys. The FCC ɔ matrix 

constitutes the majority of the microstructure, residing in the secondary phases [39]. 

The matrix is mainly composed of nickel, but there are significant amounts of solid-

solution elements due to the extensive solubility of the ɔ phase. This also leads to the 

precipitation of strengthening intermetallic phases (i.e., ɔǋ and ɔǋǋ), carbides, borides, 

nitrides and topologically close-packed phases (TCP) [39,47]. 
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Table 2.2 Alloying elements and their effects in nickel-base superalloys [48]. 

Element(s) Effects 

Ni Constituting ɔ matrix, formation of ɔǋ and ɔǋǋ phases 

Cr Solid-solution strengthening, oxidation and sulphidation resistance 

Co 
Solid-solution strengthening, lowering stacking fault energy, 

increasing the solvus temperature of ɔǋ phase 

Mo, Ta, W Solid solution strengthening, carbide formation (e.g., MC, M6C) 

Ti Formation of ɔǋ phase, MC-type carbides and nitrides 

Al  Formation of ɔǋ phase, enhancing oxidation resistance 

B and Zr Improving creep strength, inhibiting ɖ phase formation 

Nb Formation of ɔǋǋ phase and MC-type carbides 

C Formation of several carbides (e.g., MC, M23C6, M6C and M7C3) 

2.2.2.1 ɔǋ and ɔǋǋ Phases 

The ɔǋ phase, the main strengthening phase in most superalloys, forms in the presence 

of aluminum and titanium and has the FCC (ordered L12) crystal structure with the 

formulas Ni3Al and Ni3(Al,Ti), respectively [49]. ɔǋ phase is coherent with the ɔ 

matrix, assuming a spherical, cuboidal or plate-like shape, depending on the specific 

composition and heat treatment [47]. Due to their sound thermal stability, these 

precipitates provide a great deal of strength and creep resistance at higher 

temperatures. The ɔǋǋ phase is another strengthening phase seen in niobium-bearing 

nickel-base superalloys. It has the BCT (ordered D022) crystal structure with the 

formula Ni3Nb and assumes a disk-shaped morphology [50,51]. ɔǋǋ disks are 

nanoscale, with a thickness of around 10 nm and a diameter of 50 nm [52]. 

Precipitation of ɔǋ and metastable ɔǋǋ phases occurs at higher temperatures. The 

strengthening effect of these two phases strongly depends on their distribution, size 

and volume fraction, determined by the specific heat treatment [53]. Prolonged 

exposure to elevated temperatures may cause the ɔǋ and ɔǋǋ phases to transform into 

ɖ and ŭ phases, respectively. ɖ phase has the HCP (D024) crystal structure with the 
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formula Ni3Ti, while ŭ phase has an orthorhombic (D0a) crystal structure with the 

formula Ni3Nb [54]. The unstable and stable forms of these phases are also named 

geometrically close-packed (GCP) phases [55,56]. The ɖ phase forms intergranularly 

in a cellular form or intragranularly in an acicular form when the titanium-to-

aluminum ratio is high [49,54]. Similarly, when metastable ɔǋǋ precipitates coarsen, 

they transform into stable ŭ phases in a needle or platelet shape [57]. Both ɖ and ŭ 

phases are usually considered detrimental to the mechanical properties due to the 

fact that they act as stress concentration sites [58]. Lattice structures of GCP phases 

with the location of the elements are shown Fig. 2.6. 

 

Figure 2.6 GCP phases in superalloys with their lattice structures [55]. 

2.2.2.2 Carbides 

The elements within the composition of nickel-based superalloys have great affinity 

for carbon which is present up to 0.2 wt%. This leads to the formation of different 

types of carbide phases, such as MC, M23C6, M6C and M7C3, in which the óMô stands 

for metal atoms. Carbides are classified as primary and secondary carbides, 

according to their formation and stoichiometry. MC-type primary carbides form 

initially during solidification. They reside both at grain boundaries and within grains 

[51,59]. However, at elevated temperatures, the stability of MC-type carbides 

decreases, and they have a propensity for decomposing into secondary M23C6, M6C 
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and M7C3 carbides at grain boundaries rich in chromium, molybdenum and tungsten 

[60]. M23C6 and M7C3 carbides are chromium-rich and are mostly found in 

chromium-bearing nickel-base superalloys. M23C6 carbides are the most common 

secondary carbides seen in superalloys [47]. Furthermore, M7C3 was also reported to 

transform into M23C6 at elevated temperatures [51]. On the other hand, M6C carbides 

tend to form at greater temperatures than M23C6 carbides at the expense of heavy 

refractory metals such as tungsten, niobium and molybdenum [61]. Carbides can be 

both beneficial and detrimental to mechanical properties, depending on their 

location, dispersion, and shape. Owing to their irregular shape, carbides may act as 

crack initiation sites, deteriorating the strength and ductility. Conversely, carbides at 

grain boundaries hinder grain boundary sliding, thereby improving creep resistance 

[59,60,62,63]. 

 

Figure 2.7 The presence of grain boundary carbides, ŭ and ɔǋǋ phases in Inconel 625 

alloy, creep-deformed at 750 ÁC for 300 hours [64]. 
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2.2.2.3 Topologically Close-Packed Phases 

At elevated temperatures, nickel-base superalloys are prone to form detrimental TCP 

phases at the expense of refractory elements within the matrix. The name comes from 

their complex hexagonal-like crystal structure in which atoms are layered such that 

the coordination number reaches as high as 16 [48,65]. This arrangement results in 

a very low number of slip systems, making TCP phases very hard and brittle [66]. 

TCP phases deteriorate the mechanical properties of nickel-base superalloys by 

several mechanisms. Due to their acicular shape, they act as crack initiation sites 

during cyclic loading, and their brittle fracture facilitates crack propagation [67]. 

During formation, TCP phases consume strengthening elements from the matrix, 

reducing the solid solution strengthening effect. Common TCP phases seen in 

superalloys are Laves (A2B), ů (AxBy) and ɛ (AxǋByǋ) where A denotes Fe, Ni or Co 

and B denotes Nb, Mo, Ta or Cr [47]. The morphology of the Laves phases with 

respect to primary carbides is demonstrated in Fig. 2.8. The ů and ɛ phases are not 

as commonly form as Laves phases. The ů phase, which nucleates on M23C6 

precipitates, is structurally very similar to M23C6 carbides. Similarly, the ɛ phase is 

similar to M6C carbides and forms when concentrations of molybdenum and 

tungsten are high [51]. Overall, knowledge and hindering the formation of TCP 

phases is essential to retain desired mechanical properties at elevated temperatures. 

 

Figure 2.8 Intermetallic phases observed in a) wrought and b) additively 

manufactured Inconel 718 [68]. 
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2.2.2.4 Borides and Nitrides 

Boride and nitride phases can also be present in nickel-base superalloys. Boron and 

nitrogen tend to segregate to the grain boundaries and form various compounds. On 

the one hand, minor boron additions have been found to improve stress rupture 

properties and suppress the formation of TCP phases [49,51]. On the other hand, the 

presence of nitrides is considered deleterious to mechanical properties, as brittle and 

blocky nitrides like TiN and HfN form at grain boundaries [69]. Borides are also 

hard particles, typically observed in blocky or half-moon shapes [47]. Although 

borides and nitrides are found in superalloys, they are present in insignificant 

amounts compared to carbides. In summary, phases that can be observed in nickel-

base superalloys are outlined in Table 2.3. 

Table 2.3 Commonly observed phases in nickel-based superalloys, with their lattice 

structure and stoichiometry [47,49,70]. 

 Phase Crystal System Formula(s) 

Solid Solution Matrix ɔ Cubic Ni, Cr, Fe - Base 

 ɔǋ Cubic Ni3(Ti,Al)  

Geometrically Close-

Packed Phases 

ɔǋǋ Tetragonal Ni3Nb 

ŭ Orthorhombic Ni3Nb 

 ɖ Hexagonal Ni3Ti 

Topologically Close-

Packed Phases 

ů Tetragonal FeCr, FeCrMo, CrFeMoNi 

ɛ Rhombohedral Co2W6, (Fe,Co)7(Mo,W)6 

Laves Hexagonal Fe2(Nb,Ti,Mo), Co2(Ta,Ti) 

Carbide Phases 

MC Cubic TiC, NbC, HfC 

M23C6 Cubic (Cr,Fe,W,Mo)23C6 

M6C Cubic 
Fe3Mo3C, Fe3Mo3C, Fe3Mo3C, 

Fe3Mo3C, 

M7C3 Hexagonal Cr7C3 

Nitrides and Borides 
MN Cubic TiN, (Ti,Nb,Zr)N 

M3B2 Tetragonal Ta3B2, V3B2, Nb3B2 
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2.2.3 Strengthening Mechanisms 

Principal strengthening mechanisms governing the mechanical properties of 

superalloys are solid solution strengthening, precipitation hardening and dispersion 

strengthening. Precipitation hardening involves thermally stable intermetallics that 

precipitate out at higher temperatures, while dispersion strengthening is provided by 

metallic carbide and oxide particles. These mechanisms work along with the intrinsic 

FCC structure, which has a high solubility for alloying elements, making the 

formation of strengthening phases possible. While grain size refinement and cold 

working can also contribute to strengthening, their effectiveness is limited at elevated 

temperatures. For instance, cold working only provides an increased strength up to 

around 540ÁC, and grain refinement is rarely employed for superalloys owing to the 

high-temperature environments they are designed for [71ï73]. 

2.2.3.1 Solid Solution Strengthening 

Solid solution strengthening in superalloys takes place due to the introduction of 

different alloying elements into the ɔ matrix. These elements distort the crystal lattice 

of the matrix because their atomic radii differ from that of nickel, thereby creating 

strain fields that impede dislocation motion [49,73,74]. This strengthening arises 

from two main mechanisms: atomic size misfit and elastic modulus misfit, where 

solute atoms of differing stiffness compared to the matrix create either hard or soft 

regions. The result is an increase in the strength compared to a pure Ni matrix [75]. 

Solid solution strengthening can lower stacking fault energy (SFE) in the crystal 

lattice, making it harder for dislocations to move and cross-slip. This mechanism 

becomes critical in preventing deformation at elevated temperatures. Lower SFE 

leads to dislocations dissociating into partials, forming hcp stacking fault ribbons, 

further restricting dislocation movement [71,76,77]. Certain solute elements, such as 

molybdenum, tungsten, chromium, and rhenium are prevalent in enhancing this 

hardening effect. Larger atomic size elements tend to reduce diffusion rates and 
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improve high-temperature performance but can also promote undesirable phases, 

such as TCP phases [49,65,78,79]. 

2.2.3.2 Precipitation Hardening 

Precipitation hardening is considered one of the most effective techniques for 

altering the alloyôs strength and ductility in balance. This mechanism mainly 

involves the interaction between precipitates and dislocations in which the 

movement of dislocations is hindered by the precipitates, leading to increased flow 

stress and moderate ductility [80]. Mechanisms pertaining to dislocation-particle 

interactions are determined according to the rigidity of the precipitate. Specifically, 

dislocations bypass hard precipitates by either Orowan looping or cross-slip without 

changing the particle. In contrast, soft precipitates are sheared by the dislocation 

(Fig. 2.9) [81]. In nickel-base superalloys, elements with low solubility in the ɔ 

matrix (e.g., Ti, Al , Nb) precipitate as intermetallic compounds, referred to as ɔǋ and 

ɔǋǋ phases. Impediment of dislocation motion by such particles is affected by various 

factors: 

¶ Coherency strains between the matrix and precipitate due to lattice mismatch  

¶ Antiphase boundary energy, which affects the difficulty of dislocation 

cutting  

¶ Volume fraction and particle size of the precipitates [71,75,82] 
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Figure 2.9 Sheared ɔǋ particles in a single crystal nickel-base superalloy [83]. 

2.2.3.3 Dispersion Strengthening 

Dispersion strengthening in nickel-base superalloys is another way to enhance the 

mechanical properties. The mechanism is analogous to precipitation hardening, 

where second-phase particles effectively hinder the motion of dislocations. In this 

case, however, a strengthening component is added externally to form compounds 

rather than precipitating from the matrix at elevated temperatures. Moreover, 

because dispersed particles are usually hard and incoherent with the matrix, only 

Orowan looping contributes to strengthening. Dispersion strengthening is usually 

achieved through a special case called oxide dispersion strengthening, which will be 

reviewed in subsequent chapters. Also, creep properties can be enhanced by the 

formation of carbonitrides and secondary carbides at grain boundaries [71,84]. 

Interactions between dislocations and particles have been summarized in Fig. 2.10. 
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Figure 2.10 Dislocation-particle interactions in a) solid solution strengthening and 

b) dispersion and precipitation hardening (adapted from [74]). 

2.3 Manufacturing Methods of Superalloys 

2.3.1 Conventional Manufacturing of Superalloys 

Conventional manufacturing of superalloys includes several standard processes, 

including remelting and casting, remelting and wrought processing, powder 

metallurgical consolidation and thermomechanical processing [85]. Ingots, then, are 

shaped into sheets, bars, tubes and other wrought products through 

thermomechanical processing [86]. Remelting the constituent elements by vacuum 

induction melting (VIM) to form ingots and castings is common. However, pouring 

the melt under vacuum conditions often results in intrinsic cavities and shrinkage in 

the ingots besides inclusions, which is why it is generally followed either by vacuum 

arc remelting or electro slag remelting (ESR) to mitigate these defects [42,87]. 

Nevertheless, micro and macro segregation takes place during the solidification of 

superalloys. The degree of segregation strongly depends on the composition of the 

alloy [88]. The use of superalloys for structural parts often requires intricate shapes, 

which are conventionally achieved through investment casting due to the difficulty 

of machining these materials. However, pores and structural instabilities may form 

in casting processes. To eliminate these issues, hot isostatic pressing (HIP) is applied 

to densify the castings and fill any pores, which results in an equiaxed structure 

[89,90]. Alternatively, powder metallurgy routes, usually followed by HIP, are 
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employed to produce components with more uniform microstructures and reduced 

porosity. The process chart of manufacturing methods of nickel-based superalloys is 

shown in Fig. 2.11. 

 

Figure 2.11 Flow chart depicting the manufacturing methods used to produce 

superalloy parts [42]. 

2.3.2 Additive M anufacturing of Superalloys 

Additive manufacturing (AM) of metals is a novel process in which metal 

components are built layer by layer using computer-aided design (CAD) models 

[91,92]. Various metal-based AM techniques have been developed over the last 

decades. However, processes involving the rapid fusion and solidification of metals 

have been attracting the most interest over the decades, since they offer high 

flexibility in creating complex geometries, minimizing material waste and reducing 

lead times compared to conventional manufacturing methods. This is especially the 
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case for the nickel-base superalloys where traditional methods (e.g., casting and 

machining) are demanding, expensive and material-intensive. AM of nickel-base 

superalloys mostly utilizes powder or wire feedstock, which is fused by means of 

heat sources like lasers and electron beams. Specifically, studies within the last 

decade have been focused on methods such as laser powder bed fusion (L-PBF), 

electron beam melting (EBM) and directed energy deposition (DED) [55,92ï95]. 

The progressive increase in research about powder bed fusion (PBF) AM of nickel-

base superalloys can be seen in Fig. 2.12. 

 

Figure 2.12 Number of publications through the last two decades on laser (L-PBF) 

and electron (E-PBF) powder bed fusion [94]. 

2.3.2.1 Laser Powder Bed Fusion 

L-PBF is the most common metal AM technique in which a high-energy laser beam 

is used to melt metal powders in a powder bed. This process has other names such 

as selective laser melting (SLM), laser beam melting (LBM) and direct metal laser 

sintering (DMLS) [55,96]. A layer of metal powder on a substrate or on a previous 

layer is selectively melted and solidified according to the 2D layer profile of the part. 

The building platform is lowered according to the layer thickness and a new layer of 

powder is provided by a re-coater. This cycle continues until the desired shape is 

obtained. During the process, the building chamber is filled with an inert gas to 
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prevent any contamination [95,97]. L-PBF is governed by complex heat transfer and 

fluid flow dynamics, where rapid solidification occurs with cooling rates reaching 

up to 10  K/s. Four important factors determine how the laser beam interacts with 

metal powder: laser power (P), scan speed (v), layer thickness (t) and hatch distance 

(h). The shape, microstructure and mechanical properties of the finished product are 

significantly influenced by these factors. Although each parameter plays a different 

role, they are often combined into a single term known as volumetric energy density 

(VED) for a more thorough understanding [98]. 

Volumetric Energy Density (J/mm3) Ÿ  
P (J/s)

V (mm/s) Ĭ h mm Ĭ t (mm) 
   (Eq. 2.1) 

As mentioned above, the metal powder in front of the molten pool is continuously 

melted and then solidifies almost instantaneously as the laser moves away. The large 

thermal gradients present during solidification induce convection which leads to the 

formation of localized melt pools, a common feature in L-PBF [99ï102]. The shape 

and depth of the melt pool are determined by the scan speed. Faster scan speeds result 

in narrow and deeper melt pools while shallow and wider melt pools form at slower 

speeds. Improper control of the melt pool leads to defects such as gas pores and 

keyhole porosity. Therefore, careful analysis is performed especially in parameter 

studies [103,104]. A comprehensive schematic of the L-PBF process, including the 

key parameters and melt pool formation, is illustrated in Fig. 2.13. 
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Figure 2.13 Schematic diagram depicting the stages in L-PFB [100]. 

2.3.2.2 Electron Beam Melting 

EBM is another PBF method that uses a high-energy electron beam as the energy 

source to melt and fuse metal powders. This process is very similar to L-PBF in terms 

of operation which is why EBM is also referred to as E-PBF in literature. In both 

processes, near-net shape products having near full density can be produced 

[55,95,97,105]. In Fig. 2.14, the EBM process and its components are shown. 
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Figure 2.14 Schematic representation of the EBM process [106]. 

Although EBM shares operational similarities with L-PBF, it has remarkable 

differences in processing conditions, which makes EBM difficult to employ in metal 

AM studies (Fig. 2.12). One key difference is that EBM is performed under a vacuum 

environment, which limits the size of the build chamber and affects dimensional 

control [94]. Additionally, accelerated electrons have enough momentum to spatter 

powders during the process. Therefore, the powder size is larger in EBM than that 

of L-PBF. Another important factor is that in EBM, powders should be preheated to 

very high temperatures in EBM (up to 0.8 Tm) to facilitate fusion during scanning. 

High temperature preheating also leads to longer cooling times, which results in the 

formation of undesired phases, defects and inclusions, and makes superalloys more 

susceptible to cracking after the process [94,97,107,108]. Overall, process 

optimization is quite challenging in EBM, and it is not always applicable to all types 

of superalloys [109,110]. 
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2.3.2.3 Directed Energy Deposition 

DED is an AM method where either powder or wire feedstock is melted as they are 

being deposited. Unlike PBF techniques, in the powder form of DED, the feedstock 

is delivered from a multi-axis nozzle directly into a molten metal pool. This process 

utilizes different kinds of energy sources such as lasers, electrons and plasma arcs, 

to create the concentrated heat necessary to melt the feedstock. Therefore, several 

other names, such as laser engineered net shaping (LENS), directed light fabrication 

(DLF), electron beam direct manufacturing (EBDM), direct laser deposition (DLD) 

and wire arc additive manufacturing (WAAM), are associated with DED [55,111]. 

All processes are usually carried out with a shield of inert gas to prevent any kind of 

contamination [112]. Like other AM methods, parts are built layer-by-layer, and the 

nozzle moves up after a layer is deposited [113]. 

 

Figure 2.15 Schematic representation of the DED process [114]. 
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Laser power, scan speed, laser beam spot size and powder feed rate are prominent 

parameters in DED that influence the process outcomes. A unique microstructure 

can be obtained based on the specific combination of these parameters. Parameter 

optimization by using a process window is essential in DED, as with PBF techniques, 

to control deposition and produce high-quality parts. In the as-built (AB) state, 

superalloys typically show a columnar dendritic microstructure with either planar or 

equiaxed grains. Due to the non-equilibrium cooling process and high-temperature 

gradients, columnar grains usually have a strong texture along the building direction 

(BD). Besides, the weldability of the superalloy is a critical parameter for a proper 

application in DED studies [55,114ï117]. Generally, aluminum and titanium content 

primarily govern the weldability of the alloy, as susceptibility to crack formation 

increases with the amount of ɔǋ precipitates at high temperatures. The plot of 

weldability of some superalloys according to their aluminum and titanium content is 

demonstrated in Fig. 2.16 [97,106,110]. 

 

Figure 2.16 Weldability assessment diagram for superalloys (adapted from [106]). 
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The number of studies on the DED of superalloys is comparable to those on EBM. 

The outcomes demonstrated on DED for several superalloys in the literature are 

diverse. Nevertheless, DED has been successfully implemented for specific 

applications and shows significant potential in developing graded materials [115]. 

The main characteristics of L-PBF, EBM and DED are summarized in Table 2.4. 

Table 2.4 Main features of three common AM methods for superalloys [97]. 

 L-PBF EBM DED 

Heat Source Laser beam Electron beam Laser beam 

Key Parameters 

Laser power 

Scan speed 

Hatch spacing 

Layer thickness 

Scan strategy 

Beam power 

Scan speed 

Hatch spacing 

Layer thickness 

Pre-heat 

temperature 

Scan speed 

Hatch spacing 

Layer thickness 

Powder feed rate 

Power (W) 50-1000 500-3000 1000-3000 

Scan speed (mm/s) 10-1000 10-8000 6-60 

Spot size (mm) 0.04-0.5 0.1-2 1-3 

Powder size (ɛm) 15-53 50-120 53-105 

Surface roughness 

(ɛm) 

7-30 20-50 15-60 

Melt-pool size (ɛm) ~100 ~100 ~500 

Cooling rate (K/s) 105-107 103-105 102-104 

Temp. gradient (K/s) 106-107 105-106 105-107 

Environment Inert gas Vacuum Air/inert gas 

2.3.3 Challenges in the Additive Manufacturing of Superalloys 

Although the advent of AM has revolutionized the production of advanced materials 

with intricate shapes, the technology still faces practical and technical challenges 

that must be taken into consideration for AM to reach its full potential. The key 
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challenges in the AM industry can be classified as defect formation (i.e., porosity 

and cracking), residual stresses and anisotropy in the final product. Poor surface 

finish and unwanted inclusions in the microstructure often necessitate post-

processing, especially for superalloys. Very high cooling rates in AM processes lead 

to remarkable residual stresses, which affect the final shape and cause anisotropy in 

mechanical properties. Specifically, residual stresses result in warpage, cracking and 

substandard mechanical properties, when parameters are not optimally selected. 

Stress relief treatments are typically implemented in AB parts to alleviate residual 

stresses. Pores and rough surfaces, which act as stress concentrating sites, are formed 

during the processes. Due to the nature of heat loss during melting and solidification, 

grains tend to grow epitaxially. This leads to a strong texture along the BD which 

reinforces the anisotropy. Within the context of superalloys, undesired secondary 

phases such as Laves, are found in AB parts. In ɔǋǋ-strengthened alloys, it has been 

found that the formation kinetics of the deleterious ŭ phase significantly accelerated 

in additively manufactured parts compared to the wrought components, in which the 

ŭ forms after tens of hours of thermal exposure. Literature on mitigating these factors 

has been growing. Despite this growth, global standards and certifications on AM of 

superalloys have yet to be established. Furthermore, parameter optimizations are still 

performed in the studies to have a complete understanding of the underlying 

mechanisms [110,118,119]. 

2.4 Inconel 625 

Inconel 625 (hereafter referred to as IN625) is one of the most common nickel-base 

superalloys in use. In industry and literature, it is also denoted as Alloy 625. IN625 

is essentially a solid solution strengthened superalloy by virtue of various refractory 

elements such as Cr, Mo and Nb. However, it is also capable of forming 

strengthening intermetallics such as ɔǋǋ and carbides by applying suitable heat 

treatments [120ï122]. This enables IN625 to achieve an optimal combination of 

yield strength, fatigue resistance, as well as oxidation, corrosion and wear resistance 
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under harsh environments. Moreover, it has excellent weldability, making it widely 

used in crucial parts of aerospace, chemical, nuclear and marine components [123]. 

The composition of IN625, as per the standard ASTM-B443, is listed in Table 2.5. 

Table 2.5 The chemical composition of IN625 (in wt%) [124]. 

Element Ni Cr Fe Mo Nb+Ta C Mn Si  Al  Ti 

Amount 
58.0 

min. 

20.0-

23.0 

5.0 

max 

8.0-

10.0 

3.15-

4.15 

0.10 

max 

0.50 

max 

0.50 

max 

0.40 

max 

0.40 

max 

2.4.1 Phases and Heat Treatments 

As briefly mentioned above, IN625 forms several phases at elevated temperatures. 

Between 650 and 950 ÁC, ɔǋǋ and ŭ phases, as well as MC, M6C and M23C6-type 

carbides and Laves phases, are found in the microstructure. Additionally, 

Ni2(Cr,Mo) phases can be observed in IN625 after long thermal exposures less than 

600 ÁC. The Ni2(Cr,Mo) phase has a Pt2Mo-type lattice structure (body-centered 

orthorhombic) mostly seen in Ni-Cr-Mo base alloys. The inferior mechanical 

properties of IN625 under prolonged thermal exposure have been attributed to the 

presence of this phase [123,125]. The thermal stability of this phase varies depending 

on the molybdenum and chromium content, as well as the presence of additive 

elements [126]. However, Ni2(Cr,Mo) phase in IN625 is observed to become 

unstable at temperatures above 600 ÁC [127]. It has rather ellipsoidal or snowflake 

morphology [51].  
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Figure 2.17 (a) Bright field and (b) dark field TEM images of Ni2(Cr,Mo) phase 

with ellipsoidal morphology and (c) snowflake morphology [51]. 

2.4.2 Heat Treatments and Mechanical Properties 

Numerous studies to date have shown that the mechanical properties of IN625 

depend significantly on the type, size, distribution and orientation of the secondary 

phases. Thus, the application and duration of thermal processes, as well as phase 

transformations, are crucial for achieving desired properties in specific applications. 

In IN625, the control of microstructure is generally implemented by solutionizing 

and age hardening heat treatments. The former refers to heating the alloy to 

temperatures below the incipient melting temperature to dissolve secondary particles 

into the matrix, followed by rapid quenching to retain the dissolved elements within 

the matrix. The latter is employed to facilitate the precipitation of strengthening 

phases and to control the carbide phases at moderate temperatures [86,128ï130]. 

Additionally, stress relief annealing to reduce residual stresses and HIP to reduce 

porosity and homogenization are employed in AM IN625 [131]. Solutionizing 

treatment for wrought IN625 is recommended at 1150ÁC for 2 hours, followed by 

rapid quenching [132]. However, phase control becomes more complicated at 

moderate temperatures (i.e., between 600 and 800 ÁC). Therefore, the utilization of 

the time-temperature-transformation (TTT) diagram for IN625 is essential to design 
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a successful heat treatment strategy. The TTT diagram for IN625, including Ni2(Cr, 

Mo) phases, is shown in Fig. 2.18. 

 

Figure 2.18 TTT diagram of IN625 (adapted from [51]). 

There are several studies on the heat treatment of IN625 that investigate different 

procedures and detail specific outcomes. Hu et al., for example, applied different 

heat treatments around solutionizing temperature to investigate the change in the 

microstructure and mechanical properties with respect to the amount of Laves phases 

in laser solid formed IN625 [133]. Wang et al. found solutionizing on gas metal arc 

welded (GMAW) IN625 at 1140 ÁC resulted in removing all Laves phases in the as-

weld sample, while two-step age hardening yielded MC-type carbides and ɔǋǋ phases 

in the microstructure [134]. Similarly, Hu et al. report that solutionizing DED IN625 

at 1200ÁC for 30 minutes removed all Laves phases in as-deposited samples, while 

subsequent age hardening provided the greatest strength at the expense of ductility 

[135]. However, Safarzade et al. argued that solutionizing GMAW IN625 does not 

improve mechanical properties, and in fact, ductility deteriorated [136]. About age 

hardening, variables and results are rather dispersed. Donachie claims that direct 
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aging of wrought samples may result in a more uniform distribution of ɔǋǋ particles 

compared to traditional two-step aging processes [82]. This case has indeed been 

confirmed by recent studies. Marchese et al. found that direct aging on L-PBF IN625 

at 700 ÁC resulted in the greatest strength compared to other heat treatment 

techniques [137]. Similarly, it has been found in another work that direct aging at 

700 ÁC yields better mechanical properties than 900 ÁC and 1050 ÁC [138]. In these 

studies, an improvement in strength has been attributed to the ɔǋǋ and M23C6-type 

carbides [137,138]. Liu [64] followed a different approach, called short-term stress-

aging treatment, to achieve an improved balance of strength and ductility which is 

attributed to the formation of nano-scale ŭ phases. 

2.4.3 The Microstructure of Additively Manufactured I nconel 625  

Unique microstructure characteristics are achieved in AM IN625, since they 

experience various and different thermal histories, along with the complex elemental 

composition of the alloy. In all AM processes involving IN625, melt pools 

containing dendritic and cellular structures are formed depending on the process 

parameters [139]. In PBF-based methods, smaller track sizes, melt pools and cellular 

structures are achieved compared to DED, due to the use of finer laser beams and 

thinner layer thicknesses. This results in superior mechanical properties in AB L-

PBF parts [140,141]. Microstructures of the AB L-PBF and DED IN625 are 

demonstrated in Fig. 2.19. 
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Figure 2.19 Microstructures of a) L-PBF and b) DED IN625 in AB condition 

(adapted from [131]). 

As discussed in section 2.3.3, due to the rapid cooling rates and high thermal 

gradients, a strong texture with columnar grains along the BD is generally obtained 

in AM parts, which results in anisotropic characteristics. Specifically, ɔ grains with 

a <100> orientation tend to undergo epitaxial columnar growth during solidification 

in both PBF and DED. Despite this anisotropy, the mechanical properties of AB parts 

have exceeded the wrought and as-cast counterparts [114,135,142]. Moreover, solid 

solution elements such as Nb and Mo remain in a quenched state and segregate into 

interdendritic regions along with the buildup of high residual stresses [99,139]. In 

this regard, recent studies demonstrated that precipitation of the ŭ phase in AM 

IN625 takes place much faster than that of the wrought product [143ï145]. Similar 

accelerated precipitation kinetics have also been observed in IN625 weldments 

[146]. As a result, the TTT diagram for conventionally produced IN625 (Fig. 2.18) 

may be misleading in terms of ɔǋǋ and ŭ transformations and determining a heat 

treatment route. To this end, Stoudt et al. [147] restructured the TTT curve to better 

represent the formation of the 1% volume fraction ŭ phase with respect to the curve 

of wrought IN625. This phenomenon is also investigated with computational 

simulations and it is confirmed that segregation of Nb and Mo segregations in the 

AB states accelerate the precipitation of ɔǋǋ, ŭ and MC-type carbides [148]. 



 

 

40 

 

Figure 2.20 The TTT diagram depicting the formation curves of AM IN625 and 

wrought alloy [147]. 

2.5 Oxide Dispersion Strengthening 

At temperatures above 700ÁC, the strengthening phases in IN625 tend to coarsen or 

dissolve into the matrix, which limits their effectiveness in hostile environments. 

ODS holds significant potential for maintaining the stability of these phases and 

further enhancing the materialǋs properties for high-temperature applications, as well 

as improving its corrosion and radiation resistance. 

2.5.1 Oxide Dispersion Strengthening Principles 

ODS is a method where insoluble ceramic oxides and/or oxide formers are inserted 

into the alloy. The strengthening effect is obtained by the high-density dispersion of 

nano-oxides within the metallic matrix. It essentially works in a similar way as 

precipitation hardening. However, nano-oxides do not precipitate from the 
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supersaturated matrix and are usually incoherent with the matrix [71,149]. In all ODS 

applications, Y2O3 (i.e., yttria) in varying amounts are added to the composition. 

Yttria, then, reacts with the specific elements at higher temperatures to form nano-

size oxides. In the case of stainless steel and nickel-base superalloys, yttria usually 

reacts with aluminum and titanium to form Y-Ti-O and Y-Al -O oxides [150,151]. 

The nano-oxides effectively pin the dislocations and grain boundaries, thereby 

impeding the dislocation motion and stabilizing the grain boundaries during 

recrystallization. Specifically, dislocation motion is hindered through Orowan and 

Hall-Petch mechanisms, and grain growth is suppressed by Zener pinning [152,153]. 

Moreover, the nano oxides enhance radiation resistance by acting as sinks for 

vacancies and helium atoms, thereby hindering irradiation-induced void swelling. 

Nano-oxides within the matrix are known to remain thermally stable up to 1100ÁC, 

and they also maintain stability under both neutron and ion irradiation at 

temperatures exceeding 300ÁC [154ï158]. 

2.5.2 Production Methods 

The production of ODS alloys is not a straightforward process. Firstly, liquid-phase 

methods, such as casting, are unsuitable for ODS alloy production because the 

density of the nano-oxides is lower than that of the base alloy, causing them to float 

in the melt and leading to inevitable agglomeration [151,159]. Conventional ODS 

alloy preparation involves multiple stages of powder metallurgy, including 

mechanical alloying (MA), canning, HIP, and hot extrusion. Depending on the 

application, these processes are often followed by further sintering or heat treatment 

[160ï162]. MA is a solid-state powder metallurgy technique in which powders 

undergo repeated deformation by mechanical forces. This is obtained by the 

interaction of powders with grinding balls in a process called ball milling. During 

the process, metal powders are mixed, fractured and cold welded with nano-oxides. 

Usually, hard vials and grinding balls such as WC, hardened steels and tool steels 

are used in ball milling. A uniform distribution of oxides is obtained when the metal 
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powders and nano-oxides are sufficiently interacted under either an inert or reducing 

atmosphere [163ï166]. However, ball milling involves several process parameters 

that must be controlled which makes the production and development of ODS alloys 

a very demanding process from MA to end-use [167,168]. AM, in this regard, offers 

a faster route for fabricating ODS components with intricate geometries and reduced 

material waste (Fig. 2.21). The rapid melting and solidification in AM processes are 

also beneficial in retaining the nano-oxides [151,161,169,170]. L-PBF and DED are 

the most studied AM techniques in developing ODS alloys. Nevertheless, it is 

important to account for the fact that most powders lose their shape due to plastic 

deformation during milling, as irregularly shaped powders are unsuitable for AM 

processes. Conserving the sphericity while equally distributing the nano-oxides is 

required to have a fully dense structure without any defect, and process parameters 

should be designed accordingly [171ï174]. 

 

Figure 2.21 Flow charts comparing the steps of conventional production of ODS 

alloys and AM [161]. 
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2.5.3 Nano-Oxide Systems 

The strengthening in ODS alloys strongly depends on the size, number density and 

distribution of the nano-oxides. In this regard, complex Y-Al -O oxides are found to 

be coarser than other oxide systems, and they have a propensity for coarsening during 

subsequent processes [175,176]. Recent studies demonstrate that adding oxide-

forming elements can refine the oxides. For instance, the preferential formation of 

Y-Ti-O oxides by the addition of Ti in a nickel matrix has led to finer oxides and 

increased mechanical properties, with an increased number density of nano-oxides 

[150]. Dou et al. reported that a 0.03 wt.% increment of titanium in aluminum 

containing ODS steel raised the Y-Ti-O oxides by almost 30% [177]. Lu et al. studied 

the effect of the Y/Ti ratio to observe the oxide distribution behavior [178]. 

Furthermore, the addition of Zr and Hf resulted in the formation of even more refined 

nano-oxides, contributing to superior mechanical properties. Specifically, oxides, 

including Zr and Hf, are observed as Y4Zr3O12 and Y2Hf2O7 compounds, 

respectively [177,179ï181]. Gao et al. showed that Zr addition suppresses the 

formation of Y-Al -O oxides and promotes the formation of finer Y4Zr3O12 oxides in 

ODS ferritic steel [182]. Xu et al. compared two kinds of ODS steel, with and without 

Zr addition, and demonstrated the exceptionally improved mechanical properties 

with ultrahigh number densities of nano-oxides in the Zr-containing variant [183]. 

Similar to Zr addition, Hf addition to ODS steel effectively suppressed the formation 

of Y-Al -O oxides and refined the grain size [184]. TEM and HRTEM study on 

Y2Hf2O7 indicates that an excellent improvement in the coherency of nano-oxides is 

achieved with Hf addition [185]. Tang and Kang state that Y2Hf2O7 particles are 

found to be finer than Y4Zr3O12 particles, which leads to better mechanical properties 

[186,187]. Additionally, Huang et al. showed that Hf is more potent in refining the 

oxides than Ti [188]. Common yttrium-based nano-oxide compounds are listed in 

Table 2.6. 
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Table 2.6 Common nano-oxide compounds based on yttrium with their 

crystallographic structure (adapted from [161]). 

Alloying Element Oxide Compound(s) Lattice Structure 

Yttrium Y2O3 Cubic 

Titanium 
Y2TiO5 Orthorhombic 

Y2Ti2O7 Cubic 

Aluminum 

Y4Al 2O9  Monoclinic 

Y3Al 5O12  Cubic 

YAlO3  Hexagonal 

Zirconium 
Y4Zr3O12 Trigonal 

Y2Zr2O7 Cubic 

Hafnium Y2Hf2O7 Cubic 

2.5.4 Studies Pertaining to Inconel 625 

The available literature on ODS IN625 is scarce, with most studies concentrating on 

the addition of yttria. Within the scope of metal matrix composites, Ghodsi et al. 

investigated various L-PBF parameters for IN625 reinforced with yttria-stabilized 

zirconia to monitor porosity and mechanical properties [189]. Spierings et al. 

demonstrated that AM of irregularly shaped ODS IN625 powders is possible, 

although it requires significant alterations to the process window [190]. A 

remarkable increase in strength in AM ODS IN625 in the study of Li et al, at room 

temperature, 800 ÁC and 1100 ÁC, compared to the non-ODS variant [191]. In terms 

of corrosion resistance, Arnold et al. reported that the oxidation rate of ODS IN625 

produced via spark plasma sintering was reduced 40-fold compared to the wrought 

component [192]. Moreover, Zou et al., successfully incorporated La2O3 into IN625 

to produce nano-sized La2Ti2O7 oxides using wire arc DED and achieved an 

excellent oxidation resistance at elevated temperatures [193]. 
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Figure 2.22 STEM image showing the nano-oxides in a) AB and b) heat-treated 

ODS IN625, with their atomic fraction [191].
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CHAPTER 3  

3 EXPERIMENTAL PROCEDURE  

3.1 Starting Materials and Alloy Design 

In this study, a new grade of ODS IN625 was intended to be developed. For the 

production of ODS IN625 via AM, gas atomized IN625 powders with particle sizes 

ranging from 24 to 52 ɛm was supplied from Oerlikon Metco Europe GmbH as 

shown in the SEM micrographs in Fig. 3.1. In order to see the effect of production 

method on the final properties of the IN625, a wrought IN625 rod, which had been 

heat-treated at 951 ÁC for 30 minutes and then water cooled, was purchased from 

VDM Metals International GmbH. The elemental composition of the IN625 powders 

and the wrought component as provided by their manufacturers are listed in Table 

3.1, along with the nominal IN625 composition prescribed in ASTM-B443 standard 

[124].  

Table 3.1 Elemental composition of the IN625 powders and rod with respect to the 

ASTM-B443 standard specified for wrought IN625 (in wt%). 

 IN625 Powder IN625 Rod ASTM-B443 

Nickel 65.4 59.9 58.0 min. 

Chromium 20.9 22.3 20.0-23.0 

Iron 0.20 4.36 5.0 max. 

Molybdenum 8.75 9.12 8.0-10.0 

Niobium + Tantalum 3.60 3.39 3.15-4.15 

Manganese 0.41 0.06 0.50 max. 

Aluminum 0.02 0.24 0.40 max. 

Titanium 0.02 0.32 0.40 max. 

Carbon 0.03 0.02 0.10 max. 

Silicon 0.48 0.16 0.50 max. 
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Figure 3.1 SEM micrograph of IN625 powders. 

Y2O3 is the most commonly used additive for studies regarding ODS of metals. This 

preference is attributed to the fact that Y2O3 and Y2O3-based nano-oxides have the 

greatest thermodynamic stability, making them resistant to coarsening effects at 

temperatures higher than 1200 ÁC [161,176]. However, Y2O3 is added to alloys that 

contain oxide-forming elements such as Al and Ti in their composition, which are 

not sufficiently present in IN625. Additionally, Hf is shown in several studies to 

produce the finest nano-oxides, due to its effectiveness in refining the other oxides 

[179,185,186,188]. Consequently, powder forms of Y2O3 and Hf were selected as 

starting materials in this study, along with IN625 powders. High-purity Y2O3 and Hf 

powders were obtained from Nanografi Nanotechnology Co., with particle sizes of 

15-44 mm and 18-38 nm, respectively. Both powders have irregular morphology, as 

shown in the SEM micrographs in Fig. 3.2. 
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Figure 3.2 SEM micrographs of a) Hf and b) Y2O3 powders. 

3.2 Mechanical Mixing of Powders 

To achieve a homogeneous dispersion of nano-sized Y2O3 on the surface of the 

IN625 powders without losing their sphericity, ball milling was performed using a 

zirconia (i.e., ZrO2) vial with zirconia balls of varying diameters (5 mm, 1 mm and 

0.5 mm). Mixing of the powders was carried out using the Fritsch Pulverisette P6 

classic line planetary mono mill high-energy ball milling machine under Ar 

atmosphere to prevent contamination. To optimize the mixing parameters (i.e., 

mixing time and rotation speed), mixing times were set at 2, 5, 10, 30, 60 and 120 

minutes, while rotation speeds ranged from 200 to 500 rpm. For comparison, 

powders were also mixed by hand. It was found that Y2O3 powders were effectively 

dispersed onto the IN625 powders with minimal agglomeration when using the 

rotation speed of 200 rpm with ZrO2 balls with diameters of 0.5 mm and 1 mm. The 

ball milling machine, zirconia vial and balls used in mechanical alloying are shown 

in Fig. 3.3. 
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Figure 3.3 a) Ball milling machine and b) zirconia vial with balls inside. 

3.3 Laser Powder Bed Fusion of Standard and ODS IN625 Powders 

The AM of ODS IN625 and non-ODS variant (hereafter referred to as ñSTDò) was 

performed using an EOS M290 Selective Laser Melting machine equipped with a 

400 W ytterbium-fiber laser with a spot size of 110 ɛm. A total of 25 different 

combinations of scan speed (mm/s) and laser power (W) were tested to determine 

the optimal combination of parameters utilizing the parameter matrix shown in Fig. 

3.4. For each set of parameters, a batch of cube-shaped samples with a dimension of 

15x15x15 mm were produced and used for porosity and hardness measurements. In 

other words, two batches of the parameter matrix cubes for STD and ODS IN625 has 

been produced for the parameter optimization. The layer thickness and hatch spacing 

were kept constant at 40 ɛm and 110 ɛm, respectively. A bi-directional scanning 

strategy with a rotation angle of 67Á was deployed during the production of cubes. 

After a thorough metallographic investigation, 4 parameter sets in each variant were 

selected for further microstructural analysis to make a final decision on the optimum 

parameters. For both alloys, scanning power of 285 W and scanning speed of 960 

mm/s were determined to be the optimal parameter set for L-PBF production.  
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Figure 3.4 Production matrix for the L-PBF of powders. 

Using the selected optimal parameter set, cylindrical samples with a diameter of 10 

mm and a length of 60 mm were produced vertically on a stainless steel build plate 

in an Ar atmosphere to prevent cross-contamination. A cylindrical sample produced 

by L-PBF method and a dog-bone shaped tensile testing specimen machined from 

that sample are shown in Fig. 3.9. 

3.4 Heat Treatments 

The heat treatments of all alloys were carried out using a Protherm MOS 180/4 

chamber furnace shown in Fig. 3.5, with a heating rate of 10 ÁC/min. The samples 

were placed in alumina crucibles and a protective Ar purge was applied during heat 

treatment to prevent contamination. During the study, two different heat treatments 

were applied to the samples. Namely, additively manufactured AB alloys were 

directly aged at the selected aging temperature and also AB alloys along with 
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conventionally produced rod were solutionized and aged according to the selected 

solutionizing and aging temperature. 

 

Figure 3.5 The chamber furnace used for the heat treatments. 

3.4.1 Solutionizing of the Alloys 

Solutionizing of the IN625 takes place at temperatures exceeding 1000 ÁC. However, 

the solutionizing temperature and the duration plays an important role in determining 

the final microstructure as well as mechanical properties. The recommended 

solutionizing temperature for IN625 is 1150 ÁC for 2 hours [137]. In the current 

study, three solutionizing temperatures ranging from 1100 ÁC to 1200 ÁC were tested 

with durations varying from 10 to 120 minutes to optimize the solutionizing process. 

Specifically, a parameter matrix similar to that used in L-PBF production, 

comprising 15 different temperature-time combinations, was evaluated to identify 

the optimal solutionizing temperature. For the best mechanical properties, 15 AB 
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ODS IN625 samples were sectioned and solutionized according to the matrix shown 

in Fig. 3.6. To prevent unwanted phase formation during cooling, all samples were 

water-quenched right after heat treatment. 

 

Figure 3.6 Heat treatment routes to select optimal solutionizing conditions. 

After metallographical investigations and hardness tests on solutionized samples, the 

optimal solutionizing temperature was determined to be 1150 ÁC for 60 minutes. 

STD, ODS IN625 and conventionally produced rod were then sectioned and 

solutionized for microstructural analysis using this parameter set and subsequently 

water quenched. Moreover, tensile test specimens from aforementioned samples 

were also subjected to the same procedures prior to their tensile testing.  

3.4.2 Aging Temperature 

Similar to the solutionizing, aging heat treatment is also applied to IN625 samples to 

promote strengthening phases and enhance the mechanical properties at elevated 

temperatures. Aging temperatures for IN625 are between 600 and 900 ÁC [194]. Due 

to the number and complexity of phase transformations within this temperature 

range, selecting the appropriate aging temperature is crucial for achieving optimal 

mechanical properties. Aging treatments have been applied on two different 

conditions such as AB and solutionized samples. The aging temperature was 

determined based on the mechanical property changes on AB ODS IN625 after their 

direct aging (DA). DA, a relatively novel heat treatment for additively manufactured 

IN625 samples, was conducted at temperatures between 700 ÁC and 800 ÁC [138]. 
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To optimize the aging process, these two temperatures were tested with durations 

ranging from 2 to 36 hours, resulting in a parameter matrix of 12 different 

temperature-time combinations, as shown in Fig. 3.7. The aging treatment on 

samples was followed by air cooling. 

 

Figure 3.7 Heat treatment routes to select optimal DA conditions. 

Based on metallographic examinations and hardness tests on AB ODS IN625 alloys, 

the optimal aging treatment parameters were selected as 700 ÁC for 24 hours. These 

parameters were subsequently applied to the solutionizing and aging heat treatments, 

resulting in a combination of solutionizing at 1150 ÁC for 60 minutes followed by 

aging at 700 ÁC for 24 hours. 

3.5 Microstructure Characterizations 

The cubes produced for the parameter study and cylindrical samples were separated 

from the build plate using electrical discharge machining (EDM) by the 

manufacturer. Each cube was metallographically prepared for porosity 

measurements in the as-polished condition. The sample surfaces were ground using 

SiC abrasive papers with grits of 220, 400, 800, 1200 and 2000. Final polishing of 

the samples was carried out using diamond suspensions of 6 ɛm and 1 ɛm particle 

sizes, followed by colloidal silica suspension with a particle size of 0.25 ɛm. After 

cleaning the polished surfaces with ethanol, the samples were electrolytically etched 

to reveal the microstructural features by means of a solution of 5 g oxalic acid and 

95 ml of HCl at 3 V for 10-15 seconds. In the case where electro-etching was found 

to be too aggressive, the samples were immersed in a Kallingôs No.2 Reagent (100 
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ml ethanol, 100 HCl and 5 g CuCl2) etchant for 30 to 60 seconds for chemical 

etching. 

3.5.1 Optical Microscopy 

3.5.1.1 Porosity Measurements 

For pore analysis, surfaces of the cubes produced with different parameters from the 

production matrix were examined in as-polished condition using optical microscopy 

(OM) under Huvitz Digital Microscope (HDS-5800). Low-magnification images 

were captured from five different locations on each sample, and ImageJ 1.49v digital 

processing software was utilized for the quantification of the pore content. Using the 

global thresholding method, the area percentage of the porosities were calculated and 

averaged for each sample. Samples having the lowest porosity and standard deviation 

were identified.  

3.5.1.2 Microstructural Investigations  

Micrographs of etched samples were captured at various magnifications using OM 

to study the shape and distribution of the melt pools. Melt pool length and depth for 

the cubes from the production matrix were calculated analyzing their microstructural 

images using ImageJ 1.49v digital processing software. For each sample, 

measurements were taken from 10 different melt pools across two low-magnification 

OM micrographs and averaged. Grain morphologies in as-built (AB), direct aged 

(DA), and solutionized and aged (SA) conditions were analyzed, where semi-

quantitative grain size measurements were conducted in the SA condition using the 

same software. Excluding edge grains and twin boundaries, at least three 

measurements were taken for each grain, and average grain sizes, along with their 

number fractions, were plotted. Additionally, the columnar and dendritic structures 

in the AB alloys were characterized, while microstructural investigations of heat-
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treated samples focused on melt pool boundaries, secondary phases, and grain 

structures. 

3.5.2 Scanning Electron Microscopy 

3.5.2.1 Microstructural and Compositional Analysis 

The morphology of the virgin and ball-milled powders, melt-pools in AB, SA, and 

DA alloys, as well as the secondary phases and local compositional differences, were 

analyzed using scanning electron microscopy (SEM). FEI-430 NanoSEM scanning 

electron microscope equipped with EDAX SSDD Apollo10 Energy Dispersive 

Spectroscopy (EDX) detector was used, operating at an acceleration voltage of 20 

kV. Similarly, a Hitachi SU5000 Field Emission Scanning Electron Microscope, 

equipped with an Oxford X-MaxN 80 EDX detector, was utilized for chemical 

composition analysis of the secondary phases and elemental mapping of selected 

regions at an acceleration voltage of 20 kV. 

3.5.2.2 Texture and Grain Boundary Analysis 

The textures and grain structures of the AB and heat-treated IN625 samples were 

analyzed using the Electron Backscatter Diffraction (EBSD) technique. Sample 

preparation for EBSD involved grinding 300 mm-thick samples with SiC abrasive 

paper up to 2000 grit followed by electro-polishing. Electro-etching was conducted 

using a Struers TenuPol-5 twin jet electro polisher at -40 ÁC and 15 V in a solution 

of 5 vol% perchloric acid and 95 vol% methanol. EBSD was implemented on a 1000 

Õm Ĭ 1000 Õm region, with a step size of 1 ɛm for all samples, using the SEM 

equipped with a TSL EBSD detector. Data refinement was carried out using OIM 

5.31 software to generate inverse pole figure (IPF) maps, grain boundary maps, 

Kernel average misorientation (KAM) maps and pole figures. 
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3.5.3 Transmission Electron Microscopy 

The presence of the nano-oxides and their composition in AB condition were 

examined through TEM. A JEOL JEM-ARM200CFEG UHR-TEM equipped with 

EDAX EDX detector at 200 kV and JEOL JEM 2100 HRTEM equipped with Gatan 

Model 833 Orius SC200D CCD camera were used for these investigations. Sample 

preparation for TEM analysis involved grinding the samples to a thickness of 100 

nm using SiC abrasive paper (2000 and 4000 grit) and punching them into 3 mm 

diameter discs. The final thinning of the samples was achieved by electro-polishing 

with the same procedure for the EBSD sample preparation. 

3.6 Mechanical Properties 

The preliminary evaluation of the mechanical behavior of the samples at room 

temperature was conducted via microhardness measurements, followed by room 

temperature tensile testing. Microhardness measurements were performed using a 

Shimadzu HMV-2 E machine, applying 0.5 kg of load for 10 seconds. A total of 21 

measurements were taken at various points on each sample surface. For tensile 

testing, vertically-built cylinders have been machined as per the ASTM E8M 

standard, which requires a dog-bone shape with threaded ends with gauge length five 

times the diameter. Fig. 3.8 and Table 3.2 specifies the dimensions of the tensile test 

specimen, and in Fig. 3.9 the manufactured cylinder and machined tensile specimen 

is shown. 

 

Figure 3.8 Cylindrical tensile testing specimen machined according to the ASTM 

E8M standard [195]. 
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Table 3.2 The dimensions of specimens (small-size) used in this study. 

Component Dimension (mm) 

Gauge Length (G) 20.0 Ñ 0.1 

Diameter (D) 4.0 Ñ 0.1 

Radius of Fillet, min. (R) 4 

Length of Reduced Parallel Section, min. (A) 24 

 

Room temperature tensile testing of the AB and heat-treated samples was conducted 

according to ISO 6892 ï 1 standard, using the BESMAK BMT-E series universal 

testing machine. The initial strain rate up to the yield point was 3x10-4 s-1, while it is 

2.4x10-4 s-1 from the yield point to the fracture. On the other hand, tensile tests at 700 

ÁC have been carried out using an Instron 5582 universal testing machine equipped 

with a tubular furnace. The initial strain rate of the high temperature tensile testing 

was 1.5x10-4 s-1, as per ISO 6892-2 standard. To have thorough and reliable results, 

each tensile test was performed three times along the z-direction (i.e., BD), and the 

values including yield strength and elastic modulus, were determined from the stress-

strain curves.  
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Figure 3.9 Cylindric sample after L-PBF production and tensile test specimen. 
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CHAPTER 4  

4 RESULTS AND DISCUSSION 

4.1 Ball Mil ling Parameter Determination 

Mechanical alloying via ball milling for ODS applications often results in deformed 

powders, which decreases the flowability and affects the quality of L-PBF 

production [196]. An optimal combination of parameter selection is essential for 

satellite formation, indicating a proper spread of nano-oxides on micron-sized 

powders. In this study, mechanical mixing of powders was performed at different 

durations and rotation speeds using different sizes of zirconia balls. It was found that 

ball milling with 5 mm diameter media severely disfigures the shape of the IN625 

powders usually after 5 minutes of rotation, regardless of the rotation speed. This is 

illustrated in Fig. 4.1. 

 

Figure 4.1 SEM micrographs showing the morphology of ball-milled IN625 with 5 

mm balls for 10 minutes at a) 300 rpm b) 400 rpm c) 500 rpm. 

On the other hand, reducing the size of ball milling media as well as the rotation 

speed has been shown to effectively distribute nano-oxides evenly without distorting 

the shape of the powders. Therefore, a mixture of balls with 0.5 mm and 1 mm 

diameters was selected, and speed was set to 200 rpm. After determination of the 

dimensions of the milling media and the rotation speed during mixing, mechanical 

mixing was carried out for durations ranging from 2 minutes to 120 minutes to gain 
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thorough insights into the powder distribution and agglomeration. Prior to 

mechanical mixing, hand mixing was also carried out to observe the satellite 

formation of the nano-oxides. Fig. 4.2. shows the SEM micrographs of IN625, Y2O3 

and Hf powders mixed either by hand mixing or ball milling for different times. As 

shown in this figure, hand mixing does not yield proper satellite formation, whereas 

the fraction of the Y2O3 nano-powders in mechanically-mixed samples remarkably 

increases up to 30 minutes after which agglomeration of nano-oxides begins to occur 

at 60 minutes. Powders appear to break apart in the case of 100 minutes, then start 

re-agglomerating at 120 minutes. Consequently, ball milling for 100 minutes at 200 

rpm has been found to produce the best satellite structures. 
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Figure 4.2 SEM micrographs of mechanically alloyed IN625-0.3Y2O3-0.4Hf 

powders with the mixture of 0.5 mm and 1 mm diameter media at 200 rpm, 

showing yttria coating and morphology with respect to the milling time. 
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4.2 Parameter Optimization for Laser Powder Bed Fusion 

Two batches, including standard (STD) and ODS IN625, and 25 different samples, 

according to the production matrix given in Fig. 3.4., are produced via L-PBF.  

4.2.1 Standard IN625 

 

Figure 4.3 OM micrographs of STD IN625 samples in as-polished condition, with 

numbers corresponding to those specified in the parameter set of the production 

matrix. 

The as-polished optical microscope (OM) micrographs of standard IN625 are shown 

in Fig. 4.3 above. Both scan speed and laser power have a considerable effect on 

porosity formation in samples. From Fig. 4.3, an increase in the porosity is apparent 

at lower scan speeds and higher laser powers. Specifically, gas porosities are 

observed at moderate scan speeds and laser powers, while lack of fusion porosities 

(i.e., keyhole porosity) starts to form at higher scan speeds and laser powers, all of 
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which is consistent with the findings reported in the literature [197ï201]. Lack of 

fusion is a result of insufficient melting between the layers or convective flows due 

to higher laser powers [202]. Such porosities are considered very detrimental, 

especially when they are accumulated in a specific region. In contrast, gas pores, are 

observed as spherical and remarkably smaller than lack of fusion porosities. They 

result from the hydrogen encapsulation due to the moisture on the surface of the 

powders [203,204]. Fig. 4.4 shows the amount of porosity and hardness values with 

respect to the sample number. It is clear from this figure that while hardness values 

among the samples are relatively similar, porosities as high as 1% have been 

observed at the extremes of the parameter matrix. On the other hand, porosity amount 

decreases to around 0.1% with the combination of moderate parameters. This low 

porosity content has been achieved in several other studies, following the similar 

strategies for the L-PBF of IN625 [205,206]. Among all, four samples (#9, #13, #18 

and #20) were found to have the minimum porosity with the lowest standard 

deviation, and were selected for the melt pool analysis. The quantitative values of 

porosity percentages and hardness values of selected samples, along with their 

parameter sets are listed in Table 4.1. 

 

Figure 4.4 a) Porosity amount and b) hardness values vs. sample number for the 

STD IN625. 
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Table 4.1 Porosity percent and hardness values of the selected STD IN625 samples 

from the production matrix. 

Sample # Parameter Set Porosity (%) Hardness (HV) 

9 
P=300 W 

V=750 mm/s 
0.14 Ñ 0.04 291 Ñ 9 

13 
P=285 W 

V=960 mm/s 
0.18 Ñ 0.05 290 Ñ 16 

18 
P=240 W 

V=960 mm/s 
0.07 Ñ 0.02 276 Ñ 15 

20 
P=240 W 

V=1200 mm/s 
0.05 Ñ 0.04 284 Ñ 13 

 

As demonstrated in Table 4.1, Samples #18 and #20 have the minimum porosity 

content. However, their hardness values are lower than those of Samples #9 and #13, 

which also show higher standard deviations. Conversely, Samples #9 and #13 have 

slightly higher porosity percentages than the other samples, but they possess higher 

hardness values. Melt pool analyses of Samples #9, #13, #18 and #20 were conducted 

based on the OM micrographs of STD samples in etched condition (Fig. 4.5), and 

their melt pool dimensions are listed in Table 4.2. The melt pools in Sample #9 

appear slightly shallow and wide, as they have the minimum depth and the greatest 

width among the samples, with a melt pool depth and width of 61.5 ɛm and 159.6 

ɛm, respectively. Moreover, keyhole porosities were also observed in that sample. 

On the other hand, deeper melt pools, which infer higher energy inputs are found in 

Samples #18 and #20. Both samples exhibit wider melt pools, along with the highest 

standard variation, which is resulted from a combination of high laser power and 

lower scan speeds [206]. Eventually, Sample #13 (285 W, 960 mm/s) shows the most 

properly-formed melt pools among the final samples, and therefore, has been chosen 

as the optimal parameter set. 



 

 

67 

Table 4.2 Average melt pool dimensions of the selected STD samples. 

Sample # 
Melt Pool 

Depth (ɛm) 

Melt Pool 

Width (ɛm) 

Melt Pool 

Aspect Ratio 

9 61.5 Ñ 13.5 159.6 Ñ 41.8 2.60 

13 62.1 Ñ 9.7 124.5 Ñ 19.0 2.00 

18 68.1 Ñ 10.8 154.6 Ñ 44.2 2.27 

20 71.4 Ñ 10.0 145.7 Ñ 24.0 2.04 

 

 

Figure 4.5 Melt pool micrographs of a) Sample #9, b) Sample #13, c) Sample #18 

and d) Sample #20 in etched condition. 

4.2.2 Oxide Dispersion Strengthened IN625 

The same procedures in determining the optimum processing parameters used for 

STD IN625 were also applied for ODS IN625. OM micrographs in the as-polished 

condition for each parameter set, along with corresponding hardness values and 
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porosity amounts are shown in the following figures (Fig. 4.6 and 4.7). The behavior 

of the ODS powders exhibits a similar pattern to that of STD IN625, with a slightly 

improved porosity at moderate laser powers and scan speeds. It was observed that 

the ODS samples produced at moderate scan speeds and low powers contain 

approximately 0.1%, porosity while parameters at the extremes in the matrix results 

in a considerable porosity reaching up to 1.4%. Moreover, Sample #23 exhibited 

solidification cracking, which is likely owing to residual stresses or the presence of 

semisolid second-phase particles during solidification [207]. Based on the hardness 

values coupled with porosity percentages, Samples #1, #7, #13 and #21 were selected 

for further microstructural investigation. The quantitative values of porosity 

percentages and hardness for the selected samples are shown in Table 4.3. 

 

Figure 4.6 OM micrographs of ODS IN625 samples in as-polished condition, with 

numbers corresponding to those specified in the parameter set of production 

matrix. 
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Figure 4.7 a) Porosity amount and b) hardness values vs. sample number for the 

ODS IN625. 

Table 4.3 Porosity percentage and hardness values of the selected ODS IN625 

samples. 

Sample # Parameter Set Porosity (%) Hardness (HV) 

1 
P=350 W 

V=750 mm/s 
0.17 Ñ 0.07 296 Ñ 14 

7 
P=300 W 

V=850 mm/s 
0.16 Ñ 0.19 309 Ñ 13 

13 
P=285 W 

V=960 mm/s 
0.18 Ñ 0.05 309 Ñ 21 

21 
P=200 W 

V=750 mm/s 
0.16 Ñ 0.05 305 Ñ 17 

 

The porosity percentages and hardness values of the selected samples are somewhat 

similar to each other. Therefore, microstructures in etched conditions play a more 

predominant role in the selection of the optimal parameter set in this case. Melt pool 

configurations of the selected samples are shown in Fig. 4.8, and the melt pool 

dimensions of the selected samples are listed in Table 4.4. The melt pools in samples 

#1 and #7 are relatively deeper but larger in width, indicating a lower energy input 

[208]. In contrast, sample #21 exhibits relatively shallow melt pools. Quantitatively, 

samples #13 and #21 have the least standard variation in their melt pool depth and 
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width, inferring more stable melt pool structures. However, keyhole porosities 

associated with the lack of fusion are visible in samples #1, #7 and #21. 

Consequently, the parameter set of Sample #13 has, once again, has been identified 

as the optimal choice for the ODS IN625 production. Note that using the same L-

PBF parameters resulted in different melt pool aspect ratios, with the STD alloy 

exhibiting an aspect ratio of 2 and the ODS alloy showing 1.61. This indicates that 

the addition of Hf and Y2O3 altered the laser absorptivity of IN625 powders which 

can be seen from their larger melt pool depths. 

Table 4.4 Average melt pool dimensions of the selected ODS samples. 

Sample # 
Melt Pool 

Depth (ɛm) 

Melt Pool 

Width (ɛm) 

Melt Pool 

Aspect Ratio 

1 94.4 Ñ 12.9 174.4 Ñ 35.2 1.85 

7 82.3 Ñ 9.9 159.0 Ñ 14.3 1.93 

13 80.9 Ñ 10.8 130.1 Ñ 12.9 1.61 

21 79.7 Ñ 11.2 155.9 Ñ 24.4 1.96 
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Figure 4.8 Melt pool micrographs of a) Sample #1, b) Sample #7, c) Sample #13 

and d) Sample #21 in etched condition. 

4.3 Selection of the Heat Treatment Route 

There are several heat treatment methods to control microstructural features of 

IN625. As mentioned in the literature review, most of the heat treatments for 

conventional and AM IN625 include stress relieving or two step solutionizing 

followed by aging stages. Owing to the high number of parameters involved, 

hardness measurements were initially conducted on ODS samples to assess the 

changes in mechanical properties. This is followed by microstructure 

characterization for the final decision.  

4.3.1 Solutionizing Temperature  

To control the morphology, quantity, size, and distribution of secondary phases, as 

well as the grain structure, IN625 is usually subjected to solutionizing heat treatment 
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to fully dissolve the alloying elements into the nickel matrix. While various 

solutionizing temperatures have been tested to enhance the mechanical properties of 

the IN625 alloy, the specific role of the treatment temperature in microstructural 

evolution and mechanical performance remains ambiguous due to the numerous 

variables influencing the final microstructure and properties [209]. Fig. 4.9 illustrates 

the hardness evolution of ODS IN625 after the heat treatments according to the 

parameter matrix in Fig. 3.6.  

 

Figure 4.9 The hardness of ODS IN625 alloys solutionized at 1100, 1150 and 1200 

ÁC from 10 to 120 minutes. 

A notable and expected decrease in hardness is observed in all samples, with values 

ranging between 210 and 240 HV which are significantly lower than those of the AB 

alloy that is 314 HV. At 1100 ÁC, the hardness remains relatively stable compared 

to the treatments at 1150 and 1200 ÁC, ranging between 230 and 240 HV. This 

stability has been attributed to the slower dissolution of secondary phases, such as 

carbides. At or below 1100 ÁC, dissolution of the carbides has been reported to be 

sluggish, which impacts grain coarsening and the solid solution content during heat 

treatment [209]. Conversely, the dissolution of secondary phases seems to have 

accelerated significantly at temperatures above 1150 ÁC, leading to a noticeable drop 



 

 

73 

in hardness for samples treated at 1150 and 1200 ÁC within 30 minutes. 

Quantitatively, the hardness reduction is more apparent in the samples heat-treated 

at 1200 ÁC, with a decrease of 25 HV from the initially heat-treated state (i.e., for 10 

minutes) to the sample treated for 30 minutes. OM micrographs of each sample are 

presented in Fig. 4.10.  

 

Figure 4.10 OM micrographs of heat-treated and etched ODS IN625 samples, with 

each row corresponding to temperature and each column corresponding to time. 

Recrystallization is evident in all samples, regardless of the heat treatment 

temperature and duration. An abundance of twin boundaries is observed in each 

sample, though their prevalence decreases with increasing temperature and time. 

Grain size increases progressively with extended heat exposure, with the most 

significant growth occurring in the 1200 ÁC samples. Inadequate dissolution of 

secondary phases for the samples heat-treated at 1100 ÁC restricted the grain growth 

to a certain extent by grain boundary pinning, leading to a stable hardness change 

during the heat treatment. The initial decrease in hardness observed between 10 and 

30 minutes in the 1150 ÁC and 1200 ÁC samples indicates dislocation annihilation, 

internal stress relief and secondary phase dissolution. This occurs while the solid 

solution strengthening effect remains absent since the alloy has not yet achieved a 

uniform solid solution state. Beyond this period, the subsequent increase in hardness 

suggests that the alloy transitions into a more homogeneous solid solution state, free 
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from residual stresses introduced by the L-PBF process. In other words, prolonged 

exposure at these temperatures allows the microstructure to stabilize, overcoming 

transient softening effects. As the material approaches uniformity, its mechanical 

properties begin to improve. Additionally, formation of new nano-oxides at elevated 

temperatures helps hindering grains from further coarsening. Pu et al. stated that the 

grain coarsening after 1150 ÁC is due to the complete dissolution of secondary phases 

and enhanced diffusion of the solute atoms, facilitating the grain growth [210]. 

Therefore, to promote an effective strengthening without much grain coarsening, a 

heat-treatment route of 1150 ÁC for 60 minutes has been chosen for further 

characterization. Fig. 4.11 shows the SEM micrograph of the ODS alloy solutionized 

at 1150 ÁC for 60 minutes. The micron-scale secondary phases correspond to the 

primary carbides of Hf and Nb, which have greater stability where they dissolve in 

the matrix at much higher temperatures (i.e., temperatures exceeding 1200 ÁC) [135]. 

 

Figure 4.11 SEM micrograph of the ODS sample solutionized at 1150 ÁC for 60 

minutes. 
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4.3.2 Direct Aging Temperature 

Recent studies have shown that DA of AM IN625 results in a significant increase in 

the mechanical properties compared to conventional heat treatment routes. In one 

study, Keya et al. used 700, 900 and 1050 ÁC as DA temperatures for 2, 5 and 10 

hours to monitor hardness changes in L-PBF produced IN625, finding a notable 

increase in hardness at 700 ÁC for 10 hours [138]. Similarly, Marcheseôs research 

selected DA temperatures between 600 and 900 ÁC, with treatment durations of 2, 8 

and 24 hours. The hardness of the AB samples peaked at 700 and 800 ÁC after 24 

hours, although the formation of the deleterious ŭ phase was observed at 800 ÁC 

[137]. Both studies demonstrate that mechanical properties improve with extended 

DA treatment durations, regardless of the temperature. Ferraresi et al., on the other 

hand, conducted DA only at 720 ÁC for 8 hours and achieved superior properties 

compared to the other heat treatments such as stress relieving, solutionizing alone, 

or solutionizing followed by aging [211]. According to the recent information, DA 

temperatures are selected as 700 and 800 ÁC, while the duration ranges between 2 to 

36 hours, as illustrated in Fig. 3.7. The hardness values of the DA alloys, with respect 

to the duration of the heat treatment is shown in Fig. 4.12. 
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Figure 4.12 The hardness of the AB ODS alloy and DA ODS IN625 from 2 to 36 

hours at 700 and 800 ÁC. 

As can be seen from Fig. 4.12, short-term DA at both temperatures leads to a notable 

decrease in the hardness, probably because of the relief of the residual stresses 

generated during L-PBF production. Further heat treatment subsequently promotes 

the formation of strengthening ɔǋǋ phase, resulting in an increase in hardness, 

although it has not yet reached the value of the AB alloy. Between the 4 to 12 hours 

range, a competitive trend in hardness is observed between samples. However, a 

decrease in hardness is observed at 700 ÁC between 4 and 6 hours and at 800 ÁC 

between 6 and 12 hours which potentially indicates the onset of phase 

transformations, as shown in the micrographs in Fig. 4.13. The subsequent increase 

in hardness after prolonged thermal exposure (i.e., beyond 6 hours at 700 ÁC and 12 

hours at 800 ÁC) can be attributed to the transformation of initially formed nano-

scale ɔǋǋ phases into ŭ phases, decomposition of MC carbides into M23C6-type 

carbides, and the continued formation of ɔǋǋ phases.  
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Figure 4.13 SEM Micrographs of DA ODS IN625 at a) 700 ÁC ï 4 h, b) 700 ÁC ï 

6h and c) 800 ÁC ï 6 h, d) 800 ÁC ï 12 h. 

For samples treated at 800 ÁC, the initially homogeneous distribution of the 

secondary-phase networks appears disrupted between 6 and 12 hours. Interestingly, 

the TTT diagram of AM IN625 does not indicate rapid formation ŭ phase formation 

and even Laves phase after around 30 hours. Conversely, the TTT diagram of 

conventional IN625 indicates ŭ and even Laves phase formation after around 30 

hours. Given the shift of the formation of the ŭ phase curve in TTT for AM IN625, 

formation of the Laves phase may have taken place in samples treated at 800 ÁC, 

over 24 hours.  

An exceptional increase in the hardness is observed after 12 hours at 700 ÁC and 800 

ÁC, which is consistent with the findings of Marchese et al. However, at 36 hours, 

hardness decreases at 800 ÁC, while showing a slight increase at 700 ÁC [137]. This 
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limited increase in hardness followed by a decrease at 800 ÁC, is likely due to the 

coarsening of the ŭ and Laves phases. Indeed, high-magnification OM micrographs 

of the samples, shown in Fig. 4.14, reveal the presence of the interpenetrated ŭ phase, 

along grain boundaries and within grains. 

 

Figure 4.14 OM Micrographs of DA ODS IN625 at a) 800 ÁC ï 24 h and b) 800 ÁC 

ï 36h. 

For 700 ÁC, 12-, 24- and 36-hour samples come to the forefront due to their relatively 

higher hardness compared to the other samples. Since ŭ phase is generally considered 

detrimental to the properties, a microstructure devoid of this phase is preferable. 

However, the formation of ŭ phase is already observed after just 4 hours of DA at 

700 ÁC. To make a well-supported decision on the DA temperature, both OM and 

SEM micrographs of 12-, 24- and 36-hour samples are shown in Fig. 4.15. In the 12-

hour OM micrograph, melt pool boundaries are clearly visible, while they become 

obscure in the 24- and 36-hour samples. Furthermore, no significant change in the 

morphology of the grain boundaries is observed throughout these durations. 
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Figure 4.15 OM and SEM Micrographs of DA ODS IN625 at a) and b) 700 ÁC ï 12 

h, c) and d) 700 ÁC ï 24 h, e) and f) 700 ÁC ï 36 h. 

The SEM micrographs clearly reveal secondary phases formed during the DA. In all 

samples, micron-sized ŭ are evident. Surprisingly, the size of ŭ phases remained 

fairly consistent across the samples, while mechanical properties improved over 



 

 

80 

time. Additionally, blocky particles appear in the 24- and 36-hours samples. 

According to the TTT diagram and existing studies, these particles are likely MC 

and M23C6 type carbides. Ultimately, following hardness measurements and 

microstructural analysis, 700 ÁC for 24 hours was selected as the optimal DA 

temperature for both STD and ODS alloys. Moreover, solutionizing and aging (SA) 

temperature for the IN625 alloy has been chosen based on the aforementioned 

parameters (i.e., 1150 ÁC for 1h and 700 ÁC for 24h). 

4.4 Microstructur al Analysis 

4.4.1 Microstructure of As-Built Alloys  

SEM micrographs of both STD IN625 and ODS IN625 in as-built (AB) condition, 

where the BD is specified with an arrow, are shown in Fig. 4.16. 

 

Figure 4.16 SEM micrographs of a) STD and b) ODS IN625 under low 

magnification. 

Both microstructures are characterized by a combination of fine cellular and 

columnar structures, a common phenomenon in alloys produced by L-PBF. The 

rapid cooling rates and steep gradients during L-PBF drive the formation of these 

structures. Sub-micron primary dendrites, along with carbides and Laves phases can 

also be observed within the cellular regions [99,212]. Moreover, significant Nb and 
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Mo segregation into the cell boundaries takes place after the L-PBF production of 

IN625 parts [128,144,145,148,213]. The cell structures of the AB STD and ODS 

IN625 are depicted in Fig. 4.17. In the micrograph of STD alloy, columnar and 

cellular structures are apparent and specified in Fig. 4.17a. Besides, melt pool 

boundaries are highlighted with dotted red lines in the same micrograph.  

 

Figure 4.17 SEM micrographs of a) STD and b) ODS IN625 under high 

magnification, showing cellular and columnar structures. 

The micrograph in Fig. 4.18 illustrates the interdendritic sub-micron precipitates in 

ODS IN625. Distinguishing these precipitates using standard SEM techniques is 

challenging, as the use of non-conductive bakelite for mounting causes charging 

effects at higher magnifications during EDX analysis. Nevertheless, they can easily 

be seen using backscattered electron (BSE) mode in SEM at higher magnifications, 

provided in Fig. 4.18. The available literature indicates that these features correspond 

to MC carbides and Laves phases formed during solidification [214,215]. In ODS 






























































